High-Chromium
Ferritic and
Martensitic

Steels for Nuclear

plications

Ronald L. Klueh and
Donald R. Harries

i



High-Chromium Ferritic
and Maritensitic

Steels for Nuclear
Applications

Ronald L. Klueh and
Donald R. Harries

ASTM Stock Number: MONQO3

ASTM

100 Barr Harbor Drive

P.O. Box C700

West Conshohocken, PA 19428-2959

Printed in the U.S.A.



Library of Congress Cataloging-in-Publication Data

Klueh, R. L., 1936-

High-chromium ferritic and martensitic steels for nuclear applications / Ronald L. Klueh and

Donald R. Harries.
p. cm.—(Monograph ; 3)

“ASTM stock number: MONO3.”

Includes index.

ISBN 0-8031-2090-7

1. Steel, Stainless. 2. Steel alloys. 3. Nuclear reactors—Materials—Effects of radiation on.
I. Harries, Donald R., 1930- . II Title. III. Series: Monograph (American Society for Testing
and Materials) ;
TA479.87.K56 2001
620.1"728—dc21 2001033490

Copyright © 2001 AMERICAN SOCIETY FOR TESTING AND MATERIALS, West Consho-
hocken, PA. All rights reserved. This material may not be reproduced or copied, in whole or in part,
in any printed, mechanical, electronic, film, or other distribution and storage media, without the
written consent of the publisher.

Photocopy Rights

Authorization to photocopy items for internal, personal, or educational classroom use, or
the internal, personal, or educational classroom use of specific clients, is granted by the
American Society for Testing and Materials (ASTM) provided that the appropriate fee is
paid to the Copyright Clearance Center, 222 Rosewood Drive, Danvers, MA 01923; Tel:
978-750-8400; online: http://www.copyright.com/.

NOTE: This monograph does not purport to address all of the safety concerns, if any, asso-
ciated with its use. It is the responsibility of the user of this book to establish appropriate
safety and health practices and determine the applicability of regulatory limitations prior
to use.

Printed in Bridgeport, NJ
June 2001



Foreword

Tuis PUBLICATION, High-Chromium Ferritic and Martensitic Steels for Nuclear Applica-
tions, was sponsored by ASTM Committee E10 on Nuclear Technology and Applica-
tions. The authors were Ronald L. Klueh and Donald R. Harries. This is Monograph 3
in ASTM’s monograph series.



Acknowledgments

DURING THE COURSE of preparing this monograph, we contacted and were greatly aided
by many research workers throughout the world, some of whom we knew personally
and others who we knew only by reputation. In addition, The Institute of Materials, The
Institution of Mechanical Engineers, and The British Nuclear Energy Society in Lon-
don kindly provided many useful references and copies of published papers as well as
the loan of the proceedings of relevant conferences. The individuals who aided us are
too numerous to mention, but we are most grateful for their kind and generous assis-
tance. Thanks are also due to those who critically and constructively reviewed the
manuscript, including the anonymous reviewers selected by ASTM and colleagues at
the Oak Ridge National Laboratory who reviewed the respective chapters.

We particularly wish to acknowledge the following individuals: Dr. Roger Stoller,
who recommended ASTM as the publisher for the book, and who, as Chairman of the
ASTM Publications Committee, reviewed the final manuscript; Ms. Megan Baily, who
took copies of the many figures from various sources and produced electronic versions
for publication; Ms. Kathy Dernoga, Manager of New Publications for ASTM, who
worked with us from the beginning; and Ms. Monica Siperko and Mr. David Jones of
ASTM, who took the final manuscript and worked to turn it into this publication.

A large volume of published work has been cited, and the majority of the illustrations
used have been copied from these publications. The authors of the original papers are
referenced in the individual figures, and their efforts are gratefully appreciated. We are
also indebted to the following publishers for permission to use copyrighted material:
Academic Press, AEA Technology, ASM International, American Society for Testing
and Materials (ASTM), Blackwell Science Ltd, British Nuclear Energy Society, ECN-
NRG The Netherlands, Elsevier Science Limited, Forschungszentrum Karlsruhe
GmbH, G+B Publishing Services S.A., Inforum GmbH, SEC-CEN Belgium, The Insti-
tution of Nuclear Engineers, The Institute of Materials, The Minerals, Metals & Mate-
rials Society (TMS), and World Scientific Publishing Co Pte Ltd.

The work was carried out as research sponsored by the Office of Fusion Energy
Sciences, U.S. Department of Energy, under contract DE-AC05-000R22725 with U.T.-
Battelle, LLC.



CONTENTS

Preface
Chapter 1—Introduction

Chapter 2—Development of High (7-12%) Chromium
Martensitic Steels

Chapter 3—Physical Metallurgy of High-Chromium Steels
Chapter 4—Thermal Stability

Chapter 5—Oxidation, Corrosion, and Compatibility
Chapter 6—Hydrogen Isotope Effects

Chapter 7—Joining

Chapter 8—Irradiation Damage, Irradiation Facilities,
Irradiation Testing

Chapter 9—Dimensional Stability—Swelling

Chapter 10—Interfacial Segregation and Precipitation
During Irradiation

Chapter 11—Irradiation Creep

Chapter 12—Irradiation Effects on Tensile Behavior
Chapter 13—Elevated-Temperature Helium Embrittlement
Chapter 14—Irradiation Effects on Impact Properties
Chapter 15—Fracture Toughness

Chapter 16—Fatigue and Fatigue Crack Growth

Chapter 17—Recovery (Annealing) of Radiation Damage
Chapter 18—Summary: Past, Present, and Future

Index

28

39

56

63

71

81

90

103

113

122

135

139

167

177

205

208

217



Preface

The high-chromium (9-12 wt%) ferritic/martensitic steels were developed during the
first half of the last century and have a long history of use in the power-generation in-
dustry as boiler and turbine materials as well as for other applications. The original
steels were based on 12% Cr and 9 and 12% Cr-Mo compositions, but the need for re-
duced generating costs in power plants (higher efficiencies, which means higher tem-
peratures) has resulted in the development of more highly alloyed steels with progres-
sively enhanced creep-rupture strengths. These developments have allowed the
maximum operating temperatures in the boilers to be increased from less than 450 to
620°C and the 10° h creep-rupture strengths to be raised from around 40 to 140 MPa.
Advanced steels of this type are now being developed with a target operating tempera-
ture of 650°C and a 10° h creep-rupture strength of 180 MPa.

High-chromium Cr-Mo steels were selected for use in steam generators of nuclear
power plants during the 1960s, and steels with additions of V, Nb, and/or W and with
oxide dispersions were subsequently chosen and evaluated as fuel element core com-
ponent (ducts and cladding) materials in sodium-cooled fast breeder reactors. Since the
late 1970s, the steels have also been considered as potential first wall and breeding blan-
ket structural materials in fusion reactor systems. The fission (in-core) and fusion re-
actor applications require steels that are resistant to radiation damage induced by bom-
bardment from high-energy neutrons as well as to retain adequate toughness and
elevated-temperature strength during service. The requirement for safe and routine op-
eration and decommissioning of a fusion plant and the disposal of radioactive wastes
has also demanded the development of steels with enhanced radioactive decay charac-
teristics. This development of “reduced-activation” steels, containing W, V, Mn, Ta, and
Ti and without Mo, Nb, Ni, and other radiologically undesirable elements and possess-
ing an appropriate combination of the other desirable properties, is still progressing.

This monograph presents a detailed review of the development of the high-chromium
ferritic/martensitic steels for exposure to the high-energy neutron environment of a fis-
sion or fusion reactor, and the book should be of most interest for people involved in
the use of the steels for nuclear applications. However, to provide a baseline for under-
standing the irradiation effects on the steels, it is first necessary to understand the ba-
sic properties of the steels under nonnuclear conditions. Therefore, many of the chap-
ters are devoted to such considerations, and it is hoped that this information will be of
interest to readers beyond those involved in nuclear applications.
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Most of the information on ferritic/martensitic steels for nu-
clear applications comes from studies on commercial Cr-Mo
steels, primarily 9-12% Cr, 1-2% Mo, 0.1-0.2% C with small
amounts of V, Nb, W, Nj, etc. (Compositions throughout the
book will be in wt% unless otherwise stated.) These were the
ferritic steels considered first for fast breeder fission reactors
in the early 1970s and then in the late 1970s for fusion appli-
cations. The steels became of interest because of their
swelling resistance compared to austenitic stainless steels,
which were the primary candidates for both applications up
to that time [1,2].

In recent years, most of the developmental studies on the
ferritic/martensitic steels for nuclear applications have been
for fusion, and much of the discussion in this book will be on
that application. Since the mid-1980s, the fusion materials
programs in Japan, the European Union, and the USA have
been developing ferritic/martensitic steels that would lessen
the environmental impact of the irradiated and activated
steel after the service lifetime of a fusion reactor. As dis-
cussed throughout this book, these new “reduced-activation”
ferritic/martensitic steels display the same general behavior
as the conventional steels, but there are quantitative differ-
ences. Often, some of the properties of the reduced-activation
steels are better than those of the conventional steels.

The amount of data available for reduced-activation steels
either in the unirradiated or irradiated condition is not as
extensive as for the conventional steels, since many of the
conventional steels are used for elevated-temperature appli-
cations to 550 to 600°C in the power-generation and petro-
chemical industries. As a result, the metallurgical character-
istics and mechanical and physical properties of the
conventional steels are reasonably well understood, and com-
prehensive mechanical properties compilations are available.

Fusion applications require information on some mechan-
ical properties that differ from those normally measured
(e.g., thermal fatigue). However, from the wealth of data
available, indications are that a range of ferritic/martensitic
steels have properties that make them viable candidates for
fusion applications to 550 to 600°C. The maximum operating
temperature will be determined by the creep properties and,
under some circumstances, by the compatibility with the op-
erating media (i.e., water, liquid lithium, liquid Pb-Li eutec-
tic, etc.) of the fusion power plant. The major difference in
the fission and fusion environments and the environments of
most other applications is the neutron flux of the nuclear ap-
plications. Fast fission and fusion applications differ in this
respect—a much higher-energy neutron flux is produced by
fusion neutrons.

Copyright® 2001 by ASTM International
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Chapter 2 provides some information on fission and fu-
sion systems for which the high-chromium ferritic/marten-
sitic steels are to be used. In fast reactors, ferritic/martensitic
steels are considered primarily in the fuel subassembly as
fuel pin cladding and wrapper material. The use of these
steels as structural materials for a fusion reactor first wall
and blanket structure provides a much bigger challenge, and
considerable work on determining a range of properties has
been carried out for this application. Much of the work on ir-
radiated steels for both fast fission and fusion applications
has been on steels irradiated in fast reactors. Because in re-
cent years the development of fast fission reactors has been
de-emphasized while work on the fusion application contin-
ued, much of the emphasis of the discussion in this book is
on the fusion application. However, most of the information
obtained in the fusion program applies for fast fission appli-
cations, because most neutron irradiations were carried out
in fission reactors, and mostly in fast reactors.

This book will show that fission and fusion reactors pre-
sent a difficult challenge for the materials community, but it
will also demonstrate that considerable progress has been
made. The following two sections of this chapter will provide
a brief introduction to some of the ways ferritic/martensitic
steels will help meet the challenge.

ADVANTAGES AND LIMITATIONS OF
MARTENSITIC STEELS FOR FUSION

Austenitic stainless steels were the first structural materials
considered for both fast fission and fusion applications. To
reach higher operating temperatures (=700°C) in a fusion
plant, superalloys and refractory metal (Nb, Mo, V, and Ti)
alloys were considered. Ferritic/martensitic steels were not
considered originally for fission because of elevated-temper-
ature strength and coolant compatibility considerations.
They were not considered originally for fusion because of the
fear of possible complications caused by the interaction of a
ferromagnetic material within the high magnetic fields in a
fusion plant. The steels were considered only after prelimi-
nary calculations [3-5] indicated that possible problems
caused by a ferromagnetic material can be handled in the re-
actor design.

Two types of problems are of concern with the use of a
ferromagnetic material in the high magnetic field of a fusion
reactor: (1) the effect of the field perturbation caused by the
ferromagnetic material on the plasma, and (2) the magneto-
static forces on the ferromagnetic structure due to the mag-

Wwww.astm.org



2 HIGH-CHROMIUM FERRITIC AND MARTENSITIC STEELS FOR NUCLEAR APPLICATIONS

netic field. Early calculations [3-5] indicated that the field
pertubations were small and confined to the end region and
on the same order of magnitude as the field ripples produced
by the central cell magnets. Based on the calculations of the
magnetostatic forces on a ferritic steel pipe in the magnetic
field of the machine, the stresses were found to be small but
not negligible, and it was concluded that they must be incor-
porated in the stress analysis of the design [3-5]. Similar re-
sults have been obtained by later calculations [6-10]. It must
be emphasized that the favorable conclusions on the ferro-
magnetic interactions were reached from simplified calcula-
tions (e.g., the calculation of stresses on a coolant pipe, etc.).
No comprehensive analysis of ferromagnetic effects for the
blanket structure and primary coolant circuit has been at-
tempted, although such studies are presently in progress in
Japan [9]. Experimental work is also in progress in Japan,
where a ferritic steel liner is being installed in a small toka-
mak vessel [10].

As a result of work during the last 20 years or so, most of
the refractory metals have been eliminated for use as the
structural material of the first wall and blanket structures
because of inadequate physical or mechanical properties or
because they did not meet the reduced-activation criteria
to be discussed below. Austenitic stainless steels are
considered unsuitable for a fusion power plant because of
high swelling rates and high thermal stresses caused by the
low thermal conductivity and high thermal expansion
coefficient. Austenitic stainless steels are still considered as
the structural material for experimental fusion machines,
such as the International Thermonuclear Test Reactor
(ITER). At present, there are only three materials considered
viable candidates for structural components for a fusion
power plant: vanadium alloys, SiC/SiC composites, and
ferritic/martensitic steels.

Martensitic steels containing 9-12% Cr with about 1% Mo,
0.1-0.2% C and combinations of small amounts of V, W, Nb,
etc., have the strength, including elevated-temperature
strength, and thermal properties (conductivity and expan-
sion coeflicient) that result in excellent resistance to thermal
stresses [1]. Creep strength of these types of steels is adequate
to 550 to 600°C, and they have been used at these tempera-
tures in the power-generation and chemical and petrochemi-
cal industries.

Because of the widespread use in industrial applications,
the technology for production and fabrication of all types of
product forms exists [11]. All conventional melting practices
as well as various special melting techniques, including elec-
tron-beam, electroslag, and vacuum melting, have been used
to produce the steels. The steels are hot and cold workable by
all methods. Forgings up to 70 tons have been produced, and
the steels can be rolled to thin sheet and strip. Standard heat
treatment facilities are adequate for the normalizing and
tempering or quenching and tempering conditions that the
steels require before use.

Any structural material used for fabrication of a fusion
power plant would have to receive the appropriate code ap-
proval for the country in which the plant was constructed
(i.e., ASME Boiler and Pressure Vessel Code, etc.). Conven-
tional ferritic/martensitic steels of the type being considered
for fusion have been approved for design by code bodies in
the USA, Europe, and Japan. In the USA, modified 9Cr-1Mo

(nominally Fe-9Cr-1Mo-0.25V-0.06Nb-0.1C) and 2%Cr-1Mo
(nominally Fe-2.25Cr-1Mo-0.1C) steels are included in the
ASME Boiler and Pressure Vessel Code Section VIII for
petrochemical and chemical pressure vessels and in Section
III for nuclear pressure vessels, including high-temperature
liquid metal fast fission reactor systems, as described in
ASME Code Case N-47.

Welding will be required in the fabrication of a fusion
power plant, and ferritic/martensitic steels are readily weld-
able. However, stringent procedures are required to obtain
quality welds with maximum properties. For the 9-12% Cr
steels, a preheat of 150 to 450°C [12-14]is generally required.
In some cases, interpass temperature control can be used to
prevent transformation to untempered martensite. Finally, a
post-weld heat treatment (PWHT) is required as soon as pos-
sible after welding to temper the martensite in the high-
chromium (5 to 12%) steels. (Low-chromium steels, e.g.,
24,Cr-1Mo, are weldable with fewer restrictions.) Welding
will be discussed in detail in Chapter 7.

A fusion power plant will require field erection, which
means that for a 9-12% Cr structural steel the preheat and
PWHT will be performed in the field. The technology of field
fabrication is well developed [15]. Pressure vessels for nu-
clear and petrochemical applications have been built in com-
pliance with the ASME Code. Examples of large structures
that have been fabricated in the field include: (1) nuclear con-
tainment vessels 46 m in diameter, over 73 m high, weighing
over 6350 tons with the entire structure given a PWHT in the
field; (2) 91-m-high heavy water columns up to 8.5-m diame-
ter (1900 metric tons) with the entire structure given a field
PWHT; and (3) coal-conversion vessels 59-m high with unit
weights of 760 metric tons and wall thicknesses up to 89 mm
[15). Therefore, the technology for field fabrication of a steel
fusion structure will not have to be developed.

Of the three materials presently considered for fusion ap-
plications, ferritic steels have the advantage for the construc-
tion of the massive structure of a fusion power plant based on
past experience. For both vanadium and SiC/SiC composites,
the techniques for constructing such a structure (joining,
etc.) must still be developed. In addition, these materials have
numerous problems that must be solved before the feasibility
of their use can be proved. Besides the problem of a ferro-
magnetic material in high magnetic fields discussed above,
the most serious problem faced by ferritic/martensitic steels
is the effect of neutron irradiation on the fracture behavior,
which will be discussed in detail in later chapters.

LOW- AND REDUCED-ACTIVATION
CONSIDERATIONS

The safety of a fusion power plant depends on (1) the struc-
tural integrity of the plant and the probability of its failure,
(2) the radioactive decay heat generated in the absence of
coolant, and (3) the paths for dispersion of radioactivity to
the plant surroundings during an accident. The ideal struc-
tural material for accident conditions, as well as normal
operations, would be a “low-activation” material, that is, one
that would not activate (would not become radioactive),
would activate to a benign level, or, alternatively, one that
would quickly decay (within minutes or hours) to a benign



level after activation [16]. A low-activation material would
negate the consequences of a loss of coolant accident or any
other incident that could cause an accidental release of ra-
dioactive debris. Such a material would also allow for
“hands-on” maintenance of the plant, instead of the much
more complicated and expensive remote maintenance re-
quired with a radioactive plant.

At present, no “low-activation” structural materials as de-
fined above exist. A recent study (discussed in detail in
Chapter 2) [17] indicates that the activation of SiC, which
has often been labeled “low activation,” is considerably
lower than a V-5Cr-5Ti alloy and OPTIFER, a Cr-W fer-
ritic/martensitic steel developed for “reduced activation” in
the European Union. Indeed, according to the study [17],
the activity of SiC about 100 y after shutdown is higher than
that of V-5Cr-5Ti and OPTIFER. Therefore, safety will need
to be engineered into a fusion structure constructed from a
vanadium alloy, a SiC/SiC composite, or a reduced-activa-
tion ferritic steel.

Environmental effects will be produced from the disposal
of fusion reactor components when they are replaced during
operation or following the decommissioning of the plant
[16]. This radioactive waste will have to be disposed of in a
safe manner harmless to the environment. Depending on the
elements present, the decay of induced radioactivity in a con-
ventional ferritic/martensitic steel can take thousands of
years. Such highly radioactive nuclear waste is disposed of by
deep geological storage. To improve this situation, programs
in Europe, Japan, the Soviet Union, and the USA were started
in the mid-1980s to develop “low-activation” or “reduced-ac-
tivation” ferritic steels [18-26] with the objective of shallow
land burial or recycle of the material after its service lifetime
and after some suitable “cooling-off” (radioactivity decay) pe-
riod, usually assumed to be 100 years. In the USA, a Depart-
ment of Energy Panel used U.S. Nuclear Regulatory Com-
mission 10 CFR Part 61 guidelines to suggest that wastes at
least meet the criteria for shallow land burial [16]. The 10
CFR Part 61 guidelines were set up for storage and disposal
of low-level nuclear wastes from fission reactors, and it is not
known how they might apply to fusion wastes generated
many years in the future.

It should be noted that the term “low activation” is
often used interchangeably with “reduced activation” to
describe the vanadium alloys, SiC/SiC composites, and
ferritic/martensitic steels developed to ease radioactive
disposal, even though they do not meet the criteria for low
activation as described above (i.e., a material that does not
activate or activates to a very low level). As presently defined,
a reduced- or low-activation steel is one that will be disposed
of by shallow land burial (according to the 10CFR Part 61
guidelines). As an alternative, recycling has been suggested
[18]. The composition of such a steel needs to be adjusted to
contain only elements that form radioactive products that
decay rapidly (in tens or hundreds of years rather than
thousands of years) to low levels. Calculations were made to
determine which elements must be replaced in conventional
Cr-Mo steels to obtain a rapid decay of induced radioactivity
levels after irradiation in a fusion reactor [16]. Such
calculations indicated that the common alloying elements
used in steels that must be eliminated or minimized include
Mo, Nb, Ni, Cu, and N [16].

CHAPTER 1: INTRODUCTION 3

As discussed in Chapter 2, reduced-activation ferritic
steels were developed [18-30] by replacing molybdenum in
conventional Cr-Mo steels by tungsten and/or vanadium,
and by replacing niobium by tantalum. Alloy development
studies have shown that reduced-activation steels can be
produced that offer the promise of fast-induced radioactiv-
ity decay and whose properties compare favorably with the
conventional candidate materials. Final radioactivity levels
for such a “reduced-activation” or “low-activation” steel is
calculated to be over two orders-of-magnitude lower than
for conventional Cr-Mo steels after a “cooling-off” period. It
may be possible to recycle such a steel or to dispose of it by
shallow land burial, instead of the much more expensive
deep geological disposal, thus providing a substantial eco-
nomic benefit for fusion power. Even if deep geological
burial is necessary, reduced-activation steels would be of
benefit because of reduced personnel exposure during the
waste-disposal process.

In the development work on the reduced-activation mate-
rials, steels have been produced without adding any of the re-
stricted elements (i.e., Nb, Ni, Mo, N) to demonstrate that the
mechanical and physical properties of the steels would be as
good or better than the properties of the conventional steels
[22-30]. In those instances where special effort was made to
lower the restricted elements, emphasis was focused mainly
on eliminating niobium because of the very low concentra-
tions (<1 wppm) of that element that will be required to meet
criteria for shallow land burial or recycling [31]. Besides the
elements Mo, Nb, Ni, Cu, and N, other elements (e.g., Co, Bi,
Cd, Ag, etc.) that could appear as tramp impurities must be
restricted to extremely low levels if the goals of shallow land
burial or recycling are to be achieved [32-34].

This chapter introduced some important considerations
for the conventional high-chromium ferritic/martensitic
steels in relation to the nuclear applications for which they
are being considered. It also introduced the new steels being
developed to better adapt this type of steel to that application.
In the following chapters, these and other aspects of the
steels will be examined in detail.
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Development of High (7-12%)
Chromium Martensitic Steels

The development of 9-12% chromium steels is reported to
have originated in 1912 with the manufacture of a 12%
Cr:2-5% Mo steel for steam turbine blades by Krupp and
Mannesmann in Germany [1,2]. However, in 1912-13 Brear-
ley in the U K., while attempting to develop high-temperature
steels for gun barrels, accidentally discovered that marten-
sitic steels containing 13% Cr and 0.2% C did not rust [3]; the
stainless characteristics of high-chromium steels were also
recognized by Haynes in the USA and by Strauss and Maurer
in Germany at about the same time. The high-chromium,
high-carbon martensitic steels were hard and had a sharp
cutting edge and were subsequently developed commercially
for applications such as cutlery knives and tableware in com-
petition with austenitic stainless steels as well as for razors,
scalpel blades, and heat-resisting tools and bearings [4].

The 9 and 12% Cr transformable steels with lower carbon
(0.1% max) contents and additions of Mo, W, V, Nb, N and
other elements, possessing higher creep-rupture strengths
combined with good oxidation and corrosion resistance at
elevated temperatures, have subsequently been developed.
These steels have been used or considered for use in petro-
chemical and chemical plants, gas turbine engineering,
aircraft and aerospace industries, electrical power plants,
and as nuclear fission and fusion reactor components. The
steel compositions are given in Tables 2.1 and 2.2.*

The petrochemical and chemical processing industries uti-
lize the steels in the form of thin tubular products in hydro-
gen desulfurization systems and in plants for the combustion
of oil and the containment of various chemical products. The
9Cr-1Mo (T9) type of steel [5], possessing fairly moderate
creep-rupture strength, was initially developed in the 1930s
for such applications. However, the principal uses of the
high-chromium martensitic steels are currently for compo-
nents in gas turbines and in the boilers and turbines in steam
power plants. The development and usage of the 9-12% Cr
steels for these applications, as well as the 7-12% Cr steels for
core components in fast breeder reactors and as potential
first wall and breeder blanket structural materials in fusion
reactor systems, are surveyed in this chapter.

* The steels in Tables 2.1 and 2.2 are designated according to their
principal alloying elements (Cr, Mo, W, V, Nb, etc.) contents; for ex-
ample, 9Cr-1MoVND is the designation for the modified 9Cr-1Mo
steel, which contains (by weight) 9% Cr, 1% Mo, and lesser amounts
of V and Nb. Trade names (e.g., Firth Vickers FV448, Nippon Steel
NSCRSY, Sandvik Steel HT9, etc.) and/or related specification codes
(AISI, ASME, Werkstoff, DIN, etc.) are also given where appropriate,
while the newer steels are indicated by the designations assigned by
their developers.

Copyright® 2001 by ASTM International
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GAS TURBINES

The simple 12Cr and the 9 and 12Cr-Mo steels in the hard-
ened-and-tempered condition have been used widely at mod-
erate stresses and temperatures in the chemical and power
plant industries. However, the introduction of gas turbine en-
gines of the jet and prop-jet types for powering military and
civil aircraft during and in the years immediately following
the Second World War, and subsequently in land-based, ma-
rine, and aerospace power installations, led to the require-
ment for steels possessing good corrosion resistance and su-
perior mechanical properties at high temperatures. This
provided the impetus for the progressive development and uti-
lization of several high-chromium martensitic steels, ranging
from the plain 12Cr through the 12Cr-MoVNb (high-carbon
FV448 and H46), 12Cr-NiMoV (M152), and 12Cr-MoV
(FV607) to the 12Cr-MoVNbWCo (FV535 and H53) grades,
with enhanced tensile proof and ultimate stresses and creep-
rupture strengths at temperatures up to 550°C and times of
=10* h for gas turbine disks (diameters and thicknesses typi-
cally 1600 to 1950 and 240 to 550 mm, respectively), com-
pressor wheels, blades, bolts and/or sheet structures [6-10]. A
super-clean 12Cr-2.6Ni-2MoVNDN steel has been developed
for heavy duty gas turbine applications in Japan [11], and the
12Cr-MoVNDbW (COST Steel “E”) is being evaluated as a po-
tential disk material in Europe [12]. Recent developments in
electro slag refining (ESR) involving high nitrogen pressures
(pressurized ESR) have also enabled 12Cr steels with nitrogen
levels as high as 0.3% to be produced [13]. These steels have
been considered for use as disk materials in gas turbines; they
possess high tensile strength and ductility, improved tough-
ness, and promising short-term (10 000 h) creep-rupture
strength up to 600°C [14].

STEAM POWER PLANTS

The majority of large fossil-fired power plants were operated
at sub-critical steam conditions (pressures =22 MPa) prior to
about 1990; the main steam temperature was standardized at
540°C worldwide, although 565°C was the standard for coal-
fired plants in Europe, particularly in the U.K., with the steam
pressure being typically 18 MPa. However, the need to develop
fossil-fired power plants with reduced generating costs and
acid rain and greenhouse gas productions was widely recog-
nized in the late 1970s and early 1980s and subsequently led to
the design and construction of supercritical or ultrasupercrit-
ical (USC) and combined cycle power plants with improved

Wwww.astm.org
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TABLE 2.1—Compositions of commercial and developmental 9% Cr martensitic steels.

Country
Steel Type Designation of Analysis (wt. %)
Origin ] Si Mn Cr Ni Mo \'4 Nb w N B
9Cr-1Mo 9Cr -1Mo* UK 0.10 0.70 0.50 9.5 0.20 1.0 N
T9 Japan | <0.15 0.25- | 0.30- 8.0- 0.90-
1.00 0.60 10.0 1.10
EM10* France 0.10 0.30 0.50 9.0 0.20 1.0
9Cr-2Mo _HCM9M* Japan 0.07 0.30 0.45 9.0 2.0
NSCR9* Japan 0.08 0.25 0.50 9.0 010 | 16 0.15 0.05 0.030 § 0.003
EM12 Belgium/ | 0.08- | 0.30- | 0.90- 9.0- 1.9-2.1| 0.25- | 0.35-
France 0.12 0.50 1.20 10.0 0.35 0.45
JFMS* Japan 0.05 0.67 0.58 9.6 0.94 23 0.12 0.06
9Cr-MoVNb | Tempaloy F-9 { Japan 0.04- | 0.25- | 0.40- [8.0-9.5 0.90- | 0.15- { 0.20- <0.005
0.08 | 1.00 0.80 1.1 0.45 0.60
T91 USA 0.08- | 0.20- | 0.30- [8.0-9.5[<040 | 0.85- | 0.18- ]| 0.06- 0.030-
0.12 0.50 0.60 1.05 0.25 0.10 0.070
9Cr-MoVNbW COST ‘B Europe 0.17 0.10 0.10 9.5 0.10 1.5 0.25 0.05 0.005 | 0.010
E911* Europe 0.10 0.20 0.40 9.0 0.20 1.0 0.20 0.08 1.0 0.070
TF1* Japan 0.12 0.20 0.50 9.0 0.80 0.60 0.26 0.06 1.6 0.050 | 0.003
TB9 (NF616) | Japan 0.07- [<0.05 | 0.30- |8.595|<040 | 0.30- | 0.15- | 0.04- {1.5-2.0| 0.050- | 0.001-
(1T92) 0.13 0.60 0.60 0.25 0.09 0.070 | 0.006
*typical composition
i ]
TUBE g
HEADER f *
ROT%SI TURBINtE gé\SING
up to 1 up to 1

FIG. 2.1—Comparison of section dimensions of steam plant components [15].

thermal efficiencies. The requirement for operation with ad-
vanced (higher temperature and pressure) steam cycles in turn
resulted in the establishment of a number of coordinated re-
search and development activities in Japan [spearheaded
since 1980 by The Electric Power Development Company Lim-
ited (EPDC)], the USA [the Electrical Power Research Institute
(EPRI) Project RP 1403 initiated in 1985], and in Europe [Co-
operation in Science and Technology (COST) 501 Programme
initiated in the early 1980s]. These studies have focused on the
development of highly alloyed 9-12Cr steels for boiler (super-
heater and reheater tubing and large-diameter, thick-walled
pipes for steam lines and headers) and turbine (rotors, casings
and valves, blades, bolts, etc.) components for operation at in-
let steam temperatures up to 620 or 630°C and pressures of 30
to 34 MPa, with further developments for applications up to
650°C. The requirements of the materials for the steam tur-
bine components differ from those of boilers in that they must
be met with very large section sizes; the relative dimensions of
boiler tubes, headers, turbine rotors, and turbine rotor inner
casings are indicated in Fig. 2.1 [15].

The general requirements of the steels may be summarized
as follows [16]:

® Ease of fabrication of large forged and cast components
and of weldability for tubes and pipes.

® Through hardening and uniformity of mechanical proper-
ties in rotor forgings with diameters up to and in excess of

1.2 m.
® High creep and rupture strengths at temperatures of

600°C; a creep-rupture strength of 100 MPa at 600°C and

10° h has been the target for turbine components.

® High toughness and resistance to both embrittlement
and softening during long-term service at elevated temper-
atures.

® Resistance to steam oxidation and also to fireside corro-
sion in the case of boiler tubes.

The respective programs have been described and the in-
formation and data generated reporied in technical publica-
tions and proceedings of many international conferences
held during the past 15 to 20 years [17-37].
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Boiler Components

The compositions of newly developed higher-strength fer-
ritic/martensitic steels are included in Tables 2.1 and 2.2, and
the progress in their development for boiler applications is
depicted in Fig. 2.2 [38]. It should be emphasized that there
are considerable uncertainties in predicting the long-term
creep-rupture strengths of the steels by extrapolation of
short-term data usually obtained by testing in air. The com-
plications arise as a consequence of scatter in the experi-
mental data, microstructural changes that occur during
testing and affect the deformation and fracture, and oxida-
tion, which reduces the effective load-bearing cross-section.
These effects and the various extrapolation procedures
employed have been described elsewhere [39,40]. Neverthe-
less, progressive improvements in creep resistance have been
achieved by close control of the major and minor alloying el-
ement concentrations so as to: (a) optimize the constitution

and §-ferrite content by additions of the austenite-stabilizing
elements Cu and Co, (b) maximize the solid solution
strengthening by W, Mo, and N, (c) stabilize the martensite
dislocation structure and the M,3Cq type precipitates by B ad-
ditions, and (d) enhance the precipitation strengthening by
the formation of fine particles of VN and Nb(CN), which are
highly resistant to coarsening.

Many different steels, including 0.5Cr-MoV, 1.0Cr-0.5 Mo
(T11), 2.25Cr-1Mo (P/T 22), and 9-12Cr, have been used
worldwide for boiler tubing and steam piping in thermal
power plants. The high-chromium steels have superior
strength and oxidation resistance compared to the low-alloy
steels. Furthermore, the 12Cr steels have better oxidation re-
sistance than the 9Cr materials, and higher-strength versions
of the former are therefore more suitable for use in the high-
temperature parts of superheaters, which are susceptible to
heavy corrosion and also, in some cases, for reheater tubing
[41]. The temperature of the steam piping does not exceed

105 h Creep-Rupture Strength at 600°C
35 MPa 60 MPa 100 MPa 140 MPa 180 MPa
+Mo
—
[HCMoM]
~-C+V
+ Mo + Nb
[ scr-1Mo His-{ acr-2Movnn |
[ASME T9] [EM12]
+V+Nb
V,Nboptimized | -Mo +W
L] 9Cr-1MoVNb }—+-{ 9Cr-1Movib 9Cr—0.5Mo- |
[Tempaloy F-9] [ASME T91] 1.8WVNb
[NF616; ASME
T92)
+Cr
+Mo +W4+Co
-—>| 12Cr-0.5Mo | 12Cr-0.5Mo-| |1, [ 12Cr-wCo-
[AISI 410] 1.8WVNb NiVNDb
+Mo [T812] INF12]
+V
y
12Cr-1MoV
[HT91; DIN
X20CrMoV12 1]
+W
 J ~C+Nb+W Mo +W +Cu +Co
hi2cr-1mMovw | 12Cr-1Mo- 12Cr—0.5Mo-| 12Cr-WCo-
PP—— TWVNb 2WVNbCu VNb
X20CeMoVW12 1] {HCM12] [HCM12A; [SAVE12)
ASME T122]

FIG. 2.2—Development of 9-12% chromium ferritic/martensitic steels [38].
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10 HIGH-CHROMIUM FERRITIC AND MARTENSITIC STEELS FOR NUCLEAR APPLICATIONS

that of the steam, and the oxidation resistance of the 9Cr
steels is satisfactory for these components; however, a steel
with high yield and creep-rupture strengths is advantageous
for application as thick-walled (typically =230 mm) steam
pipes as thinner sections can be used and thermal stress and
fatigue loading are thereby minimized.

The X20CrMoV 12 1 (HT91) [42] steel has been utilized
widely for superheater tubes, steam pipes, and thick-section
boiler headers at steam pressures up to 25 MPa and temper-
atures of 540 and 560°C in European power plants; there is
also extensive service experience on the duplex (tempered
martensite plus §-ferrite) 9Cr-2Mo (HCM 9M) steel [43,44]
for similar applications at temperatures up to about 593°C in
Japan and the 9Cr-2MoVNb (EM12) steel for superheaters at
temperatures up to 600°C in France [45]. The modified 9Cr-
1Mo steel (T/P/F 91) [46,47], in which the V and Nb contents
have been optimized, is being increasingly used throughout
the world for superheater tubing, headers, and piping with
conventional steam conditions and also for advanced plants
with steam inlet temperatures up to 593°C. This steel can be
readily fabricated and welded and has a favorable combina-
tion of properties (high yield and creep-rupture strengths and
allowable stresses) against which those of newer steels have
to be judged. The T/P91 steel has thus been the basis for the
further development in Japan of advanced grades, such as the
9Cr-MoVNbW (NF616; TB9; P92) [48,49], 12Cr-MoVNbW
(HCM 12) [5C,51], and the 12Cr-MoVNbWCu (HCM 12A)
[52-54] steels for USC applications as large-diameter, thick-
walled pipes [NF616 (T92)and HCM 12A (T122)]{55] and su-
perheater and reheater tubes (HCM 12), while the 9Cr-
MoVNbWN (E911) [56,57] steel, first evaluated as a rotor
steel, is in an advanced stage of development as a tube and
pipe material in Europe. The predicted 10° h/600°C creep-
rupture strength of the E911 steel is slightly lower (105 MPa
[39] and 108 MPa [58]) than that of the NF616 (P92) steel
(112 to 130 MPa [39,48,58,59]) but superior to that of the
modified 9Cr-1Mo (P91) steel (94 [58] and 87 MPa [60]). Two
new 12Cr-MoVNbWCo boiler steels (NF12 [38,61,62] and
SAVE 12 [38, 63]) with 10° h/600°C creep-rupture strength of
=180 MPa have been laboratory tested in Japan; the SAVE 12
steel has small additions of Ta and Nd, which are reputed to
enhance the creep-rupture strength in the 600 to 650°C tem-
perature range [63].

Other developments being pursued include the elimination
of welding in the production of complex-shaped boiler com-
ponents by manufacturing the header and nozzle as one unit
by hot isostatic pressing (HIPping) of E911 steel powders
[57].

Turbine Components

The designations and compositions of the steels utilized for
steam turbine components together with the newer high-
chromium martensitic steels developed for these applica-
tions are also included in Tables 2.1 and 2.2.

Rotors

1.0Cr-MoV, 3.5Ni-CrMo(V) and conventional 12Cr steels
have been used for turbine rotor forgings in subcritical plants
as they have adequate creep-rupture strength, thermal-
fatigue resistance, hardenability, and toughness for opera-

tion with steam inlet temperatures up to 540 to 565°C.
Tungsten-containing 12Cr steels, such as AISI 422, GE, and
the modified GE steel, possessing improved properties com-
pared to the 1.0Cr-MoV steel, were developed for turbine ro-
tors in the USA in the 1950s and 1960s, and the GE steel has
been used successfully in supercritical plants with a steam
temperature of 565°C for more than 25 years [64]. However,
the creep-rupture properties of these steels are inadequate
for operation in supercritical and USC plants operating at
595 to 650°C. Also, the 12Cr steels developed in the late 1940s
and 1950s for gas turbine applications were not considered
suitable for large rotor forgings and other steam turbine
components as they were susceptible to segregation, had rel-
atively poor forgeability and weldability as well as fracture
toughness, and were microstructurally unstable {65]. Thus,
while the steels had high creep-rupture strengths at =550°C
for times of ~10* h appropriate to jet engines, their rupture
strengths decreased rapidly at the times of ~10° h required
for steam turbines.

The development of ferritic/martensitic rotor steels with
improved creep-rupture strengths at =565°C was initiated
in Japan in the 1950s; the development was focused on
the 12Cr-MoV type, and a 12Cr-MoVNbB steel (TAF)
[19,26,66] was used for the manufacture of small rotor for-
gings. Subsequent investigations during the 1970s led to
the development of the 12Cr-MoVNb (TR1100; TMK1
[19,26,66,67] and TOS 101 {68,69]) and 12Cr-MoVNbWN
(TR1150, TMK2[19,26,66,67] and TOS 107 [68,69]) steels de-
signed for use at 593 and 620°C, respectively, and the more
highly alloyed 12Cr-MoVNbW (TR1200 {19,26]) and 12Cr-
MoVNbWCoB (HR1200 [61,70] and TOS 110 [68,69]) steels
aimed at inlet steam temperatures =630°C; the TMK1 and
TMK?2 steels have been used for the manufacture of turbine
rotor forgings for Japanese supercritical steam power plants
operating at =593°C [67].

Several new turbine rotor steels [9.5Cr-MoVNDbB (Steel
“B”), 10.5Cr-MoVNbWN (Steel “E”) and 10.2Cr-MoVNbN
(Steel “F”)] have also been developed as part of the European
COST 501 program [65,71]. The steels have been used for the
manufacture of prototype rotor forgings and sectioned for
characterization studies and short- and long-term mechani-
cal property investigations, while Steel “F” rotors have been
manufactured and operated at high steam temperatures and
pressures in Danish power plants.

The high-pressure/low-pressure combination (HLP) rotor
shafts are used widely in the steam turbine side of the com-
bined-cycle power plants. The increases in power generation
capacity of the combined-cycle plants necessitate an increase
in the size of the HLP turbines, and their diameters may well
approach 2000 mm in the near future. Several 2.0-2.5Cr-
MOoNiV steels have been successfully developed for such large
turbines [72]. However, further increases in section size will
result in higher stresses and the need for greater toughness in
the center portions, which cannot be met with the low-alloy
steels. High-purity 9Cr-MoVNiNbN steels have therefore
been evaluated as potential rotor forging materials in large
HLP turbines [73].

Attempts have been made to enhance the creep resistance
of the 10-12Cr rotor steels by the direct addition of thermally
stable carbides [{W,Ti)C and (W,Nb)C] to the melt under
nonoxidizing conditions; the objective is to produce a fine



CHAPTER 2: DEVELOPMENT OF HIGH (7-12%) CHROMIUM MARTENSITIC STEELS 11

dispersion of precipitates in the matrix so as to reinforce that
produced by the normal solid-state heat treatments.

Casings and Valve Bodies

Modified 9Cr-1Mo steels with increased nitrogen contents
(G-X12CrMoVNb 9 1 [64,71] and G-X12CrMoVNDbN 10 1 1
based on COST Steel “E”[15,71]) in the form of large castings
have been used in Europe for valve chests and casings of HP
and intermediate pressure (IP) turbines with main and re-
heat temperatures of 580 to 600°C; these replace the previous
standard conditions of 540 to 565°C using low-alloy (1.0Cr-
MoV, 1.25Cr-0.5Mo, and 2.25Cr-1Mo) steel castings [15,64].
The production and properties of the modified 9Cr-1Mo steel
(F91) in the form of a thick (400 to 500 mm) forging for
turbine valves have also been investigated [75]. Other steels
developed in Japan for casings and valve bodies include 9Cr-
MoVNbW (TF1) [26] and 12Cr-MoVNDb (TOS 301) [69]; the
use of the 9Cr-MoVNbW [NF616 (T/P 92)] steel in the cast
form has also been considered [76], while the 12Cr-MoV-
NbW (TOS 302) and 12Cr-MoVNbWCo (TOS 303) cast steels
have been proposed for operation at steam temperatures of
600 and 630°C, respectively [69].

Turbine Blades

A variety of 12Cr-MoV (Lapelloy), 12Cr-MoVNbW (AL 419
and AISI 422) [1], and 12Cr-MoVNb (H46 [6], FV448 [7] and
X19CrMoVNDN) steels have been used extensively for steam
turbine blades, but they have insufficient creep-rupture
strengths at temperatures above 550°C for application in
USC power plants. The 12Cr-MoVNbWNB (TF2) steel [26]
has been developed in Japan for use at higher temperatures,
but a Ni-Cr-Co superalloy [Refractaloy 26: 0.08% C (max),
35-39% Ni, 16-20% Cr, 18-22% Co, 2.5-3.5% Mo, 2.5-3.5%
Ti, 0.25% Al (max), balance Fe] has been employed success-
fully at temperatures above 570°C in the USA [64].

Bolts

The bolts used in modern steam turbines range in length
from 300 to 1000 mm and in diameter from 40 to 150 mm.
They operate at temperatures in the creep range and are
often slackened and retightened after service periods of 30 to
80 000 h for maintenance purposes. The requirements of the
bolt materials include high tensile yield and creep relaxation
strengths and high fracture toughness, adequate ductility to
avoid creep crack formation, and resistance to stress corro-
sion cracking in the steam environment [71,77-79]. High-
chromium martensitic steels such as the 12Cr-MoNiV
(X12CrNiMo 12 1), 12Cr-MoV (X22CrMoV 12 1), and 11Cr-
MOoVNDN (X19CrMoVNb 11 1) grades have been favored in
Europe for bolts in steam turbines operating at temperatures
in the range 450 to 565°C [71,78-80]. Other steels considered
for bolting include 12Cr-MoNiV (M152) and 12Cr-MoVNb-
WCu (FV535), while the 12Cr-MoVNb (H46) and 12Cr-
MoVW (AISI 422) steels have been employed widely in the
USA [64], and the 12Cr-MoVNDbW (TF3) is favored in Japan
[66]. However, tests have been carried out as part of the
COST 501 and EPRI RP 1403 projects [71,78,79] on the
higher creep-rupture strength 9-10Cr-MoVNb(W)N(B) steels,
including the TAF, P91, and the COST rotor steels, to qualify
them as bolt materials in thermal power stations operating at
600°C. The results of 1000 h screening tests showed that the

relaxation behavior of these newer steels are comparable or
inferior to those of the 11Cr-MoVNDbN (X19CrMoVNDb 11 1)
steel despite their superior creep-rupture strengths and duc-
tilities at 550 to 600°C [79]. The high-chromium martensitic
steels are, consequently, only considered for use as turbine
bolts up to a maximum temperature of 550 to 560°C, with
nickel-base alloys such as Nimonic 80A [0.10% C (max),
18-21% Cr, 3.0% Fe (max), 2.0% Co (max), 1.8-2.7% Ti,
1.0-1.8% Al, balance Ni] and Refractaloy 26 favored for
higher-temperature applications [64,81].

FAST BREEDER REACTORS

Nuclear Fission

The only fissionable material that occurs naturally is ura-
nium with an atomic weight of 235, that is, 2**U; natural ura-
nium contains 0.7% 2*°U, the remainder being mainly 23*U.
An example of one of the many possible fission reactions
when an atom of 233U absorbs a neutron (n) is:

23‘5U92 + 11'10 - 94SI'38 + 140X654 + 2 11'10 + =160 MeV (21)

The two fission fragments (°*Sr and *°Xe) are highly ra-
dioactive and share the kinetic energy of about 160 MeV,
which is available principally as heat. Each neutron created
by the fission has an average kinetic energy of about 2 MeV
(corresponding to a speed of 2 X 107 m/s). Some of these fis-
sion or fast neutrons are lost by being absorbed in materials
other than the 23U atoms and by escaping from the fuel, but
the chain reaction can be maintained in fuel highly enriched
in the fissile isotopes in fast reactors provided sufficient neu-
trons remain to produce as many new fissions in the next
generation as there were in the first. However, in thermal re-
actors, the fast neutrons are slowed down to thermal energies
(about 0.025 eV at ambient temperature, corresponding to a
speed of 2 X 10° m/s) by repeated collisions with the low
atomic weight atoms of a moderator, such as light water
(H,0), heavy water (D>0), graphite (C), and beryllia (BeO).
The slow or thermal neutrons are capable of sustaining the
chain reaction in natural uranium fuel or fuel only slightly
enriched with respect to the fissile 2*°U isotope.

The fission and thermal neutrons may also breed pluto-
nium from the nonfissionable 238U isotope, as follows:

238U92 + lng e d 239U92 + Y (22)
239Uy, = 2 Npos + B, (2.3)
239Npg; =2*%Pugs + °B_, 2.4)

The #*°Pu fissions readily and can be used together with 2*5U
to fuel both fast and thermal reactors.

Radiation Damage

The components located in or near the reactor core are bom-
barded with neutrons having a spectrum of energies mainly
in the range above about 10 keV in fast reactors and range
from approximately 2 MeV down to 0.025 eV in thermal re-
actors. As described in more detail in Chapter 8, radiation
damage is produced in nonfissile materials used for fuel ele-
ment cladding and core structural components as a result of:
{a) the displacement of atoms from their equilibrium lattice
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positions by energetic neutron-atom collisions and the for-
mation of Frenkel defects (vacancies and interstitials), and
(b) the creation of solid and gaseous impurity atoms by (n,y),
(n,a), and (n,p) transmutation reactions. The damage in fer-
rous and nonferrous metals and alloys is manifested as void
formation and swelling, microchemical and microstructural
changes, irradiation or in-reactor creep, radiation hardening
and embrittlement, and reductions in fracture toughness and
fatigue endurance. These effects are discussed in Chapters 9
to 17 in respect of the high-chromium ferritic/martensitic
steels.

Reactor Components and Materials

The 12Cr (AISI 403) and wrought 9Cr-1Mo steels have been
used for the pressure tube end fittings in the Canadian
CANDU reactors [82] and in the evaporators and parts of the
superheaters in the UK Advanced Gas-Cooled Reactors
(AGRs) [83], respectively. The high-chromium martensitic
steels have found few other applications in thermal reactors,
their main development having been directed towards fast
breeder reactor usage.

Several prototype sodium-cooled fast breeder reactors
have been constructed and operated as fuel element sub-
assembly test facilities and also to establish the viability of
commercial fast reactor core component designs under fully
representative conditions without compromising the main
objective of demonstrating that they could reliably generate
electricity for the national grids. These reactors include the
Dounreay Fast Reactor (DFR) and Prototype Fast Reactor
[PFR] (UK), RAPSODIE, PHENIX and Super-PHENIX
(France), KNK-2 (Germany), EBR-II and the Fast Flux Test
Facility [FFTF] (USA), BN5 (10), BOR60, BN350 and BN600
(Russia), JOYO and MONJU (Japan) and FBTR (India); how-
ever, many of these reactors have now ceased operation.

The 9Cr-1Mo steel has been utilized as internal sleeves for
the repair of leaks in the welds between the 2.25Cr-1MoNb
steel steam tubes and 2.25Cr-1Mo steel tube plates in the
evaporator units and also for the replacement superheater
and reheater tube bundles in PFR [83,84]. However, the suc-
cessful operation of fast reactors is also dependent on the
performance of the materials used in the construction of the
fuel and breeding blanket assemblies. Thus, the subassembly
fuel pin cladding and wrappers (or ducts) in a commercial
fast reactor have to endure prolonged service at elevated tem-
peratures and a maximum displacement per atom (dpa) dose
of 150 to 200 dpa (see Chapter 8) if the fuel is to achieve an
economic target burn-up of 15 to 20% of the heavy atoms.

The prototype fast breeder reactors usually commenced
operation with conventional austenitic steels as the core
component structural materials. However, these steels exhi-
bited significant irradiation-induced void swelling and irra-
diation creep that could lead to dimensional instability and
core distortion [85]. These problems may be exemplified by
reference to the PFR [600 MW(th), 250 MW(e)] fuel element
subassembly shown in Fig. 2.3 [85,86]. PFR employed a nom-
inally free-standing core design in which 78 subassemblies
were cantilevered from the bottom core support structure.
Each subassembly consisted of 325 or 265 fuel pins with out-
side diameters of 5.84 and 6.60 mm, respectively, containing
a stack of mixed-oxide (UO,:PuQ,) annular pellets; the pins

Lifting Lugs

|_Orientation Bar

)1 Upper Tube Gagging Ring
| -Burst Pin Detection Equipment

§-Leaning Pad

pike Bottom Bearing Cup
Ball Joint

FIG. 2.3—PFR standard core sub-
assembly [86,87].

were held in grids spaced at intervals along their length and
enclosed within a hexagonal wrapper approximately 2.75 m
long, 142 mm across the flats, and 3 mm wall thickness. The
wrapper served to channel the sodium coolant flow (inlet and
outlet temperatures of 400 and 560°C, respectively) over the
fuel pin bundles and provided the structural strength and
stiffness of the assemblies. The design temperature ranges
for the wrapper and cladding (mid-wall) for the fuel element
subassemblies in PFR (Row 1) were 420 to 550°C and 430 to
700°C, respectively.

The void swelling produced both axial and radial expan-
sion of the cladding and wrapper so that, in the extreme, the
coolant flow between the pins would be reduced, resulting in
increases in temperature and possible failure, together with
difficulties in removal or insertion during refueling unless
sufficient clearance was allowed. In addition, differential
void swelling due to gradients in neutron flux and tempera-
ture across a subassembly caused wrapper bowing, while the
wrapper faces dilated (or bulged) due to irradiation creep un-
der the influence of the internal coolant pressure. The sub-
assembly bowing, dilatation and length, illustrated in Fig.
2.4, were important in determining the design, operation,
and burn-up limits for the fuel elements. However, irradia-
tion creep could be beneficial in certain circumstances by
reducing interaction loads between neighboring subassem-
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blies in the free-standing PFR core design or between the
subassemblies and the core restraint structure in constrained
core designs, such as those adopted for FFTF, PHENIX, and
BN-350.

It became essential, therefore, to select or develop wrapper
materials exhibiting consistently low void swelling and irra-
diation creep rates that were not excessively high if the burn-
up targets in the fuel were to be achieved [85]. Furthermore,
the fuel pin cladding had to retain sufficient “in-reactor”
creep strength and ductility to avoid premature failure under
the stresses imposed by fission product gas release and fuel-
clad mechanical interaction.

These requirements led to extensive post-irradiation exam-
ination and test programs on the subassembly components,
as well as on specimens irradiated in rigs in experimental fast
reactors, such as DFR, RAPSODIE, EBR 1II, FFTF, BR-10,
BOR-60, and JOYO, and in the prototypes being undertaken
in Europe [86-90], the USA [91,92], Russia [93,94], and
Japan [95]. The data obtained in these studies enabled com-
ponent material design rules to be formulated and materials
with progressively increased resistance to void swelling, such
as cold-worked unstabilized (based on Type 316: 0.08% C
max.; 16.0-18.0% Cr; 10.0-14.0% Ni; 2.0-3.09% Mo) and Ti- or

////Core fuel

NN

Irradiated

Untrraduat ed

FIG. 2.4—Fast reactor core fuel element subassembly bow-
ing, dilatation, and length increase resulting from irradiation.

Nb-stabilized austenitic steels, precipitation-hardened inter-
mediate nickel-base alloys and the high-chromium fer-
ritic/martensitic steels, to be identified.

Many wrought ferritic/martensitic steels have been em-
ployed or considered for application as wrappers (ducts) and,
to a lesser extent, cladding in the core fuel element sub-
assemblies in sodium-cooled fast reactors in Europe, the
USA, Russia, and Japan [87-99]. They include (see Tables 2.1
and 2.2): plain 12Cr (FI) in the U.K. and a fully ferritic, non-
transformable 17Cr (F17) in France, 9Cr-1Mo (EM10) and
duplex 9Cr-2Mo (EM12) in France, 12Cr-1MoV (FV607 and
CRM12) in the U.K., 1.4923 in Germany and EP450 in Rus-
sia), 9Cr-1MoVNDb [modified 9Cr-1Mo (T91) in the USA and
France], 12Cr-MoVNDb (FV448 in the U.K. and 1.4914 in Ger-
many), 12Cr-1MoVW (HT9) in the USA, and 12Cr-MoVNbW
(PNC-FMS) in Japan.

The heat treatments specified for the 9-12% Cr ferritic-
martensitic steels for nonnuclear conventional engineering
applications are aimed at maximizing the tensile proof and
creep-rupture strengths. However, a high thermal creep
strength has not been a primary requirement for the wrappers,
as the operating temperatures are below or at the lower end of
the creep range for these materials and the components are
not highly stressed during normal operation. A reduced creep
strength was therefore acceptable, provided that increased
fracture toughness and good high-temperature ductility, cou-
pled with adequate formability and weldability, could be
achieved. Consequently, extensive studies, involving modifica-
tions of the compositions and initial heat treatments, were
carried out to develop the optimum combination of properties
for some of the steels intended for use as wrappers [89,98,99].

Significant increases in toughness [low impact ductile-brit-
tle transition temperature (DBTT) and high upper shelf
energy (USE)], albeit with large reductions in creep-rupture
strengths, have been effected by: (a) avoiding the formation
of d-ferrite and ensuring fully martensitic structures in the
12% Cr steels by close control of the nickel and chromium
equivalent element concentrations; the single phase 9Cr-1Mo
(EM10) steel has also been preferred to the previously con-
sidered duplex 9Cr-2Mo (EM12) steel [89]; (b) specifying a
low nitrogen content (0.01% max) for the 1.4914 steel [99], al-
though this benefit was not maintained after reactor expo-
sure [89]; and (c) optimizing the austenitizing and tempering
treatments to refine the prior austenite grain size and reduce
the strength of the matrix of the 12% Cr [98] and 9% Cr [89]
steels. For example, a reduction in the sub-size Charpy V-
notch impact DBTT of the FV448 steel from —10 to —50°C
was effected by changing from the manufacturer’s recom-
mended [1020°C/1 h, air cool (AC) plus 700°C/1 h, AC] to the
high toughness wrapper (1100°C/1 h, AC plus 750°C/6 h, AC)
heat treatment for the FV448 steel [89,98]; there was an as-
sociated decrease in the creep-rupture strength (550°C, 10* h)
from approximately 260 to 200 MPa [98]. The applications of
the high-chromium martensitic steels in fast reactor driver
fuel element subassemblies are summarized in Table 2.3.

The high-chromium ferritic/martensitic steels have shown
excellent dimensional stability (void swelling =0.5%) at high
displacement doses [132 dpa for an FV448 steel wrapper in
PFR and 142 and 115 dpa for EM10 and 1.4914 steel wrap-
pers, respectively, in PHENIX] based on length and across-
flats measurements on irradiated wrappers and density



14 HIGH-CHROMIUM FERRITIC AND MARTENSITIC STEELS FOR NUCLEAR APPLICATIONS

TABLE 2.3—Application of high chromium ferritic/martensitic steels for driver subassembly structural components in
sodium-cooled fast breeder reactors.

Reactor Country Cladding Steel/Alloy” Wrapper Steel® Reference
PFR UK. STA Nimonic PE16 Fv448 87,90
PHENIX France CW 15Cr-5NiTiMoB EM10 87,90
PHENIX Germany CW and CWA 1.4970 1.4914% 87, 90

(DEBENE) Mod b 96, 97
FFTF USA. HT9 HT9 91, 92
BN-350 Russia CW ChS-68 EP450 93, 94
BN-600
Long life cores Japan PNC-FMS PNC-FMS 95

(proposed)

2 Solution treated and aged (STA) Nimonic PE16: 17% Cr, 43% Ni, 3% Mo, 2.5% Ti + Al, balance Fe.
Cold worked (CW) and cold worked and aged (CWA) 1.4970 austenitic steel and modified versions: 15% Cr, 15% Ni, 1.2% Mo, 0.40% Tij,

0.005% B.

Cold worked (CW) ChS-68 austenitic steel: 15.0, 16.5% Cr, 14.0-15.5% Ni, 1.9-2.5% Mo, 0.2-0.3% Ti, 0.001-0.005% B.

The following are ferritic/martensitic steels:
HT9: 12% Cr, 0.6% Ni, 1% Mo, 0.30% V, 0.5% W.

PNC-FMS: 11% Cr, 0.4% Ni, 0.5% Mo, 2.0% W, 0.2% V, 0.05% Nb, 0.05% N.

FV448: 10.7% Cr, 0.65% Ni, 0.60% Mo, 0.15% V, 0.25% Nb.
EM10: 9% Cr, 0.20% Ni, 1.0% Mo.

1.4914: 10.5% Cr, 0.85% Ni, 0.55% Mo, 0.25% V, 0.20% Nb, <0.010% N, =0.0015% B.
EP450: 11.0-13.5% Cr, 0.05-0.30% Ni, 1.2-1.8% Mo, 0.3-0.6% Nb, 0.1-0.3%V, 0.004% B.

& Experimental subassemblies.

determinations on specimens machined from irradiated
wrappers or exposed in irradiation rigs [90]. In addition, 20
subassemblies consisting of STA Nimonic PE16 clad pins in
FV448 steel wrappers loaded in the PFR core in the late 1980s
reached 15 at% burn-up and 110 dpa, while one subassembly
successfully achieved 19 at% burn-up and 155 dpa by the
time the reactor was finally shut down in 1994 [87]. Also,
cold-worked (CW) 15Cr:15NiTiMoB austenitic steel clad
pins in EM10 steel wrappers reached burn-ups of about 17
at% and 146 dpa in PHENIX [90], while the EP-450 fer-
ritic/martensitic steel clad pins in EP-450 wrappers achieved
burn-ups of 12 at% with an associated displacement dose of
45 dpa in BN-350 and 15 at% and 144 dpa in BOR-60 [93,94].

A major limitation of the high-chromium ferritic/marten-
sitic steels, in common with other body-centered-cubic (bcc)
steels, is that they exhibit a ductile-brittle transition tempera-
ture (DBTT) in which the energy of fracture increases with in-
creasing temperature on passing through the transition, fol-
lowed by an upper-shelf region of relatively constant or
slightly decreasing high fracture energies. The steels also suf-
fer radiation embrittlement in that the DBTT increases and
the upper-shelf energy (USE) is reduced by neutron irradia-
tion; these changes correspond to a reduction in fracture
toughness in fracture mechanics terminology, with decreased
resistance to crack initiation in the transition region and duc-
tile crack growth from preexisting flaws in the upper-shelf re-
gion. However, it has been established that the DBTTs of the
irradiated high-chromium steels are not markedly dependent
on the steel type and displacement dose (10 to 100 dpa) in the
wrapper operating temperature range of 400 to 560°C, the ir-
radiation-induced shifts being relatively small [90]. These ef-
fects will be discussed in detail in Chapters 14 and 15.

Oxide Dispersion-Strengthened Steels

The high-chromium ferritic/martensitic steels have limited
thermal creep-rupture strengths at temperatures above
550°C and were, for this reason, considered unlikely to meet

the target burn-ups for cladding operating at temperatures
up to 670 or 700°C in commercial fast reactors. Conse-
quently, the development of oxide dispersion-strengthened
(ODS) steels possessing higher strengths at elevated and am-
bient temperatures for fuel element cladding and other ap-
plications has been pursued in Europe, the USA, Japan, and
Russia [88,100-107]. The steels initially investigated had fer-
ritic matrices containing 13% Cr and 1.5% Mo [88,100-102]
and 11-13% Cr and 3% W [106] with titania (Ti,O3) and/or yt-
tria (Y,03) dispersions. The commercial manufacture in-
volved the mechanical alloying of rapidly solidified alloy and
ultra fine oxide powders, followed by consolidation by hot
extrusion, rolling, or hot isestatic pressing (HIPping). The
extruded and HIPped products generally have a very fine
grain size (<1um), and the uniaxial creep-rupture strengths
and ductilities are enhanced if the matrix grains have a high
aspect ratio (grain length:diameter =15) [108]. The large
columnar structure is usually obtained by zone annealing,
which also produces a strong texture due to secondary re-
crystallization (also referred to as exaggerated grain growth)
[109-113]. However, an equiaxed grain structure is required
for the fuel element cladding application so as to obtain good
biaxial creep strengths and ductilities in the tubes [114].

FUSION REACTORS

Nuclear Fusion

Considerable effort is being expended worldwide to develop
fusion as a long-term energy source. The most suitable fusion
reaction occurs between the nuclei of the two heavy isotopes
of hydrogen—deuterium (D) and tritium (T)—to form a he-
lium nucleus and the release of a neutron and energy:

2D,y + 3Ty - *He, (3.5 MeV) + 'ng (14.1 MeV) (2.5)

The fuel changes from a gas to a plasma at a temperature be-
low the =100 million degrees celsius required for the D-T fu-
sion reaction, and the hot plasma has to be magnetically con-
fined within a vacuum vessel and isolated from the vessel
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walls. The most promising magnetic confinement systems
are toroidal (ring shaped), and the most advanced of these is
the tokamak reactor. However, inertially confined fusion sys-
tems, in which the energy is produced by the repeated igni-
tion of D-T pellets, have also been studied.

The deuterium fuel is abundant and can be readily ex-
tracted from seawater. Tritium does not occur naturally; rel-
atively small amounts of tritium can be obtained as a by-
product from heavy water thermal reactors, such as CANDU,
but sufficient quantities to fuel the fusion reactor may be
bred from lithium in the blanket surrounding the vacuum
vessel in a tokamak reactor. Natural lithium contains 7.3 and
92.7% of the isotopes °Li and “Li, respectively, and the prin-
cipal tritium breeding reactions are as follows:

°Liz + 'ng — 3T; + *He, + 4.8 MeV (2.6)

“Liz + 'ng = 3T; + “He; + 'ng — 2.9 MeV 2.7

A tritium breeding ratio greater than unity is possible with
natural lithium, as the breeding reaction with “Li releases a
neutron capable of inducing the tritium breeding reaction
with Li. The primary neutron required for tritium breeding
is obtained from the D-T reaction so that the consumables
are deuterium and lithium, and the overall fusion breeding
process may be represented by:

D, + Liz — 2 *He; + 22.4 MeV (2.8)

Reactor Systems and Components

A schematic of a commercial D-T tokamak fusion power
reactor (CFPR) is shown in Fig. 2.5. Many small and large
{Joint European Torus (JET) in the U.K. [115], Tokamak Fu-
sion Test Reactor (TFTR) in the USA [116] and JAERI Toka-
mak-60 (JT-60) in Japan [117]} experimental tokamaks have
been constructed and operated. The principal objectives of
these tokamaks have been to achieve plasma fusion physics
conditions approaching breakeven (that is, net energy pro-
duction) and to evaluate the behavior of various material
components; however, D-T experiments have only been per-
formed in JET [118] and TFTR.

A team was established in 1983 to define the Next Euro-
pean Torus (NET), envisaged as one of the main steps be-
tween JET and CFPR, and to initiate the technological de-
velopments necessary for its design and construction as well
as those required in the longer term for a fusion power
demonstration reactor (DEMO). The evolution of the NET
objectives, schedule, parameters, and operation scenarios
has been fully documented [119] and the selection of struc-
tural materials for the components exposed to the most
onerous operating conditions [first wall, impurity control
systems (limiter and divertor), and tritium breeding blan-
ket] and associated test programs described [120-122]. The
NET project was superseded in the mid-to-late 1980s by the
International Thermonuclear Experimental Reactor (ITER)
project involving the USA, Japan, the former USSR, and Eu-
rope [123,124].

The plasma-facing components in D-T tokamak reactors
are subjected during service to:
® Mechanical and electromagnetic loadings and alternating

thermal stresses induced by the surface and volumetric

heating and pulsed nature of the operation.

® Irradiation with high-energy (14.1 MeV) fusion neutrons
producing displaced atoms and helium, hydrogen, and
solid transmutation products, leading to changes in bulk
properties.

® Bombardment with ions and energetic neutral atoms from
the plasma, resulting in surface (physical and chemical
sputtering) and near-surface (gas bubble formation and
blistering) damage. The damage is exacerbated in the event
of plasma instabilities (disruptions) and by run-away and
arcing effects; however, the metallic first wall has to be
protected against these surface effects by graphite, beryl-
lium, or other materials in the form of tiles or deposits.

The Fe-Cr-Ni and Fe-Cr-Mn austenitic and the Cr-Mo fer-
ritic/martensitic steels, other metallic (vanadium, niobium,
molybdenum, titanium, tantalum, etc.,) base alloys, and
SiC/SiC composites have been considered as potential struc-
tural materials for the first wall and tritium breeding blanket
components in the magnetically (D-T tokamak) [120-122,
125-135] and inertially [136-138] confined fusion reactor sys-
tems and included in the various national and community fu-
sion materials research and development programs. The high-
chromium (9-12%) steels initially included in these programs
were essentially those being evaluated and developed for fuel
element subassembly wrapper and cladding applications in
the fast fission reactors. They included HT9 and the modified
9Cr-1Mo (T/P91) in the USA, JFMS (Japanese Ferritic Marten-
sitic Steel) in Japan, a 12Cr-1.6Mo (1KH12M282) steel in Rus-
sia, and FV448, 1.4914, EM12, and other grades in Europe
[121,127]. Type 316L(0.03% C; 17.0% Cr; 12.5% Ni; 2.5% Mo)
austenitic steel and the fully martensitic MANET I followed by
MANET II steels (based on the 1.4914 and FV448 specifica-
tions—see Table 2.2) were originally chosen as alternative
first wall and breeder structural component materials for
NET with a first wall target fluence of 2.8 MWy m™2[120,121].
The composition (except for increased B, N, and Zr concen-
trations) and properties of the MANET I steel were generally
comparable to those of the standard 1.4914 steel, while the
MANET II steel, with reduced C, Al, and Zr contents, exhib-
ited superior toughness properties and creep characteristics
[139]. The martensitic steels, in addition to being more resis-
tant to irradiation-induced void swelling, creep, and high-
temperature helium embrittlement than the austenitic steels,
have greater resistance to thermal stress development and fa-
tigue because of their higher thermal conductivities and lower
thermal expansion coefficients [121].

The ITER D-T tokamak device (illustrated in Fig. 2.6) is
characterized by a low operating temperature (150 to 250°C),
a moderate neutron {first) wall loading of 0.5-1.0 MW m™2,
an integrated (first) wall loading of 0.3 MWy m™?2 (corre-
sponding to a maximum displacement dose of about 3 dpa
and helium and hydrogen gas production of 30 to 40 and
160 to 170 appm, respectively, in steel), a strongly pulsed op-
erational mode (pulses of 1000 s duration with a total of
3 to 4 X 10* cycles), and with no requirement for tritium
breeding [124]. Type 316LN austenitic steel (0.03% C max,
17.0-18.0% Cr, 12.0-12.5% Ni, 2.30-2.70% Mo, 0.06-0.08%
N, 0.001-0.002% B, 0.30% Cu max, 0.25% Co max,
0.15%Nb+Ta+Ti max), which has been used as a fuel ele-
ment cladding material in fast fission reactors, is deemed to
be suitable for fulfilling the moderate demands of the water-
cooled first wall in ITER.
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FIG. 2.5—Schematic of a fusion power reactor.

Tritium Breeding Blanket Concepts

Considerable design and associated research and develop-
ment effort has also been devoted in Europe to the DEMO fu-
sion power reactor-relevant solid ceramic and liquid metal
tritium breeding modules to be tested and irradiated in ITER
[140]. The various blanket concepts include:

1. Solid breeder blankets based on the use of lithiated
ceramics, such as the oxide (Li,O), aluminate (Li;AlO,), or-
thosilicate (Li4Si0,4), and metazirconate (Li,ZrOs), cooled

with high-temperature, high-pressure water [141] or high-
pressure helium [142,143] and incorporating beryllium as a
neutron multiplier to achieve a tritium breeding ratio in ex-
cess of unity. The two helium-cooled blanket configurations,
in which helium is also used to purge the tritium from the
breeding material, differ in the following respects: (a) The
breeder inside tube (BIT) design [142] uses lithium alumi-
nate or metazirconate in the form of annular pellets con-
tained in tubes surrounded by beryllium blocks, the coolant
being outside the tubes, (b) The ortho-silicate breeder and
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FIG. 2.6—The ITER device—schematic.

beryllium neutron multiplier are in the form of pebbles lo-
cated between diffusion-bonded (welded) plates containing
channels for two independent cooling systems in the breeder
outside tube (BOT) [143] concept.

The outboard blanket segment (of which there are 48 in to-
tal) in the BOT design is shown in Fig. 2.7, and an isometric
view of a poloidal portion of the outboard blanket segment
around the torus equatorial plane is presented in Fig. 2.8
[143].

2. Liquid metal blankets utilizing the lithium-lead eutectic
(Li;»Pbgs) both as breeder and coolant [144] and a water-
cooled Li;7Pb,; design [145]. The liquid metal velocity in the
self-cooled concept is high (<1 m/s) and a major issue here is
the magnetohydrodynamic (MHD) pressure drop in the mag-
netic field and the resulting high mechanical stresses pro-
duced in the ducts; however, the pressure drop can be re-
duced by about three orders of magnitude by using an oxide
insulator coating on the channel walls to prevent current flow
in the structural material. The liquid metal is semi-stagnant
(velocity <0.01 m/s) in the water-cooled concept.

Further development is now restricted to the helium-
cooled solid ceramic BOT [143] and water-cooled Li;;Pbgs
[145] concepts, with a high-chromium martensitic steel pro-
posed as the structural material. An average neutron wall
loading of 2.2 MWm™2 and a continuous operational mode
have been specified for the DEMO reactor; the envisaged op-
erating temperature range and target fluence for the steel
structure in the helium-cooled solid ceramic blanket sectors
are 200 to 550°C and 5 MWy m™ %, with a corresponding max-
imum displaced atom dose of approximately 70 dpa and
helium and hydrogen gas generations by (n,a) and (n,p)
reactions of about 700 and 3500 appm, respectively [140].

Coolant
System |

System Il

Purge Gas

Cooling Plates with
He - Channels

Separated Beryllium and
Li, SiO, Pebble Beds

First Wall

Support Structure and Shield

FIG. 2.7—Outboard blanket segment in the Breeder
Outside Tube (BOT) concept [143].
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FIG. 2.8—Isometric view of a poloidal portion of the outboard blanket segment
around the torus equatorial plane in the breeder outside tube (BOT) concept [143].

Liquid lithium has not been considered as a tritium breed-
ing material in the European fusion reactor breeder blanket
development, primarily because of its high reactivity with
water, and its use has only been entertained for self-cooled
fusion reactor designs in the USA [146]. A high-chromium
martensitic steel was initially perceived as the structural ma-
terial in the American liquid lithium blanket designs, but a
vanadium alloy is now favored [147]. The use of a vanadium
alloy structural material with liquid lithium for cooling and
tritium breeding was also considered previously for an en-
hanced performance phase (EPP) in ITER [123].

Reduced-Activation Steels

There is no highly radioactive product in fusion as in fission.
However, the fast and thermal neutrons in fission reactors
and the high-energy (14.1 MeV) fusion neutrons can be ab-
sorbed by the nonfissile core component and structural
materials in the respective systems, in some instances caus-
ing transmutation of the absorbing atoms and generating ra-
dioactive isotopes of the same or neighboring elements.
These activated atoms decay back to stable isotopes, usually
accompanied by the emission of B or y radiation. Depending
on the element, the emission may continue long after the ir-
radiation has ceased, and the activations have major radio-
logical implications with respect to the safe and routine op-
eration and decommissioning of the plant and disposal of the
radioactive material wastes.

The fusion reactor materials programs in Europe, the USA,
Japan, and Russia have thus included the development of-
ferritic/martensitic and austenitic steels with enhanced ra-
dioactive decay characteristics, the objectives being to maxi-
mize the safety advantages of fusion and enable material and
component maintenance, waste management, and recycling
scenarios to be established [148-150]. The principal ap-
proaches adopted in this development are: (a) the replace-
ment of the radiologically undesirable Mo, Nb, and Ni in the
existing commercial steels by elements such as W, V, Mn, Ta,
and Ti, which have equivalent or similar effects on the con-
stitution and structures, and (b) the removal of the impurities
that adversely influence the induced activities and dose rates
when present in low concentrations in the steels. Isotopic tail-
oring, involving the removal of the undesirable isotopes in
the major and minor alloying elements in the steels, appears
feasible [151] but has not been actively pursued for a number
of technical reasons, and the approach is less economic than
that of elemental tailoring [152].

Relevant parameters and simplified radiological criteria
for the respective scenarios have been proposed and are re-
produced in Table 2.4 [148].

The inventory codes and cross-section and decay libraries
developed in Europe, the USA, and Japan for predicting
the radionuclide inventories of materials exposed in fusion
reactor systems have been summarized [148]. FISPACT is
an advanced inventory code for fusion applications and is
available as part of the European Activation System, desig-
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TABLE 2.4—Relevant parameters for low- and reduced-activation
materials [147].

Prevention of any release of activity, which would

necessitate off-site emergency action, interpreted

as:

Safety

Prompt dose at site boundary due to complete

release of inventory: <2 Sv.

¢ Early dose at 1 km associated with accidental
release of 100 kg of activated materials: <50
mSv.

¢ Maximum early dose: 100 mSv.

Off-site releases: <10'* Bq.

Remote maintenance: Dose rate inside plasma
chamber <1 X 10* Gy h™! after 1 day cooling or
integrated dose <1 X 107 Gy based on doses
which can be tolerated by electronic components.

Maintenance

Maximum doses to inadvertent intruders and
members of the public for near-surface burial:

e 5and 0.25 mSv-y~! (10CFRé61, U.S.A) [153].
Maximum annual individual risk for a single fa-
cility of 107 (Authorizing Departments, U.K.),
equivalent to a health risk associated with a dose
of 0.1 mSv.

For 50 y interim storage [154]:

Waste Disposal

Decay
Dose rate, heat,

mSvh! Wm™3
Low level waste: <2 <1
Medium level waste: <20 <10
High level waste: >20 >10

“Hands-on” contact dose rate after 100 y cooling:
¢ 25510 uSvh~L.

Remote recycling limit (ability to remelt and re-
fabricate remotely):

e <10 mSv h™! after 50 y cooling.

Dose rate and decay heat after 50 y interim stor-
age:

e <2mSvh!and <1W m™3[154].

Residual activity for unrestricted release:

e <10°Bg kg .

Recycling

TABLE 2.5—Basic compositions of reduced-activation ferritic and
martensitic steels.

USA CEC Japan
2-9Cr-V 9Cr-W-V-Ta-N 2-15Cr-W
2-9Cr-W 12Cr-W-V-Ta-N 2-3Cr-W-V-Ta
2-12Cr-W-V 9-10Cr-W-V-Ta-Ti-Ce 7-9Cr-W-V-Ta
9Cr-W-Mn 9Cr-W-V-Mn-Ti 11Cr-W-V-Ta
9Cr-V-Mn
12Cr-W-Mn
12Cr-V-Mn

nated EASY [155]; this also includes activation and decay li-
braries, a subsidiary library of biological hazard data, and
reference neutron spectra for a fusion reactor first wall, blan-
ket, shield and magnetic coils. Sequential reactions [A (n,x) B
— A (x,n) C where x is a charged particle such as a proton (p),
deuteron (d), a-particle (a) , triton (t), etc.] may also con-
tribute to the residual activities, dose rates and decay heats in
some circumstances [156], and pseudo cross sections for the
relevant reactions are now included in the activation codes.

The results of the neutronic calculations have demon-
strated that the radioactivity induced in conventional 9-12%
Cr martensitic steels, such as HT9 and MANET, following ex-
posure for 2.5 year (y) in a fusion power reactor with a neu-
tron (first) wall loading of 5 MWm 2 do not satisfy any of the
criteria in Table 2.4 [154,157,158].

The basic compositions of the reduced-activation ferritic
and martensitic steels investigated in the European [159-
165], USA [166-172], and Japanese [173-177] fusion materi-
als programs are summarized in Table 2.5; the analyses of the
martensitic steels which, on present evidence, appear to have
reasonably stable microstructures and favorable combina-
tions of strength, toughness, and resistance to radiation
damage are given in Table 2.6. EUROFER [163] has now re-
placed the MANET II steel (see Table 2.2) as the reference
structural material for the European DEMO breeding blan-
ket concepts [140]. Furthermore, the Japanese modified
F82H and JLF-1 steels form the basis of a continuing Inter-
national Energy Agency (IEA) Collaborative Program to eval-
uate and develop these reduced activation transformable
steels for use in fusion reactors [180].

Increasing attention is also being given in Europe and
Japan to the development of the ODS ferritic/martensitic
steels for eventual structural component applications at tem-
peratures of 600°C and above in DEMO fusion reactor blan-
kets [182]. The physical metallurgy research and develop-
ment of material manufacturing and component fabrication
routes are centered on the “conventional” ODS (9Cr-
Mo+Y,03) steels [183] as well as on reduced activation (9Cr-
W+Y,03[183] and 8Cr-2W+Y,03 +Ti [184]) versions.

The effects of individual alloying additions in the steels on
the contact y-dose rate, induced activity, and decay heat rel-
ative to the contributions from the iron base have been cal-
culated as a function of time after reactor shutdown for a
fusion reactor first wall with a neutron loading of 2 MWm ™2
for 2.5 y [185] using FISPACT and the EAF-3 cross-section
library [186]. The results confirm that Cr (any concentra-
tion), V (=8%), Mn (=1%), Ta (=1%), and Si (< 0.4%) are

TABLE 2.6—Typical/nominal compositions (wt%) of reduced-activation martensitic steels with favorable combination of properties.

Program Designation C Si Mn Cr w \Y% Ta N B Ref.
CEC LA12TalC 0.09 0.03 1.0 8.9 0.8 0.40 0.10 0.02 159-161
EUROFER 0.10-0.12 0.05max 0406 8090 1.0-1.2 0.20-0.30 0.06-0.10 002-0.04 0.004-0.006 150, 163,
164
Japan F82H 0.10 0.20 0.50 8.0 2.0 0.20 0.04 <0.01 0.003 150, 173,
178,
179
JLF-1 0.10 0.08 0.45 9.0 2.0 0.20 0.07 0.05 150, 176,
180
USA 9Cr-2WVTa 0.10 0.30 0.40 9.0 2.0 0.25 0.07 150, 168
170,

171
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acceptable while Mo (> 100 ppm), Nb (> 1 ppb), and Ni (>
50 ppm) are unacceptable alloying additions; C, B, and Ti in
the concentrations normally present in the steels do not
detrimentally affect the activation parameters of the iron
base. The data also suggest that tungsten may not be the
ideal substitute for molybdenum in the steels as the dose
rate after 100 y cooling with 1% W exceeds that for iron by
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up to two orders of magnitude; also, significant transmuta-
tions of W to Os and Re and Ta to W and Hf can occur with
fusion neutrons [187].

Other data on steels, based on the individual element v-
dose rate contribution of 25 wSvh ™! at 100 y, also show that
the allowable concentrations of the elements Pd, Sn, Gd, Dy,
Yb, Lu, Hf, Ir, Bi, Ag, Eu, Tb, and Ho as well as Nb, are re-
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FIG. 2.9—Activation property comparison for MANET |, F82H and a hypothetical steel showing the (a) specific activity, (b) con-
tact y-dose rate, (c) ingestion hazard, (d) inhalation hazard, and (e) decay power [192].
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stricted to < 1 ppm, with particularly stringent limitations
applying to Ag, Eu, Tb, Ho, Nb, and Bi [188].

A reduced-activation high-purity 9Cr-WVTa steel exhibits
slightly higher activation, contact y-dose rate, and decay heat
for about 1 y after reactor exposure to 2.5 MWym ™2 (2.5 y
with a neutron wall loading of 1 MWm™2) compared with
those for a conventional high-chromium martensitic steel
[189]. However, the activation, dose rate, and decay heat of
the reduced-activation steel are two-to-four orders of magni-
tude lower after cooling for approximately 100 y and satisfy
the criteria for these parameters for recycling and the dose
rate and decay heat criteria for classification as low-level
waste given in Table 2.4 [148]. The data for the reduced-acti-
vation steel containing 0.019% N and 0.76% W also show that
the long-term (>100 y) specific activity is determined by the
14C formed by transmutation of nitrogen and that the tung-
sten dominates the y-dose rate [182]; the nitrogen content
has to be restricted to a maximum of 0.005 wt.% to avoid the
activity increase due to *C.

The dose rates computed for a series of 8.5-9.5Cr-WVTa
developmental steels are about one order of magnitude lower
than those for conventional 10-12Cr-MoVNDb steels after cool-
ing for approximately 100 y following exposure for 2.5 y with
a neutron wall loading of 5 MWm ™ but are still greater than
a “hands-on” recycling limit of 25 wSvh™! [163]. The long-
term activity in these steels is dominated by the iron base, the
alloying elements tungsten and tantalum, and the niobium
impurity; the sequential reactions in the Cr, V, Mn, and N can
be neglected as they only result in second-order effects.

Activation calculations have also been performed using
EASY (FISPACT 4.1 activation code [190] linked with the
EAF-4.1 cross section, decay, and other data libraries [191])
for the MANET I, F82H, and a hypothetical (assuming no im-
purities) 9Cr-2WVTa steel in a central blanket position in a
water-cooled Lij;Pbg; fusion reactor design [192]; a total
neutron flux of 2.25 X 10'"® nm~? s~! and a continuous 5 y ex-
posure was assumed in the computations. The changes in the
specific activities, contact y-dose rates, residual decay pow-
ers, and biological hazard potentials (ingestion and inhala-

tion hazards) of the three steels with time after shutdown are
compared in Fig. 2.9 [192]. The results confirm some of the
earlier observations cited above and show that in terms of ac-
tivation response the hypothetical steel is marginally inferior
and the MANET I steel is slightly superior to the F82H steel
at short time scales. However, the steels exhibit diverging be-
havior after prolonged cooling times, the MANET I being
consistently inferior and the hypothetical steel consistently
the best with regard to the activation properties after ap-
proximately 100 y. The poorer activation response of the
F82H steel beyond 100 y is due to the nitrogen (800 ppm as-
sumed in this case).

The maximum allowable impurity concentrations in the
steels have been calculated for a number of known radiolog-
ically detrimental elements, the criterion adopted being that
the impurity should not contribute more than 10% of the ac-
tivation response of the hypothetical steel at any post-shut-
down time [192]. The results for 19 critical elements are
listed in Table 2.7 [192] and confirm that the tolerable con-
centrations of elements such as Nb, Ag, and various lan-
thanides and actinides are less than 1078 % (that is, less than
0.1 wppm).

The activation response functions of the F82H steel have
also been compared with those of other potential fusion
reactor structural materials, namely a SiC composite and a
vanadium alloy (V-4Ti-3.3Cr) [193]. The specific activity and
contact y-dose rate responses for the three materials are
shown in Fig. 2.10. The materials in order of decreasing acti-
vation property in the time period 10™* to approximately 100
y are steel, vanadium alloy, and SiC. However, the order is
generally reversed after 100 y cooling, with the SiC exhibiting
the poorest response and the steel the best. It follows, there-
fore, that the choice of structural material for a DEMO or fu-
sion power reactor is a compromise between several compet-
ing criteria [193].

Preliminary investigations have been carried out to deter-
mine if the required “hands-on” elemental concentration lim-
its can be achieved. A 5-ton heat of an 8Cr-2WVTa reduced ac-
tivation steel produced in Japan using “NKK pure iron” and

TABLE 2,7—Allowable concentrations of impurity elements in reduced-activation martensitic steel [192].

Limiting Concentration (%)

Specific Activity Dose Rate Ingestion Hazard Inhalation Hazard Decay Power Most Stringent
Element Limit Limit Limit Limit Limit Limit

N 2.59 X 107 no limit 6.77 X 1073 143 x 107 1.08 X 107 6.77 X 1073
Al 230 x 107! 1.06 X 1073 7.07 X 1073 3.60 X 107! 1.16 x 1072 1.06 x 1073
K 4.86 X 1073 151 x 1072 9.22x 1077 3.09 x 1078 4.17 X 107 3.09 x 1078
Ca 6.60 X 1074 9.18 x 1073 1.25 x 1073 4.19 x 1077 5.67 X 1075 419 x 1077
Co 1.85 x 1073 1.65 X 1075 8.97 X 1073 5.19 x 1073 2.09 X 1073 1.65 X 1073
Ni 1.12 x 1073 6.69 X 1073 1.05 X 1073 6.04 x 107* 1.25 X 1073 6.04 X 107*
Cu 5.05 X 107 9.75 x 1073 4.64 x 1074 2.66 X 1074 5.51 x 107* 2.66 X 1074
Nb 6.39 x 1074 8.43 x107° 6.20 x 1073 9.03 x 107¢ 8.21 x 107¢ 8.43 x 107°
Mo 7.42 X 107 5.53 X 107° 1.27 x 1074 8.44 x 1073 5.87 X 107* 5.53 X 107
Ag 2.45 x 1074 3.99 X 107° 1.60 X 1073 4.08 X 107° 2.93x10°¢ 3.99 X 107°
Cd 4.18 X 1073 841 x 107° 1.07 x 1073 3.27x 107° 2.61 X 1074 3.27 x107°
Nd 343 x 107 2.80 x 1074 4.84 X 1074 3.50 X 1073 3.23x107* 3.50 X 1075
Sm 2.14 X 1073 1.10 x 107 2.81 x 1073 1.92 x 107¢ 1.37 x 1073 1.10 x 107°¢
Eu 4.24 X 1073 3.99 x 107° 1.68 x 1076 1.51 x 1077 3.80 x 1077 3.99 X 107°
Tb 5.09 X 1073 1.53 x 107° 6.38 x 107¢ 4,94 x 1077 1.05 x 1078 1.53 X 107°
Ho 1.02 x 1074 1.72 x107° 7.03 X 107° 3.80 x 1077 1.04 X 107 1.72 x 107°
Ir 6.62 X 1073 3.68 x 1078 4.62 X 1073 7.91 X 107¢ 8.25 X 107° 3.68 x 1078
Bi 2.81 X 1072 7.04 X 1077 3.00 x 1074 1.84 x 1074 2.51 X 10°* 7.04 x 1077
U 1.65 X 1074 2.52 x 1074 1.55 X 1077 2.53x107° 9.49 X 1077 2.53 X 107°
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FIG. 2.10—Comparison of (a) specific activity and (b) contact y-dose rate for
F82H steel, a V-4Ti-3.3Cr alloy and a S$iC/SiC composite [192].

ultra high-purity electrolytic chromium [150] was analyzed
for the elements in Table 2.7 using inductively coupled mass
spectrometry (ICMS) [194]. The results were compared with
the criterion that “impurity elements be restricted to levels
that would allow attainment of a surface y dose rate not ex-
ceeding 25 uSvh ! at 100 y cooling time for material subjected
to a first wall neutron fluence of 12 MWym 2" [195]. It was es-
tablished that the niobium content of 2 to 3 wppm was over an
order of magnitude above the allowable limit. The cobalt (=20
wppm) also exceeded the limit of 0.16 wppm, while the con-

centration of molybdenum (20 wppm) was close to the limit of
18 wppm; the ICMS detection limits for silver and bismuth
were just above the allowable concentrations (0.011 and 0.14
wppm, respectively), so that the contents of these two ele-
ments may or may not have been above the limits.

It follows that the production of reduced-activation
martensitic steels with the niobium and other radioactively
undesirable elements maintained at the low concentrations
required to meet the “hands-on” dose rate recycling and ad-
ditional targets has not been entirely successful hitherto.
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Nevertheless, the experience gained in the development and
production of nickel and ccobalt based superalloys suggests
that the required low concentrations of impurities in the
reduced-activation steels may be achieved by selecting high-
purity raw materials, the use of vacuum induction melting,
and vacuum arc refining techniques, and avoiding impurity
pick-up during processing and fabrication [196]. Further-
more, it appears that elemental analytical techniques such as
glow discharge and inductively coupled mass spectrometry
have sufficient sensitivity for the quantification of the impu-
rity elements at the reduced concentrations required to
achieve “low” activation in these steels.
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Physical Metallurgy of
High-Chromium Steels

The high (9-12%) chromium steels are either fully austenitic
or have a duplex (austenite plus 8-ferrite) structure at austen-
itizing temperatures in the range 850 to 1200°C. The austen-
ite phase transforms to martensite during air cooling or rapid
quenching to ambient temperature, and the steels are subse-
quently tempered to obtain a good combination of strength,
ductility, and toughness. The physical metallurgical basis of
the development of the high-chromium martensitic steels has
been reviewed elsewhere [1-3]; the factors determining the
constitution, transformation, and tempering characteristics
are briefly surveyed in this chapter.

CONSTITUTION

The vy-Fe loop in the Fe-Cr equilibrium diagram (Fig. 3.1) [4]
is closed if the chromium content exceeds about 12%; how-
ever, the austenite-stabilizing elements (C, N, Ni, Mn, Cu, Co)
extend the vy-phase field, while the ferrite-forming elements
(Cr, Mo, Nb, V, W, Si, Ti, Al) contract it [5-7]. The austenite
in low-carbon, low-nitrogen 9 and 12% Cr steels is stable at
the normal austenitizing temperatures of 850 to 1200°C and
950 to 1150°C, respectively. The tempering resistance of the
steels is increased by the addition of the ferrite-forming ele-
ments and, consequently, highly alloyed commercial steels
may contain some 3-ferrite. The ferrite phase inhibits austen-
ite grain growth, but it adversely influences the strength and,
directly or indirectly, the toughness [8-10], particularly if
present as films between the grains of the austenite, which is
subsequently transformed to martensite and tempered. The
duplex (martensite plus 8-ferrite) structure of a 12Cr-2WV
steel with 0.1% C is illustrated in Fig. 3.2.

The formation of 3-ferrite can be avoided by the addition of
the austenite-forming elements; thus, the balancing of the
constitution to ensure 100% austenite at the austenitizing
temperature may be effected using the data in Table 3.1 [11].
Carbon is the cheapest austenite former, but is not always
favored, as it decreases the toughness and impairs the weld-
ability and corrosion resistance [3]. Furthermore, higher
austenitizing temperatures are required to dissolve carbides
of the MC type (where M is V, Nb, Ti, or Ta), resulting in
coarser prior austenite grain sizes and reductions in tough-
ness and creep ductility. Nitrogen can also be utilized as an
austenite stabilizer, but the amount required is generally ex-
cessive. Nickel, although less effective than carbon and nitro-
gen, is usually used in steels for non-nuclear applications, as
it has fewer adverse effects.

Manganese has been considered as an alternative; how-
ever, it is inferior to nickel as an austenite stabilizer, and
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0.1% C, 12% Cr steels contain some §-ferrite even with an ad-
dition of 6% manganese [12,13]. The high-manganese steels
are also prone to embrittlement during thermal aging and/or
irradiation, possibly as a consequence of chi (X)-phase for-
mation [12]. Cobalt may also be employed, but it is expensive
and, in common with nickel, has to be minimized in steels for
component applications in fusion reactor systems because of
the high residual radioactivity induced by neutron irradia-
tion. The difficulty in eliminating 8-ferrite in the 12% Cr
martensitic steels is one of the factors contributing to the
lower (7 to 10%) chromium steels being favored for nuclear
fusion applications.

The ferrite-forming elements V, Nb, Ta, Ti, and Al are also
effective in removing the austenite formers carbon and/or ni-
trogen from solution as insoluble carbides and nitrides,
thereby indirectly affecting the constitution of the steels [14].
The concentration of the elements that are soluble during
austenitizing of the high-chromium steels may be estimated
using the following solubility relationships derived for low-
alloy or austenitic steels [15,16]:

log [Nb][C] = — 9,350/T + 4.55 (3.1)
log [Ti][C] = — 6,780/T + 2.97 (3.2)
log INb]JIN] = —11,600/T + 4.84 (3.3)
log [Ti][N] = —15,188/T + 3.93 (3.4)
log [V]IN] = — 7,840/T + 3.02 (3.5)
log [Al][N] = — 6,770/T + 1.03 (3.6)

where [Nb], [C], etc., are in wi% and T is the temperature in
K.

The solubility products of Nb(CN), VN, and AIN in austen-
ite have been modified by taking account of the interaction pa-
rameters between the alloying element chromium and the in-
terstitials carbon (e&) and nitrogen (e§f), as follows {17,18]:

log [Nb][C + 6/7N] =

—6770/T + 2.26 — 1/2(e&)+ eFCr] 3.7)
log [VI[N] = —10 500/T + 5.20 — e§[Cr] (3.8)
log [AL][N] = — 6770/T + 1.03 — e{f[Cr] (3.9)
The interaction parameters are given by [19]:
e& = —180/T + 0.09 (3.10)
e = — 145.8/T — 0.056 + 0.017log (T) (3.11)

The solubility curves for VN, Nb(CN), and AIN in a 11% Cr
martensitic steel at 1100°C are reproduced in Fig. 3.3[17,18].

www.astm.org



CHAPTER 3: PHYSICAL METALLURGY OF HIGH CHROMIUM STEELS 29

1500
Liquid + a +y —1

1400

1200

1100

Temperature, °C

800 .
FeCnC S5« (CrFe),Cy
a +y+ (Fe I’)3 - o+ (FeCr):,C "- ". + (CI’FG)4C
700 - +(CrFe);,C, :,-::
o+ (FeCr);C —— ||o+ (CrFe)Ca; ! o + (CrFe),C
i | : : 1 1
500, 5 10 15 20 25
Chromium, %

FIG. 3.1—Effect of chromium on the constitution of Fe-Cr-C
alloys containing 0.1% C [4]; note that (CrFe),C is My;C¢ car-
bide [4].

The solubility of VN is significantly greater than for AIN and
Nb(CN), and complete dissolution of the VN in the high-
chromium steels is likely at 1100°C and lower austenitizing
temperatures. The AIN may also be completely soluble dur-
ing the austenitizing treatment as the steels generally contain
relatively small amounts of aluminium. However, Nb(CN)
may remain undissolved at the usual austenitizing tempera-
tures, and particles of this phase are also effective in pre-
venting excessive austenite grain growth.

The experimentally determined solubility product for TaC
in the austenite in an 8Cr-2WVTa (F82H) reduced activation
steel in the range 950 to 1250°C is significantly higher than in
y-iron and is given by [20]:

log [Ta][C] = —7,027/T + 3.16 (3.12)

The solubility curves at 950 and 1050°C, the stoichiometric
line for TaC [Ta:C = 15.065] and typical tantalum and carbon
plus nitrogen contents of the F82H and 9Cr-2WVTaN (JLF-1)
steels are shown in Fig. 3.4. The TaC in the F82H steel is com-
pletely soluble at an austenitizing temperature of 1050°C,
whereas the solubility may be exceeded in some JLF-1 steels
at this temperature. Fine particles of TaC that are insoluble
at the austenitizing temperature and a high density of finely
dispersed TaC precipitates produced by aging at 950°C, due

FIG. 3.2—Duplex [about 25% &-ferrite (light etching) and 75%
martensite] microstructure of a normalized-and-tempered
12Cr-2WV reduced-activation steel.

to the reduced solubility at this temperature, and may limit
austenite grain growth in these steels [20,21].

TRANSFORMATION

The constitution of the steels (compositions given in Tables
2.1 and 2.2) at ambient temperature following cooling from
the austenitizing temperature may be predicted from the

TABLE 3.1—Effects of alloying
additions on the constitution of high
chromium steels [11].

Change in 8-ferrite
Content, % per Mass

Element % Alloy Addition
N —220
C —-210
Ni —-20
Co -7
Cu -7
Mn -6
w +3
Mo +5
Si +6
Cr +14
A% +18
Al +54
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FIG. 3.3—Solubility curves at 1100°C for vanadium nitride, niobium carbo-nitride,
and aluminium nitride in austenite in a 11% Cr steel [17,18].

0.15
X @ F82H Steel
X JLF-1 Steel
£ o0 -
z
o
[}
g
£
+
8
£ 005 TaC [Ta:C = 15.065] —
3
1050°C
950°C
0 i 1 I | 1
0 0.10 0.20 0.30 0.40 0.50
Tantalum (wt %)

FIG. 3.4—Solubility curves for tantalum carbide in austenite
in F82H (8Cr-2WVTa) steel at 950 and 1050°C [20], together with
the stoichtometric line for TaC and typical Ta and C + 6/7N con-
tents of the F82H and JLF-1 (3Cr-2WVTaN) reduced activation
steels.

Schaeffler-Schneider diagram (Fig. 3.5) [22,23] using the fol-
lowing nickel and chromium equivalents of the alloying ele-
ments [14,24]:

Ni equivalent (wt%) = (%Ni) + (%Co)

+ 0.5(%Mn) + 0.3(%Cu) + 30(%C) + 25( %N) (3.13)
Cr equivalent (wWt%) = (%Cr) + 2(%S1)

+ 1.5(%Mo) + 5(%V) + 1.75(%Nb)

+ 0.75(%W) + 1.5(%Ti) + 5.5(%Al) (3.14)

+ 1.2(%Ta) +1.2(%Hf) + 1.0(%Ce)
+ 0.8(%Zr) + 1.2(%Ge)

Some of the 9% Cr [EM10, T91, TB9 (NF616) and E911]
and 12% Cr (FI, FV448, 1.4914, MANET 11, and TR1150)
steels are predicted to be fully martensitic, while others are
predicted to have duplex martensite plus 3-ferrite (HCM9M,
NSCR9, EM12, JFMS, Tempaloy F-9, MANET I, HCM12,
TB12, and HCM12A), duplex martensite plus retained
austenite (GE and HR1200), or three-phase martensite plus
austenite plus 8-ferrite (HT9) structures on cooling to ambi-
ent temperature. These predictions are consistent with the
experimental observations. In particular, the structure of the
rapidly cooled HT9 (12Cr-1MoVW) steel is reported to con-
sist of martensite laths with high dislocation densities [Fig.
3.6(a)][25], small amounts of retained austenite in the form
of islands, and &-ferrite grains having low dislocation densi-
ties [26].

It has also been established that the 3-ferrite formation in
the high-chromium martensitic steels is suppressed by main-
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FIG. 3.5—Schaeffler-Schneider diagram [22].

taining a Cr equivalent element content of =9 wt% [27]; the
Cr equivalent in this case is given by [28]:

Cr equivalent (wt%) = (%Cr) + 6(%Si)
+ 4(%Mo) + 11(%V) + 5(%Nb)

+ 1.5(%W) + 8(%Ti) + 12(%Al) (3.15)

— 4(%Ni) — 2(%Co) — 2(%Mn)
— (%Cu) — 40(%C) — 30(%N)

The austenite present at the austenitizing temperature
should transform fully to martensite on cooling [29]. The al-
loying additions made to balance the constitution or im-
prove the tempering resistance of the steels also lower the
martensite start (Mg) and finish (M;) temperatures, result-
ing in a tendency for retained austenite to be present if the
Mg temperature is close to or below room temperature [11].
The retained austenite increases the toughness of high-
chromium transformable steels but, in other respects, it is
undesirable as distortion occurs during its transformation
and it decreases the strength. It follows that the composi-
tion of the steel must be adjusted not only to control the
constitution but also to maintain the Ms-M; temperature
range above ambient. The coefficients of the elements in the
Ni and Cr equivalent relationships (Egs 3.13 to 3.15) are not
the same as those for the effects on the Mg and M; temper-
atures. A general indication of the influence of alloying ele-
ments on the Mg temperature can, however, be obtained

from empirically established equations, the following being
examples [1,29,30]:

Mg (°C) = 550 — 450(%C) —11(%Si)
— 33(%Mn) — 20(%Cr) —17(%Ni)
-15(%Mo) — 20(%V) —11(%Nb)
~10(%W) —10(%Cu) + 15(%Co)

(3.16)

FIG. 3.6—Transmission electron micro-
graphs of 12Cr-1MoVW (HT9) steel in (a) nor-
malized and (b) normalized-and-tempered con-
ditions [25].
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FIG. 3.7—(a) Isothermal transformation (TTT) and (b) continuous cooling transformation (CCT) dia-
grams for 1.4914 (12Cr-MoVNb) martensitic steel (A = Austenite, K = Carbide, Sp &-F = Trace of fer-
rite, M = Martensite, P = Pearlite, Ac,, = Start of austenite formation on heating, Ac,.= Completion of
austenite formation on heating, A=Cooling rate (°C.min~") from 800-500°C [30].
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Ms (°C) = 635 — 474[(%C)
+ 0.86(%N) — 0.15(%Nb + %Zr)

— 0.066(%Ta + %Hf)] — [17(%Cr) (3.17)

+ 33(%Mn) + 21(%Mo) + 17(%Ni)
+ 39(%V) + 11(%W)].

Cobalt is unusual in that it raises the Mg temperature as
well as being an austenite former capable of balancing
the constitution; it is therefore an important addition in
steels containing large concentrations of the ferrite-forming
elements [31].

The phase transformations and precipitation reactions
that occur during anisothermal and isothermal treatments
are important in regard to heat treatment and normal fabri-
cation and welding procedures. The continuous cooling
transformation (CCT) and isothermal time-temperature-
transformation (TTT) characteristics of the high-chromium
(8 to 14%) conventional and reduced-activation ferritic/
martensitic steels have been extensively studied using several
techniques, including dilatometry, thermoelectric power,
and optical and electron microscopy [21,30,32-34]. The CCT
and TTT (displaying the characteristic C-curve behavior) di-
agrams for the 12Cr-MoVNb (1.4914) steel are compared in
Fig. 3.7 [30], and the CCT diagram for the reduced activation
F82H (7.5Cr-2WVTa) steel is shown in Fig. 3.8 [21].

The Mg and M; temperatures for the high-chromium steels
usually range from 250 to 350°C and 80 to 190°C, respec-
tively, but much higher Mg (= 450°C) and M; (= 260°C)
temperatures have been determined for some of the develop-
mental reduced-activation steels [21,30,34]. These observa-
tions and the CCT diagrams demonstrate that the steels are
air hardenable, with the martensite being formed in thick
sections because the pearlite transformation is greatly re-
tarded and bainite is not formed even within extended time

periods. The martensite produced is typical low-carbon lath
martensite; the hardness of the as-quenched martensite in
the high-chromium ferritic/martensitic steels increases lin-
early with increasing interstitial carbon and nitrogen con-
tents [21,30,35] and is given by [30]:

Hvsp = (%C) + 0.63[(%N) — 0.15(%Nb) + (%Zr)]
— 0.066[(%Ta) + (%H)] (3.18)

Furthermore, the martensite hardness is not significantly
dependent on the chromium, tungsten, vanadium, and
tantalum contents, austenitizing temperature, and mi-
crostructural characteristics (prior austenite grain size and
martensite lath width and length) of 8 and 11% Cr reduced-
activation steels [21].

Double austenitizing treatments (950 to 965°C for 2 h, air
cooled plus 1075°C for 0.5 h, air cooled) have been devel-
oped for the 12Cr-MoVNb (MANET II) and other high-
chromium martensitic steels to produce a more uniform
prior austenite grain size and martensite lath structure and,
thereby, greater homogeneity in properties after subsequent
tempering at 750°C [36]. In addition, a double austenitizing
treatment (1200°C for 9 h, water quenched plus 1070°C for
10 h, air cooled) may be applied to modified 9Cr-1Mo (F91)
steel forgings to refine the grain size and enhance the am-
bient temperature tensile proof stress and 600°C creep-rup-
ture properties in the tempered (750°C for 11 h) condition
[37].

TEMPERING

It is essential that the tempering of the martensite is per-
formed at temperatures below the Ac; (the temperature at
which the a — vy transformation commences on heating) to
avoid reaustenitization and thereby achieve the optimum
combination of strength and toughness. Nickel, manganese,
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FIG. 3.8—Continuous cooling transformation (CCT) diagram for low-carbon F82H
(8Cr-2WVTa) steel determined after austenitization at 1050°C for 0.5 h [21].
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and, to a lesser extent, copper all lower the Ac; temperature,
while the ferrite-forming elements Si, Mo, V, and Al increase
it, as shown by the data in Table 3.2 [11,29]. The concentra-
tion of nickel has to be restricted to about 2% to prevent
reaustenitization at temperatures below about 700°C and
enable the tempering to be performed at reasonable tempe-
ratures. Measured Ac; and Acs (the temperature at which the
a — v transformation is complete) temperatures in the
ranges 760 to 850°C and 870 to 960°C, respectively, are
quoted for conventional [30] and reduced-activation
[21,30,34] steels. The respective Acy and Ac; temperatures for
a series of 9Cr-0.8WTa reduced-activation steels are compa-
rable and the transformation behavior on heating is not sig-
nificantly dependent on the interstitial element and tantalum
concentrations [21]; however, increased chromium (11%)
and tungsten (2 to 3%) contents result in higher transforma-
tion temperatures.

Retarded softening occurs during tempering of a simple,
low-carbon 12% Cr steel at temperatures up to about 500°C,
while pronounced softening occurs at 500 to 550°C (Fig. 3.9)
[3,11]; the rate of softening decreases progressively above
550°C. The hardness changes at different tempering tempe-
ratures can be correlated with the microstructural changes as
follows [3,38-40]:

<350°C—A fine dispersion of M3;C (Fes;C) precipitates
forms and grows to a dendritic morphology and then to a

TABLE 3.2—Effects of alloying
elements on the Ac; temperature of
12% Cr steels [11,29].

Change in Ac, (°C)

plate-like Widmanstitten distribution. The chromium con-
tent of the Fe3C increases to about 20% with the possibility of
M;C; being formed in situ from the Cr-enriched Fe;C [41].
Both these effects slow down the growth rate of the Fe;C and
thereby retard softening.

~450-500°C—Fine needles of M,X [predominantly
Cr2(CN)] nucleate primarily on the dislocations within
the martensite laths and retard the softening, but the
precipitation is not sufficiently intense to produce secondary
hardening.

500-550°C—The M,C; and M,X phases coarsen, with a re-
sulting rapid decrease in hardness.

>550°C—The M,C; and M,X are replaced by Cr-rich M>3C¢
precipitates, which nucleate on the martensite lath and prior
austenite grain boundaries, and the rate of decrease of hard-
ness slows down. The dislocation density decreases relative
to that of the “as-quenched” martensite, and sub-structures
consisting of low-angle boundaries and dislocation arrays be-
gin to form.

=650°C—The M,;C4 precipitates at the tempered lath
martensite boundaries grow, leading to a further reduction in
dislocation density and pronounced sub-grain formation
across the martensite laths.

=750°C—The sub-cells within the martensite laths grow
into fairly equiaxed sub-grains with little or no trace of the
original lath martensite structure. Growth of the M,3C¢ pre-
cipitates continues, but clearly defined dislocation networks
may still be present. Virtually all the carbon in solution in the
steels is precipitated as M,3C4 on tempering for =1 h at 700
to 780°C [25].

It follows that overaging during tempering of these steels is
associated with the removal of M>X from within the marten-
site laths and the growth of the grain boundary M,3;C; these
processes allow the dislocations to form polygonal networks.
Further coarsening results in the sub-boundaries becoming
unpinned and growth of equiaxed areas of ferrite occurs with
the boundaries being composed of well-defined dislocation
arrays. This has been referred to as recrystallization during
tempering, but it is really only a form of sub-grain growth [3].
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FIG. 3.9—Tempering characteristics of a 12Cr-0.14C steel [3,11].
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Carbide precipitation on the tangled dislocations in -fer-
rite, which is frequently present in wrought products as
bands of polygonal grains (Fig. 3.2), takes place on temper-
ing at temperatures above about 500°C. The ferrite is rich in
Cr, Mo, and the other ferrite formers as a result of parti-
tioning, and intragranular precipitates of the M>X
[(CrMo)2(CN)] phase in the form of large needles and inter-
granular M;;Cs are produced [25,38,42-44]; these coarsen
gradually and generally persist to the highest tempering
temperatures.

The tempering characteristics of simple high-chromium
steels are modified by alloying additions [3,38,39,45]. Thus,
the presence of 0.02 to 0.03% nitrogen causes the hexagonal
Cr,N (M>X) phase to form in preference to the rhombohedral
M;C; and thereby increases the intensity of the secondary
hardening and overaged hardness. Carbon is also effective in
promoting secondary hardening by increasing the volume
fraction of the M,X phase. Nickel, which is present in the
majority of the 12% Cr steels to balance the constitution, ac-
celerates carbide overaging and thus slightly decreases the
tempering resistance.

The ferrite formers Mo, W, and V are soluble in the M,X
and increase its lattice parameter and the associated co-
herency strains, resulting in true secondary hardening and
increased tempering resistance (Fig. 3.10) [46]. However, sil-
icon increases the coherency strains and the tempering resis-
tance by dissolving in the matrix and decreasing its lattice
parameter [7]. Vanadium, niobium, tantalum, and titanium
form carbides, nitrides, or carbonitrides [VC, VN, Nb(CN),
Ta(CN), and TiN/TiC] at higher temperatures than those at
which M,X precipitates; these phases are very stable and
increase the resistance to overaging and tempering. Any sol-
uble V, Nb, Ta, and Ti also produce solid-solution strength-

ening and retard recovery and growth of the sub-grains at the
highest tempering temperatures.

The solubilities of various carbides and nitrides in ferritic
steels have been documented and reviewed [47]; the solubil-
ity relationships for VN and AIN in ferrite in a 11% Cr steel
are quoted [17] as follows:

(3.19)
(3.20)

log [VIIN] = —7830/T + 5.54
log [AI[N] = —10062/T + 5.80

where [V], [Al], and [N] are in wt%.

The solubility curves for VN in the ferrite at 600 and
750°C are shown in Fig. 3.11, with the stoichiometric line
for VN (V:N = 3.64) included. The VN is much less soluble
in the ferrite than in the austenite phase (Fig. 3.3); however,
it is still significant at tempering temperatures of about
750°C, with the solubility being a maximum along the stoi-
chiometric line. Precipitation of VN and [Nb(CN)] occurs
during creep or exposure at lower temperatures due to the
reduced solubilities. VC has an even higher solubility than
VN, and precipitation in low-vanadium steels is less likely.
AIN is less soluble than VN, and AIN precipitation may take
place in steels with relatively high aluminum contents. It
follows that, in addition to the tempering temperature and
time, the extent of the precipitation during tempering de-
pends on the carbon, nitrogen, and other alloying element
contents of the steels. The effect of carbon content is illus-
trated in Fig. 3.12; there is significantly more precipitation
in the higher (0.2%) carbon 12Cr-1MoVW steel [Fig.
3.12(a)] compared to the lower (0.1%) carbon 9Cr-1MoVNb
steel [Fig. 3.12(b)] [25].

In summary, the microstructures of the conventional and
reduced activation high-chromium martensitic steels in the
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FIG. 3.10—Tempering curves for MANET |, MANET ll, and reduced-activation CeTa

(9.6Cr-0.8WVTaCe) martensitic steels [46].
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FIG. 3.11—Solubility curves for vanadium nitride in ferrite at
600 and 750°C with respect to 11 wit% Cr in the steel [17].

normalized-and-tempered condition are generally similar, as
illustrated in Fig. 3.13(a) and (b). They consist of: (a) marten-
site laths (Fig. 3.14) about 1 pm wide and =5pm long [Fig.
3.6(b)] [25], containing dislocations with a Burgers vector
1/2a¢<<111> and a density of approximately 1 X 10! m™2
[48] and (b) coarse M,3Cs particles located at prior austenite
and ferrite grain boundaries with finer precipitates within
the laths and at the martensite lath and sub-grain bound-
aries; M,X precipitates rich in chromium and isomorphous
with (CrMoWV),(CN) within the martensite laths and 8-fer-
rite phase; primary (Nb,Ta)X; and fine secondary
(V,Nb,Ta)X. Further details concerning the nature and cha-
racteristics of the precipitates in the tempered steels are
given in Chapter 4.

The development of higher creep-rupture strength 9-12%
Cr steels containing various combinations of N, Mo, W, V,
Co, Cu, Nb, and Ta (surveyed in Chapter 2) is based on op-
timizing the constitution and 3-ferrite content, increasing
the stability of the martensite dislocation structure, and
maximizing the solid solution and precipitation hardening.
The intensity of the precipitation hardening by carbides and
nitrides of the V(CN) and Nb(CN) types is enhanced
in steels having the appropriate stoichiometric ratios [49].
In addition, significant increases in hardness and strength
of the low-carbon steels after tempering at relatively low
temperatures of about 500°C are produced by precipitation
of metallic copper in steels containing up to 4% Cu, NiAl in
steels with Ni and =1.5% Al, and NiTi in steels with addi-
tions of Ni and Ti [50,51]. The precipitation of M,X is
intensified with increased additions of Mo and/or equiva-
lent amounts of W [Mo equivalent = %Mo + 0.5 (%W)].
High (=3.5%) concentrations of these elements, together

with cobalt additions to balance the increased 3-ferrite-
forming tendencies, increase the level of the tempering
curve as a result of precipitation reactions at 600 to 650°C
in which the M,X formation is replaced by intermetallic
compounds based on the Mo-Cr-Co (“R”) phase [52]
as well as Laves phases [FesMo, Fe,W, (FeCr),(MoW), and,
possibly, Fe;Co and M;Mog in the overtempered condition].
The tungsten-containing intermetallic compounds ap-
pear to coarsen at a slower rate than the molybde-
num variant, resulting in higher strength, ductility, and
toughness.
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FIG. 3.12—Electron micrographs (extraction replicas) of
normalized-and-tempered (a) 9Cr-1MoVNb (0.1% C) and
(b) 12Cr-1MoVW (0.2% C) steels [25].
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REDUCED ACTIVATION, |

FIG. 3.13—Electron micrographs of nor-
malized-and-tempered (a) reduced-activation
9Cr-2WVTa and (b) conventional 9Cr-
1MoVND steels.

Ausaging, a heat treatment that involves controlled
isothermal aging at 700°C for 120 h after austenitization and
before rapid cooling to ambient temperature and subsequent
tempering of the martensite at 700°C for 4 h, has been devel-
oped to produce uniform precipitation of vanadium nitride
and thereby enhance the stability of the sub-grain structure
and the tensile proof strength and impact properties of high
nitrogen (0.15 to 0.18%) and vanadium (0.6 to 0.8%) 12% Cr
steels [53].

FIG. 3.14—Optical microstructure of normalized-and-tem-
pered 12Cr-1MoVW (HT9) steel [25].
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Thermal Stability

Thermal aging after the initial normalizing (or quenching)
and tempering treatments (discussed in Chapter 3) pro-
duces additional precipitation and interfacial segregation of
trace impurities and alloying elements, which can signifi-
cantly affect the toughness and susceptibility to cracking
and high-temperature deformation of the high-chromium
martensitic steels. The current understanding of the effects
of thermal aging with and without simultaneous stress ap-
plication and the factors that influence the toughness and
fracture behavior and creep-rupture characteristics are re-
viewed in this chapter.

PRECIPITATION

The phases precipitated in the following steels during tem-
pering and subsequent aging at temperatures in the range
400 to 750°C or creep-rupture testing at 550 to 700°C are
summarized in Table 4.1: (a) wrought 9Cr-1Mo [1-9], 9Cr-
2Mo (EM12 [10-12], and JFMS [13]), modified 9Cr-1Mo (T91
[14-23]), 12Cr (FI1[24,25]), 12Cr-1MoV (FV607 [24], CRM12
[25], and X20CrMoV12.1 [23,26,27] ), 12Cr-1MoVW (HT9
[14,15,28]), 12Cr-1MoVNb (FV448, 1.4914, and similar
compositions [22,24,25,29-31]) and 13Cr-2MoVNb [32] fer-
ritic/martensitic steels, the reduced activation grades (F82H
and Ta-free F82 [15,33,34]) and other 9-12% Cr steels con-
taining up to 4% W [35,36] and including E911, NF616,
HCM12, HCM12A, and TB12M [21,23,37], and (b) 10.5Cr-
1MoVND and 10Cr-1Mo1WVND casting steels [38,39].

The phases have been characterized by X-ray diffraction of
extracted residues and by high-resolution analytical electron
microscopy (AEM) of extraction replicas and thin foils using
convergent beam microdiffraction, energy dispersive X-ray
(EDX), electron energy loss spectroscopy (EELS), and other
micro-analytical techniques.

The microstructural developments in the 9-129% Cr steels
containing V, Nb, Mo, and W in the normalized-and-tem-
pered condition and following aging and creep straining for
10 000 to 30 000 h at 600 to 650°C are compared in Table 4.2
[23].

The principal and most stable carbide formed in these
steels is M53Cg, but variable and smaller quantities of other
carbides, nitrides, and carbonitrides may also be produced
during normalizing (or quenching) and tempering. Further
precipitation and spheroidization of these phases occur dur-
ing aging or creep straining, the extent depending on the steel
composition, temperature, time, and applied load. The M,X
precipitates in the normalized-and-tempered steels are grad-
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ually replaced by MX, Z, and Laves phases during prolonged
high-temperature aging or creep straining. The Laves phases
[Fe,Mo, Fe,W and Fe,(Mo,W) in steels containing Mo, W,
and Mo plus W, respectively] are the main precipitates
formed at temperatures in the range 450 to 650°C, the
precipitate volume fractions increasing with increasing
molybdenum and tungsten contents. The time-temperature-
precipitation (TTP) curves for the Laves phase formation in
the modified 9Cr-1Mo (T91), 12Cr-1MoVW (HT9), and re-
duced activation steels F82H and F82 are reproduced in Fig.
4.1 [15]; the noses of the curves for the T91 and HT9 steels are
at 550 to 600°C, while the corresponding temperatures for
the reduced-activation steels are =650°C. The precipitation
in the fully martensitic steels is relatively slow, the Laves
phase being nucleated on the acicular Cr,N particles within
the martensite laths and formed around the M,;Cq4 precipi-
tates at the prior austenite grain and lath boundaries [8].
However, the formation of the Laves phase (Fe,Mo) in the 3-
ferrite in the dual phase 9~12% Cr, 1-2% Mo steels occurs at
an early stage of aging, the noses of the TTP curves being at
550 to 650°C [40,41]. Silicon also enhances the rate of the
Laves phase formation during thermal aging of standard [42]
and modified [19] 9Cr-1Mo steels, while small additions of
tantalum retard the precipitation of the Fe,W phase in the
Fe-Cr-W system [15].

The measured compositions of the metal fractions in the
M;3C¢ and Laves phase precipitates in the 9Cr-1MoVNb
(T91) and 9Cr-MoVNbW (E911) steels in the normalized-
and-tempered and/or aged at 600, 650, and 700°C conditions
are given in Table 4.3 [21].

Chi (X) phase has been detected in a 12Cr-4Mo steel [43]
and a 12Cr-6Mn steel after thermal aging for times up to 5000
h at 400 and 520°C [44,45]; this phase can incorporate carbon
and be considered as a carbide (M;3C) or behave as an inter-
metallic compound (Fe3sCri,Mo4o) [46]. It has also been
reported to form in Fe-Cr-W alloys [47].

Aging for extended periods at temperatures between 400
and 550°C can result in the precipitation of coherent particles
of ’ (Cr-rich ferrite) with an associated reduction in ductil-
ity (475°C embrittlement); however, such effects are not nor-
mally encountered in wrought, fully martensitic steels con-
taining =12% Cr [48,49].

The o’-ferrite in the two-phase (y+3) steels is enriched
in Cr, Mo, Si, W, and other ferrite-forming elements and
depleted in Ni, Mn, and the other austenite (y) stabilizing
elements during austenitization; the y-phase is similarly en-
riched in the austenite-stabilizing elements and depleted in
the ferrite-forming elements. This alloy partitioning results

Wwww.astm.org
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TABLE 4.1—Precipitation in normalized-and-tempered, aged, and creep-rupture tested high-
chromium martensitic steels.

Precipitate | Crystal Structure
Phase and Lattice Typical Composition | Distribution of Precipitates
Parameter

M,,C; fee (Cr,sFe,Mo)C, Coarse particles at prior

a=1.066 nm (Cr,Fe,,Mo,Si,WV)C, | austenite grain and
martensite lath boundaries
and fine intra-lath particles

MX f.c.c. NbC, NbN, VN, Undissolved particles and
a=0.444-0.447nm | (CrV)N, Nb(CN) and | fine precipitates at

(NbV)C martensite lath boundaries

M,X Hexagonal Cr,N, Mo,C and W,C | Martensite lath boundaries
a=0.478 nm (Cr,N and Mo,C); prior
¢ = 0.444 nm austenite grain boundaries

(Mo,C); intra-lath (Mo,C

and W,C); J -ferrite in

duplex steels [Cr, (CN) and
CrMo),(CN)]

Z-phase Tetragonal (CrVNb)N Large plate-like particles in
a=10.286 nm the matrix after creep
¢=0.739 nm straining at 600°C

n7-carbide | Diamond cubic MC Prior austenite grain and
a=1.07-122nm | (Fey,CrMo,Si, )C martensite lath boundaries

' and intra-lath

Vanadium | f.c.c. V.G, Low number density in

carbide a=0.420 nm matrix

Laves Hexagonal Fe,Mo Prior austenite grain and
a=0.4744 nm Fe,W and martensite lath boundaries
¢=0.7725 nm Fe,(MoW) and intra-lath; & -ferrite in

duplex steels

Chi(y) b.c.c. M;;C or Intra-martensite lath;
a=0.892 nm. Fe,;Cr,,Mo,,C & - ferrite in duplex steels

in the precipitation of large necedles of the M,X phase
[Cr,(CN) and (CrMo),{CN)] in the 8-ferrite during tempering
[24] and promotes the formation of the intermetallic
(X and Laves) compounds and the o’ phase in the 8-ferrite
during prolonged aging or service at lower temperatures [43].

The microstructural evolution in the high-chromium
power plant and reduced activation martensitic steels, in-
cluding 3-ferrite stability, austenite-ferrite transformation
temperatures, and precipitation of metastable and equilib-
rium phases as a function of the solute contents and temper-
ature, has also been investigated by computer modeling
[23,37,50-52]. These mathematical modeling approaches
have become progressively more successful and offer the pos-
sibility of describing the changes in the phases and their pro-

portions over extended time periods and developing struc-
ture-property relationships. The most thermodynamically
stable phases in the steels (that is, the equilibrium condition
where the free energy is a minimum) and their fraction as a
function of temperature are predicted using available ther-
mochemical data (THERMOCALC Software Package [53]).
Examples of the data for the 9Cr-MoVNbW (P92;NF616) and
modified 9Cr-1Mo (P91) steels are shown in Fig. 4.2 [37];
these data indicate that little or no Laves phase forms at tem-
peratures above about 720 and 490°C in the respective steels.

Since the equilibrium state is reached only after long times,
the models have to incorporate the kinetics of the precipita-
tion reactions. Thus, thermochemical data in combination
with classical nucleation and growth theories are being used



TABLE 4.2—Microstructural developments in 9-12Cr-MoWVNb
steels during aging and creep straining at 600°-650°C [23].

Normalized
and Tempered

Aged,
10 000-30 000 h

Strained,
10 000-30 000 h
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to predict the sequence in which the phases are formed, their
fraction as a function of time and temperature and the dis-
tribution of particle sizes for each phase [51,54,55]. However,
no reliable models describing the effects of temperature and

Hardness High 95%of N&T |70-80%0fN&T  time on the evolution of the dislocation density and sub-grain
Optical Tempered Tempered Tempered size appear to be available at present.
Microscopy martensite; martensite; martensite; The computed TTP diagram for the Laves phase for the 9%
?ﬂzs?s: o Mzsflls: 4 Mzs(lie: 4 Cr-MoVNbW (P92, NF616) steel is reproduced in Fig. 4.3 [37]
etrite, partly de- partly de- and shows the characteristic C-curve kinetics. The calculated
depending composed composed . _ ; )
on grade &-ferrite S-ferrite amounts of tungsten in the precipitates increase to an equi-
Eloot librium value, which depends on the aging temperature (Fig.
?\/cli::izr)ls copy 4.4) [37], and are in good agreement with the values mea-
Dislocation High Low Very low sured by EDX during aging at 600°C. The estimated concen-
density trations of the tungsten in the different phases in the P92
Sub-grain/ Small lath Martensite Sub-grains fully steel ageq at 600 ar‘ld 650°C are listed in Table 4.4 [37]; the
martensite width lath trans- recovered data confirm those in Table 4.3 in showing that the molybde-
lath size formation
to S}lb' TABLE 4.3—Compositions (wt. %) of the metal fractions in the
gramns M,;C, and laves phase precipitates in the T91 and E911 steels [21].
M,;Ce On lath Partly coarse Partly coarsened Precipitate | Steel | Condition Cr Fe Mo w
bqund ned on . on sub-g}"ain M,;Cq T91 N&T 68 26 6
aries, sub-grain boundaries
typically boundaries Aged at 69-71 | 21-24 7-8
50-150 nm 600 or
. . . . 650°C
MX Finely Finely Finely dispersed
dispersed dispersed (20-50 nm) E911 | N&T 65 27 2 6
20-50 2
(20-50nm) | (20-50 nm) Agedat | 67-68 | 16-23 | 48 | 611
Laves None Medium and Large sized 600,
phase large sized precipitates 650 or
precipitates (=500 nm) 700°C
200-500
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700°C
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FIG. 4.1—TTP diagrams for the Laves phase in the modified 9Cr-1Mo (T91), 12Cr-
1MoVW (HT9), F82H, and F82 steels [15]. NbC (T91) and M,3Cs (all four steels) were
present in the structures before aging.
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FIG. 4.4—Computed kinetics of tungsten precipitation in P92
(NF616) steel aged at 550, 600, 650, and 700°C [37].

TABLE 4.4—Computed partitioning of tungsten (wt. %) in the
various phases in P92(NF616) steel aged at 600° and 650°C [37].

Win Laves W in Solution
Win Phase in Matrix
Time M;3Cs 600°C 650°C 600°C 650°C
10h 0.250 0 0 1.6 1.6
Equilibrium 0.300 0.95 0.7 0.6 0.85

num and tungsten contents of the M,3Cy precipitates remain
constant or increase during aging, thereby demonstrating
that the Mo and W in the Laves phase come from the ferrite
matrix and not from the “as-tempered” carbides.

Models describing the correlations between the mi-
crostructural parameters and the thermal creep strengths are
under development. For example, a composite model that
predicts the creep strain as a function of the sizes and volume
fractions of second phases, dislocation density, and sub-grain
size is available [56].

SEGREGATION

Significant progress in the understanding of elemental segre-
gation and its effects on the properties of alloy steels has been
made during the past 25 to 30 years. This has resulted from
(a) the development and application of Auger Electron Spec-
troscopy (AES), with facilities for in situ fracture at low tem-
peratures in high vacuum so that the composition of the first
few atomic layers of the surfaces can be analyzed, (b) high-
resolution scanning transmission electron microscopy
(STEM) with a spatial resolution of =3 nm, and (c) advances
in AEM, which have enabled complex microstructures to be
quantitatively examined. However, AES cannot be performed
on the duplex (tempered martensite plus 3-ferrite) steels to
provide information on grain boundary segregation because
they do not fracture intergranularly.

It has been demonstrated that interfacial segregation of
alloying and impurity elements in the fully martensitic
high-chromium steels can occur during cooling from the
austenitization temperature and as a result of tempering and



aging. The concentrations of some alloying elements and
trace impurities at lath and prior austenite grain boundaries
in a 12Cr-MoVNDb (1.4914) martensitic steel are enhanced
during cooling at critical rates from the austenitization tem-
perature of 1075°C by a non-equilibrium segregation process.
It has been shown experimentally [29,57,58] that silicon,
boron, and phosphorus segregate at critical cooling rates of
20-50, 250, and 50°C s™!, respectively, while some of the
other alloying elements segregate at lower rates of 2.5°C s™!
(Mo), 3.0°C s7! (V), and 1.5°C s~! (Nb). This type of segrega-
tion is believed to result from the formation of solute
atom-thermal vacancy pairs at high temperatures and their
subsequent diffusion during cooling to interfaces where the
vacancies are annihilated; a theoretical model of this process
has been formulated [59,60], developed further, and applied
to the high-chromium martensitic steels [57,61]. However,
desegregation may also occur during subsequent high-tem-
perature tempering treatments, with the exact rates being de-
pendent on the diffusivities of the particular elements in the
steel matrices.

Phosphorus concentrations almost two orders of magni-
tude higher than those in the bulk are produced on inter-
granular facets in HT9 steel (0.016% P) during slow cooling
or water quenching from a tempering temperature of 750°C,
the segregation being less pronounced in the latter case [62].
Phosphorus, chromium, and silicon also segregate at the
prior austenite grain boundaries of 9Cr and 9Cr-1Mo steels
(0.061 and 0.025% P) during tempering [4,6-8], the extent of
the segregation depending on the presence of molybdenum
in the steel and the tempering temperature (Fig. 4.5) [6];
there is, however, no enhancement of this segregation at the
martensite lath boundaries [7,8]. Most of the phosphorus and
about half of the chromium at the grain boundaries is present
in the first two or three monolayers, implying extremely lo-
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calized elemental segregation, but the remaining chromium
persists to a depth of about ten monolayers and is probably
present in a precipitate form [8].

The majority of the systematic AES, STEM, and AEM stud-
ies of the changes in interfacial composition induced during
aging have been carried out on 9Cr-1Mo steel. The observa-
tions of the increased segregation produced at interfaces in
this and other steels during aging may be summarized as fol-
lows:

® Phosphorus displaces sulfur at the prior austenite grain
boundaries of normalized-and-tempered HT9 steel (0.018%
P) during aging at 540°C for 240 h [63].
® Phosphorus and chromium segregate in a commercial 12%
Cr steel (0.02% P) aged at 500 to 675°C, producing enrich-
ment ratios (interfacial:bulk concentrations) of about 700
and <2, respectively [64].
Phosphorus, chromium, and molybdenum segregate at or
adjacent to the prior austenite grain boundaries (as in the
normalized-and-tempered condition) (Fig. 4.6) and at the
martensite lath boundaries of 9Cr-1Mo steel (0.061% P)
aged at 550°C for 1000 h [7]; the Mo, Cr, Si, and P are also
enriched in the Laves phase (Fe,Mo) formed at the bound-
aries.
Silicon, phosphorus, molybdenum, and chromium segre-
gation is observed at intergranular and, to a lesser extent,
transgranular areas on the fracture surfaces of 9Cr-1Mo
steels (0.025% P) aged at 500 to 550°C for times up to and
in excess of 20 000 h [4,6,8]. Most of the chromium and an
increasing proportion of the phosphorus are incorporated
into the M,3C¢ and Fe,;Mo precipitates, respectively, during
aging. The effect of aging at 500°C on the estimated
amounts of phosphorus segregated in elemental form and
incorporated in the Laves phase at the grain boundaries, as
measured by scanning auger microprobe (SAM) analysis,
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FIG. 4.5—Effect of molybdenum on the grain boundary composition during tem-

pering of 9Cr-1Mo steel [6].
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termined by high-resolution STEM analysis [7].

is shown in Fig. 4.7 [8]. The phosphorus attains levels of 1

to 2% in the Laves phase; M¢C precipitates absorb phos-
phorus more readily than some of the other phases, but sig-
nificant concentrations of this element are not found in the
M23C6 or Cer panicles.

Phosphorus segregates at M,;Cs/matrix interfaces in the
tempered 9Cr-1Mo steel [6,65]; however, the effect of fur-
ther aging on the magnitude of this interfacial segregation
does not appear to have been examined.

Chromium also segregates at the prior austenite grain
boundaries in the 12Cr-MoVNb (MANET) steel during ag-
ing at 700°C, and 1 mm size aggregates, tentatively identi-
fied as Cr-C complexes, have been detected in the matrix by
small angle neutron scattering (SANS) [66]. In addition,
long range fluctuations in the chromium concentration in
the matrix of the normalized-and-tempered 12Cr-MoVNDb
(1.4914) steel have been observed by atom probe field ion
microscopy (APFIM) following aging at 400°C for 17 000 h
and at 500 and 550°C for 10 000 h [67].

The enhanced concentrations of phosphorus and other ele-
ments at the prior austenite grain boundaries observed after
tempering result from either non-equilibrium and/or equilib-
rium segregation, while the interfacial segregation induced
during aging occurs by the latter process. The driving force for
the equilibrium segregation is the minimization of the free en-
ergy of the system when misfitting atoms diffuse from the ma-
trix to the more accommodating sites at the prior austenite
grain and lath boundaries. The thermodynamic modeling of
the process in an ideal binary system with no solute-solute in-
teractions [68] and in a ternary system where such interac-
tions may have an important influence [69,70] have been suc-
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FIG. 4.7—Estimated amounts of phosphorus segregated in
elemental form and dissolved in the Laves phase Fe,Mo in the
9Cr-1Mo steel aged at 500°C [8). [%PHR to Fe;3 is the variation
in the phosphorus peak height ratio (PHR) to iron peak at an
Auger electron energy of 703 eV (Fezq3).]



cessful in providing a description of many aspects of the seg-
regation behavior. However, these models cannot be readily
applied to multi-component systems, such as the metastable
high-chromium martensitic steels; this is because the mi-
crostructural changes occurring during tempering and subse-
quent aging also produce changes in the matrix compositions
and, hence, the thermodynamic reference state [65]. In addi-
tion, other factors such as the diffusion kinetics, precipitation
of particles at or near interfaces, chemical interactions, and
site competition must be taken into account.

There is still considerable uncertainty concerning the role
of alloying elements such as chromium and molybdenum in
the equilibrium segregation of phosphorus. The observations
of Cr, Mo, and P segregates at interfaces in steels may be at-
tributed to co-segregation due to the high interaction ener-
gies of Cr-P and Mo-P complexes [69-71]. It has also been
suggested [72] that site competition between C, N, and P is an
important factor, with the chromium enhancing phosphorus
segregation by removing carbon and nitrogen from solution
to form carbonitrides. However, molybdenum (and vana-
dium and tungsten) in certain concentration ranges retard
the phosphorus segregation in steels, possibly because the
Mo-P interaction is so strong that precipitation occurs, with
the result that the solubility of the phosphorus is reduced and
the tendency to segregate thereby decreased. The beneficial
effect of molybdenum is lost if it is incorporated into a car-
bide or intermetallic compound, and the rate of segregation
of the phosphorus is then controlled by the rate of formation
of the carbide or intermetallic compound. Likewise, phos-
phorus and tin in the lower alloy content steels may be im-
mobilized by additions of the rare earth elements lanthanum
and, to a lesser extent, cerium, which have high affinities for
these impurities [73].

Stress-driven interfacial segregation can occur as a conse-
quence of the interaction between the stress field of a loaded
crack and solute atoms in the matrix. This interaction
imposes a drift flow of under- and over-sized solutes that de-
termines the migration in the vicinity of the crack tip; thus,
enhanced segregation to the crack as well as the grain bound-
ary ahead of the crack can result. A kinetic model of this
process [74] has provided a satisfactory explanation of the
stress-relief cracking within the heat affected zones (HAZs)
of low-alloy steel welds at 300 to 650°C due to the stress-
driven segregation of sulfur [75-77].

The effect of stress on elemental segregation in the high-
chromium ferritic and martensitic steels has not been inves-
tigated. However, enhanced segregation of phosphorus in a
3.5Cr-MoV steel after aging at 340°C for 3 h under an applied
tensile elastic stress of 80 MPa has been detected by AES [78].
Some enhancement of the interfacial concentrations of ni-
trogen and carbon are also found, but the grain boundary
segregation of sulfur, evident after slow cooling (0.3°C s7?)
from 1100°C, is not affected by the subsequent aging at 340°C
with or without stress application.

MECHANICAL PROPERTIES AND
FRACTURE BEHAVIOR

A reduction in fracture toughness occurs when low-alloy
steels are held in or slowly cooled through a critical temper-
ature range, typically 300 to 600°C [6,65,79]. The embrittle-
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FIG. 4.8—Schematic illustration of the effect of RTE on the
Charpy V-notch impact DBTT and low-temperature fracture
mode [65]. U = unembrittied, E = embrittled.

ment is manifested as an increase in the impact ductile-brit-
tle transition temperature (DBTT) and is associated with a
change in the low-temperature brittle fracture mode from
transgranular cleavage to intergranular as depicted in Fig.
4.8. The equilibrium segregation of the impurity elements
phosphorus, tin, and antimony to the prior austenite grain
boundaries in otherwise relatively stable microstructures,
and the resultant reductions in the intergranular cohesive
strengths are primarily responsible for this process of re-
versible temper embrittlement (RTE) in the low-alloy steels
[79-82]. The high-chromium martensitic steels also exhibit
this type of embrittlement after aging, but the controlling fac-
tors and underlying mechanisms differ somewhat from those
responsible for the RTE in low-alloy steels.

Tensile

The tensile proof and ultimate stresses decrease progres-
sively with increasing tempering temperature in the range
600 to 750°C for a series of 12Cr steels as shown in Fig. 4.9
[24]; there are associated increases in ductilities, particularly
in the tempering temperature range 700 to 750°C, coincident
with the rapid decrease in dislocation density, the formation
of sub-grains, and the destruction of the martensite lath
structure. The fractures remain fully ductile.

It has been suggested [83] that the 0.2% proof stresses
(00.2) of the normalized-and-tempered 12Cr steels are deter-
mined by the ferrite grain size (d) according to the Hall-Petch
type of relationship plus a strengthening (¢,) due to the pre-
cipitated carbides (and nitrides) described by an Orowan
type of equation [84]:

0oz =A' +Bd? + g, 4.1)
=< LB
0 =5 In5p 4.2)

where \ is the precipitate spacing, D is the precipitate parti-
cle diameter, b is the Burgers vector of the slip dislocation,
and A’, B’, and C’ are constants.

There is also a good quantitative relationship between the
ambient temperature tensile proof stresses and the carbon
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and nitrogen contents of 12Cr-MoV steels tempered for 1 h at
650°C [83]:

0p2 =710 + 770 (C + N) 4.3)

where 0y is in MPa and C and N are in wt%. This equation
simply reflects the increased strengthening due to the in-
creased volume fraction of precipitates with increasing car-
bon and nitrogen contents.

In general, thermal aging has a relatively small effect on the
ambient temperature tensile strengths and ductilities of the
fully martensitic 9Cr-1Mo steel aged at 500 and 550°C for 1000
and 5000 h[1,8], modified 9Cr-1Mo steel aged at 482, 538, and
593°C for =50 000 h [85,86], and model 9Cr-1Mo alloys with
various concentrations of phosphorus (<0.005% and
0.025-0.031%) and silicon (< 0.01% and 0.065 t0 0.066%) and
aged for 5000 h at 550°C [42]. However, the tensile reduction
of area values and true strains to fracture of 9Cr-1Mo steels
decrease after aging at 550°C for up to 5000 h (Fig. 4.10)
[4,11,87], with the non-uniform (necking) elongation being
primarily affected. Aging at the higher temperatures of 649
and 704°C produces reductions in strength and increases in
the ductility of the modified 9Cr-1Mo steel [86]. Extensive
brittle failures were not found in any of these tests, which were

conducted above the DBTTSs for the stress and strain condi-
tions applied. Nevertheless, there is a partial change in frac-
ture mode from micro-void coalescence to “chisel” type frac-
ture with increasing aging time for the standard and model
9Cr-1Mo steels [8,42], and some secondary intergranular
cracking is also produced in this type of steel when tested in
both the tempered and aged conditions [4,87].

The duplex EM12 steel exhibits significant hardening,
manifested as increases in tensile yield and ultimate
strengths and reductions in ductility, following aging at tem-
peratures in the range 400 to 600°C for times up to 30 000 h
[10]. These changes in properties are attributed to the pre-
cipitation of the Laves phase (Fe;Mo) in the 8-ferrite grains,
the observed recovery of the properties after =1000 h at 550,
and 600°C being due to overaging of the particles.

Impact

The prior austenite grain size and the tempered strength es-
sentjally determine the impact and toughness properties of
the normalized-and-tempered high-chromium martensitic
steels [24,88]. The effects of heat treatment on the impact
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FIG. 4.10—Effects of thermal aging on the tensile ductility of 9Cr-1Mo steels

[4,11,87].

DBTT curves of plain 12Cr (FI), 12Cr-MoV (FV607) and
12Cr-MoVNDb (FV448) steels are shown in Fig. 4.11(a), (b),
(c), and (d), respectively [24].

Increasing the austenitizing temperature from 950 to
1000°C and 950 to 1050°C, for a constant tempering condi-
tion of 750°C for 2 h, produces increases (ATs) in DBTTs
from —85 to —60°C for the FI[Fig. 4.11(a)] and —90 to —60°C
for the FV607 [Fig. 4.11(b)] steels, respectively, and no sig-
nificant effects on the upper shelf energies (USEs). The ATs
are due solely to the increase in prior austenite grain size
with increasing austenitizing temperature (Fig. 4.12) [24] as
the tempered strengths are comparable.

For a given austenitizing temperature of 1050°C, decreas-
ing the tempering temperature from 750 to 650°C (time of 2
h) results in a AT of 45°C for the FV607 steel (from —60 to
—15°C) together with a large reduction in the USE [Fig.
4.11(b)]; these effects are due to the increased tempered
strength resulting from the lower tempering temperature and
not to prior austenite grain-size variations.

An increase in austenitizing temperature from 1020 to
1100°C has very little effect on the prior austenite grain size
of the 12% Cr-MoVNDb (FV448) steel (Fig. 4.12) due to the in-
hibition of the grain growth by undissolved NbC particles
[24]; however, increasing the strength by reducing the tem-
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pering temperature and time from 750°C for 6 h to 700°C for
1 h produces a AT of 35°C (from —30 to +5°C) and a major
reduction in the USE [Fig. 4.11(c)]. Similarly, increasing the
tempered strength by decreasing the tempering time from 20
to 6 to 2 h at 750°C after austenitizing at 1100°C for 1 h re-
sults in ATs of 35 and 70°C (from —65 to —30 to +5°C) and
large decreases in the USE [Fig. 4.11(d)].

An analysis of these impact and the corresponding tensile
data show that a change in prior austenite grain size of d =2
= 1 mm~ Y2 results in a change in DBTT of 23°C, while a AT

of 2-5°C is produced for a tensile proof stress increase of 10
MPa [24]. Also, the USE values for the sub-size Charpy V-
notch specimens of the 12Cr-MoV and 12Cr-MoVND steels
decrease by approximately 1 J for every 30 MPa increase in
proof stress brought about by decreased tempering.

As stated in Chapter 3, the presence of d-ferrite adversely
affects the strength and toughness of the normalized-and-
tempered high-chromium martensitic steels [83]. However, a
5-ferrite content of 0.5% in a 11Cr-MoVND steel decreases the
DBTT relative to that of a fully martensitic steel, while larger
amounts of 3-ferrite in 12-14Cr-MoVNb and 12Cr-MoVW
(HT9) steels produce increases in DBTT and reductions in
USE [89-92]. These effects are attributed to the formation of
massive dendritic carbides (mainly M;3;Cs) at the &-ferrite-
matrix interfaces during cooling at critical rates from the
austenitizing temperature [90-92]; the carbides initiate
cleavage fractures which then propagate in the 3-ferrite
grains at temperatures below the ductile-brittle transition
and also nucleate ductile dimple fractures at temperatures
corresponding to the upper shelf regions. Only isolated car-
bides are formed at the 3-ferrite grain boundaries in the steel
containing 0.5% &-ferrite, and the fracture processes are not
adversely affected [90]. However, it is possible that the dele-
terious dendritic carbide structures may develop in the steels
during prolonged aging or service exposure at high tempera-
ture, even when these structures are not formed during cool-
ing from the austenitizing temperature [92].

Thermal aging produces increases in the Charpy V-notch
impact DBTT and reductions in the USE of the high-
chromium martensitic steels [4,6,86,87]. These effects are il-
lustrated for the 9Cr-1Mo [4], modified 9Cr-1Mo [93], and
12Cr-MoV [94] fully martensitic steels in Fig. 4.13. The ATs
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FIG. 4.13—Charpy V-notch impact transition curves for 9Cr-1Mo [4], modified 9Cr-
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produced by aging are listed for several steels in Table 4.5;
the magnitude of the embrittlement is dependent on the steel
composition and initial structure, aging temperature, and
time, and the induced microstructural and local composi-
tional changes.

The effects of aging temperature and time on the 67.8 J (50
ft-1b) DBTT of low (0.11%) and high (0.40%) silicon heats of
the modified 9Cr-1Mo steel (the DBTTs of the normalized
and tempered steels were —27 and —4°C, respectively) are

shown in Fig. 4.14 [86]. The DBTTs increase with aging up to
maxima and recover after long exposure times at 482, 538,
and 593°C; however, the high silicon steel shows more rapid
embrittlement and the recovery is less pronounced than in
the low-silicon steel. The maximum embrittlement is pro-
duced by aging at 538°C for 25 000 h, the ATs for the low- and
high-silicon grades being about 70 and 60°C, respectively.
Smaller ATs are produced after aging for short and interme-
diate periods at 649 and 704°C, but the embrittlement, par-
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TABLE 4.5—Effects of thermal aging on the increase (AT) in the Charpy V-notch impact ductile-brittle transition
temperature (DBTT) of high-chromium martensitic steels.

Steel Phosphorus | Aging Temp | Aging Time AT Reference
Content (%) (°O) (h) O
0.018 500 240 10 63
0.015 550 1000 30-50 28
HT9 450 10000 0
(12Cr-1MoVW) 500 . 10
0.018 550 , 10 15
600 . 15-20
650 .. 50
X20CrMoV12.1 | <0.018; 550 5000 <15 26
1 (12Cr-1MoV) <0.035
482 10000* 50
0.010 538 25000* 70
(0.11% Si) 593 '25000* 60 86
649 1200* 25
704 50000* 30-35
482 50000* 30-35
T91 0.010 538 25000* 60
(9Cr-IMoVNDb) | (0.40% Si) 593 1200* 45 86
649 5000* 35
704 50000* 20-25
<450 10000 0
, 500 - 20
0.006 550 - 40 15
600 - 75-80
650 - 10
<450 10000 0
F82H 0.005 500 - 5
(8Cr-2WVTa) 550 - 35 15
600 - 60
650 - 90
<450 10000 0
500 - 15
550 - 60
600 - 60
F82 (8Cr-2WV) | 0.003 650 - 105 15
9&12Cr-2W | <0.002 600 1000 20-25 35

*Times to achieve maximum embrittlement during aging (duration < 75,000 h).
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ticularly of the high-silicon steel, approaches that induced at
the lower temperatures after long aging times.

The Charpy V-notch impact transition curves for the 0.40%
silicon-modified 9Cr-1Mo steel [93] have been reanalyzed,
and the variations in the DBTT (100 J) and USE with aging
temperature and time are illustrated in Fig. 4.15 [6]. The
changes in the DBTT and USE exhibit similar kinetics, and
the data confirm that the maximum effects are produced
after aging at 500 to 550°C. The kinetics of the process are en-
hanced at the higher aging temperatures, but the magnitudes
of the embrittlement are reduced; the transitory nature of the
embrittlement is also evident, with the DBTT and USE
recovering on prolonged exposure (=10,000 h at =550°C).

It has been claimed that “475°C embrittlement,” mani-
fested as increases in the DBTT and reductions in the USE in
notched impact tests and increases in the hardness at ambi-
ent temperature, is produced in weldments, particularly in
the HAZs, of various 11-13Cr martensitic steels following
isothermal aging at 340 to 600°C for times up to about 7000
h [95]. The effects are most pronounced after aging at 425°C,
and the data suggest that this type of embrittlement might
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still occur during prolonged aging even at temperatures
below 340°C. The magnitude of the embrittlement may be
reduced by decreasing the chromium, nickel, and silicon
contents, increasing the purity, and electron beam melting of
the steels.

Creep and Creep-Rupture

The creep-rupture strengths of the highly alloyed 9 to 12% Cr
martensitic steels are determined primarily by (i) solid-solu-
tion strengthening by Cr, Mo, and W and (ii) precipitation
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hardening by (a) the fine, stable MX phases produced during
tempering and (b) the formation of VN and Nb(CN) particles
during creep exposure due to the lower solubilities of these
phases in the tempered martensite matrix at a testing tem-
perature of about 600°C than in the austenite at the normal-
izing temperature and in the ferrite at the tempering temper-
ature [21,22]. The precipitation of the Laves phases [Fe;Mo;
Fe,W; Fe;(Mo,W)] during the early stages of the creep-rup-
ture tests may also produce some strengthening, but this sub-
sequently decreases as a result of coarsening of the particles
and the reduction in the chromium, molybdenum, and tung-
sten concentrations in solution when these elements are in-
corporated into the M;3Cs and Laves phase particles.

The majority of steels with chromium contents <13% show
inflections in the applied stress-rupture time curves, which
are manifested as rapid reductions in creep-rupture strengths
accompanied by corresponding increases in rupture ductili-
ties during prolonged (=10° h) exposure tests at 550°C; this
was first reported in the 1960s [96,97] and has been termed
“sigmoidal behavior.” The characteristics of the sigmoidal
behavior depend on the steel composition, initial heat treat-
ment, and test temperature, the inflections generally occur-
ring at shorter durations and lower stresses with increasing
test temperature. This behavior is illustrated for two 12Cr-
MoVNBD steels containing 0.52 and 1.15% Ni in Fig. 4.16 [31].
It is due [31,98,99] in these and some other high-chromium
martensitic steels to the progressive softening and recovery
of the dislocation structure as a result of the coarsening of the
M,;C; particles, the formation of Z-phase and the dissolution
of M)X and secondary MX precipitates under the combined
influences of thermal exposure, applied stress, and plastic
strain accumulation during creep; these processes are accel-
erated in the steel with the higher nickel content.

The microstructural degradation and the associated transi-
tion from precipitation to solid solution strengthening may
be minimized in the 12Cr steels by restricting the nickel con-
tent to 0.5% (max), decreasing the niobium concentration to
limit the precipitation of the Z-phase and thereby promote
the retention of the fine, beneficial M,X and secondary MX
precipitates in the matrix [99].

Significant increases in the continuously measured creep
rates of the MANET I steel after 10 000 to 20 000 h at 600°C,
a few hundred hours at 650°C, and about 10 h at 700°C have
also been reported [100]; this creep instability behavior is as-
sociated with a hyper-stoichiometric A:N ratio (2.7) in the
steel (0.054% Al; 0.02% N). This factor, coupled with the very
low solubility of AIN in the ferritic matrix in high-chromium
steels at temperatures of 600 to 700°C [22], results in little or
no nitrogen being left in solution for the formation of the pre-
cipitation strengthening VN and Nb(CN) phases during the
creep testing. However, the creep strengths of the MANET II
steel (0.004-0.012% Al; 0.027-0.032% N) at 450 to 700°C and
up to 10 000 h show little or no scatter and are, due to their
hypo-stoichiometric Al:N ratio and the excess nitrogen in so-
lution available for precipitation as VN and Nb(CN), superior
to those of the MANET I steel [101]. Furthermore, the
MANET II steel does not exhibit instabilities in its creep be-
havior.

A constant creep strength, termed “inherent creep
strength” (ICS), may be achieved after long-term creep defor-
mation at elevated temperature as a result of the microstruc-

‘MWMtnm

-

b

L

L Cant A
B Cast B
= o.s2m
- LM
01— ; — i
100 000 10000 10000
Creop Rupture Life - Hours
[
“+ osom
= Lo
40F
Cast A
30F
zo-
Cast B
101
° ida T YYON il
100 1000 10000 10000

Creep Rupiure Life -~ Nours

FIG. 4.16—Creep-rupture properties of 12Cr-MoVNb
steels at 660°C [31].

tural degredation [102]. The creep-rupture strengths of Cr-Mo
steels containing 1 to 12% Cr decrease towards a common
level with increasing test temperature and time [103]. The ICS
is determined by the composition of the ferrite matrix and is
not dependent on the initial (as heat treated) microstructure.
It is enhanced by solid-solution strengthening by molybde-
num, the maximum ICS for a 0.2% carbon, high-chromium
creep-resistant steel being achieved with 0.03% Mo [102].



Tungsten is also beneficial as it produces a more stable mi-
crostructure [104]; that is, recovery of the martensite struc-
ture and the associated decrease of the dislocation density
proceeds more slowly in the tungsten-containing P92 (NF616)
than in the modified 9Cr-1Mo (P91) steel [104], which in turn
is more microstructurally stable than some of the other high-
chromium martensitic steels [102].

Fracture

The embrittlement of the 12Cr-1MoVW (HT9) steel produced
by aging for 1000 h at 550°C (see Table 4.5) is associated with
increased grain boundary carbide precipitation and a ten-
dency to form secondary intergranular cracks [28], while the
aging-induced embrittlement of the 9Cr-1Mo steel (Fig. 4.13)
is accompanied by a progressive change in fracture mode
from cleavage or quasi-cleavage to intergranular at tempera-
tures below the ductile-brittle transition temperature
[3,4,6,9]. The latter behavior is also evident in bend tests at
temperatures ranging from —196 to +50°C on blunt-notched
specimens of the 9Cr-1Mo steel aged at 550°C for 1000 and
5000 h [105], and the brittle intergranular fracture can occur
on a limited scale even in the upper-shelf region [4]. However,
the majority of the steels for which impact embrittlement data
are presented in Table 4.5 exhibit a transgranular cleavage or
quasi-cleavage fracture mode with little or no intergranular
cracking in the brittle, lower-shelf energy régime after aging.

The embrittlement and the associated grain boundary frac-
ture in the aged high-chromium steels can be explained in
terms of the following mechanisms [4,6]: (i) brittle separa-
tion of precipitate-free regions of the boundaries containing
phosphorus segregates, (ii) decohesion at carbide precipi-
tate/matrix interfaces to which phosphorus has segregated,
and (iii) cleavage along internal boundaries of the brittle
Laves phase. The embrittlement and intergranular failures
produced by aging of the HT9 [22] and other high-chromium
martensitic steels [59,80] may be explained by mechanisms
(i) and (ii), as it appears that the Laves phase is not formed in
these steels. The embrittlement of the 9Cr-1Mo steel after
aging has been investigated in detail by STEM, AEM, and
scanning electron microscopy (SEM) techniques, and the mi-
crostructural and local compositional changes correlated
with the Charpy impact properties and fracture behavior
[3,4,6,8,87]. It was established that the interfacial segrega-
tion of chromium, molybdenum, and silicon leads to the al-
most continuous precipitation of thin sheets of the Laves
Fe»(Mo,Si) phase at the grain and lath boundaries during ag-
ing at 500 and 550°C, and that failure occurs by mechanism
(iii). As illustrated in Fig. 4.7, interfacial elemental segrega-
tion of phosphorus occurs during the initial stages of aging,
but increasing amounts of phosphorus are absorbed in
the Laves phase at longer times and result in further reduc-
tions in the local fracture strength [105]. The recovery of
the toughness after prolonged aging is associated with
spheroidization of the Laves phase. Thus, contrary to the be-
havior of low-alloy steels in which the RTE is primarily due
to the grain boundary segregation of phosphorus, the em-
brittlement in the aged 9Cr-1Mo and most probably other
high-chromium martensitic steels is microstructurally domi-
nated, with the phosphorus segregation having a secondary
but, nevertheless, important influence.
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In contrast to the observations on the 9Cr-1Mo steel cited
above, the Laves phase is precipitated as discontinuous films
and globular particles at the grain and lath boundaries in the
modified 9Cr-1Mo steel [86]. The phosphorus contents of the
standard 9Cr-1Mo steel heats examined were also much
higher (0.061 and 0.025%) [7,8] than those of the modified
9Cr-1Mo steels (0.006 and 0.010%) [15,86] and reduced acti-
vation steels (=0.005%) [15,35]. Consequently, the extent of
the interfacial segregation and absorption of phosphorus
into the Laves phase may have been more pronounced in
the standard 9Cr-1Mo steel, thereby enhancing the reduc-
tions in the grain boundary cohesive strength. Thus, while in-
tergranular fractures are not commonly produced in many
of the aged high-chromium steels, there is no doubt that
the formation of the Laves phase contributes to the observed
embrittlement. Although the precise mechanism responsible
for the embrittlement has not been identified [86], it is
probable that the Laves phase precipitation and phosphorus
segregation facilitate transgranular cleavage in these steels
by lowering the fracture stress at the martensite lath bound-
aries.

The results of extensive STEM and AEM studies of the
ductile void nucleation and growth processes in 9Cr-1Mo
steel [65,87] have confirmed earlier predictions [1,4] that the
reductions in the Charpy V-notch impact USEs and tensile
ductilities produced by aging are associated with the M,3C¢
and Laves Fe,Mo particles located at the martensite lath
boundaries. The M,3C¢ particles are primarily responsible for
the ductile fracture in the “as-tempered” steel; voids form at
these carbides and grow, finally coalescing and linking up
with larger cavities nucleated at inclusions. Phosphorus seg-
regation to the carbide/matrix interfaces during the initial
stages of aging at 550°C weakens the interface, thereby al-
lowing void nucleation to occur at lower levels of deforma-
tion and resulting in reduced ductility and ductile fracture
toughness. Voids form readily on the Laves particles pro-
duced at the lath boundaries during more prolonged aging
and increase the number of nucleation sites; however, the in-
corporation of phosphorus into the Fe,Mo leads to a partial
recovery of the carbide/matrix interfacial strength.

Finally, the embrittlement produced by thermal aging can
be minimized or suppressed by controlling the residual ele-
ments in the high-chromium fully martensitic steels [6]. Re-
ducing the silicon content delays or inhibits the Laves phase
formation, thereby slowing down the rate of embrittlement
and promoting more rapid recovery. Decreasing the bulk
phosphorus content to about 0.005% would also be beneficial
in reducing the amount of intergranular fracture and, hence,
the AT as well as maintaining a high upper-shelf toughness.

REFERENCES

[1] S. J. Sanderson, in: Ferritic Steels for Fast Reactor Steam Gen-
erators, Eds. S. F. Pugh and E. A. Little (British Nuclear Energy
Society, London, 1977) 120.

[2] R. D. Leapman, S. J. Sanderson, and M. J. Whelan, Metal Sci.
12 (1978) 215.

[3] J. M. Titchmarsh, M. Wall, and B. C. Edwards, in: Proc. Work-
shop on Analytical Electron Microscopy, Eds. D. B. Williams
and D. C. Joy (San Francisco Press, San Francisco, CA, 1984)
247.



54 HIGH-CHROMIUM FERRITIC AND MARTENSITIC STEELS FOR NUCLEAR APPLICATIONS

[4] M. Wall, Temper Embrittlement in 9% Cr Steels, Ph.D. Thesis,
Imperial College, University of London, 1985.

[5]1 J. M. Titchmarsh C. M. Shepherd, and I. A. Vatter, The Mea-
surement of Chemical Composition with High Spatial Resolu-
tion Using a Dedicated Scanning Transmission Electron Mi-
croscope, UKAEA Report AERE-R 12317, February 1987.

[6] M. Wall, A Review of Thermal Aging Effects in High Chromium
Ferritic Steels, UKAEA Report AERE-R 12812, January 1987.

[7]1. M. Vatter and J. M. Titchmarsh, Transmission Electron Mi-
croscope Investigation of Boundary Composition in 9%Cr-
1%Mo Steel, UKAEA Report AERE-R12562, February 1987.

[8] C. A. Hippsley and N. P. Haworth, Mat. Sci. and Tech. 4 (1988)
791.

[9] J. A. Hudson, S. G. Druce, G. Gage, and M. Wall, J. Theor. Appl.
Fracture Mech. 10 (1988) 123.

[10] P. Billard, J. R. Donati, D. Guttmann, M. Guttmann, S.
Licheron, and J. C. Van Duysen, in: Ferritic Alloys for Use in
Nuclear Energy Technologies, Eds. J. W. Davis and D. J. Michel
(Met. Soc. AIME, Warrendale, PA, 1984) 425.

[11] P. J. Grobner and W. C, Hagel, Metall. Trans. 11A (1980) 633.

[12] M. Pelletier, R. M. Vilar, and G. Cizeron, J. Nucl. Mater. 105
(1982) 237.

[13] M. Suzuki, A. Hishinuma, P. J. Maziasz, and T. Sawali, J. Nucl.
Mater. 170 (1990) 270.

[14] J. M. Vitek and R. L. Klueh, Metall. Trans., 14A (1983) 1047.

[15] M. Tamura, H. Hayakawa, A. Yoshitake, A. Hishinuma, and T.
Kondo, J. Nucl. Mater. 155-157 (1988) 620.

[16] W. B. Jones, C. R. Hills, and D. H. Polonis, Metall. Trans. 22A
(1991) 1049.

[17] K. Tokuno, K. Hamada, R. Uemori, T. Takeda, and K. Itoh,
Scripta Metall. et Mater. 25 (1991) 871.

[18] K. Tokuno, K. Hamada, and T. Takeda, J. Metals 44(4) (1992)
25.

[19] P. J. Maziasz and R. L. Klueh, in: Effects of Radiation on Ma-
terials: 16th International Symposium, ASTM STP 1125, Eds.
A. S. Kumar, D. S. Gelles, R. K. Nanstad, and E. A. Little,
(American Society for Testing and Materials, Philadelphia, PA,
1992) 1135.

[20] C. R. Brinkman, B. G. Gieseke, and P. J. Maziasz, in: Mi-
crostructures and Mechanical Properties of Aging Material,
Eds. P. K. Liaw, R. Viswanathan, K. L. Murty, E. P. Simonen,
and D. Frear (The Minerals, Metals and Materials Soc., War-
rendale, PA, 1993) 107.

[21] J. Orr and L. Woollard, in: Microstructural Development and
Stability in High Chromium Ferritic Power Plant Steels, Eds.
A. Strang and D. J. Gooch (The Inst. of Materials, London,
Book 667, 1997) 53.

[22] V. Foldyna, Z. Kuboti, A. Jakovova, and V. Vodarek, in: Mi-
crostructural Development and Stability in High Chromium
Ferritic Power Plant Steels, Eds. A. Strang and D. J. Gooch
(The Inst. of Materials, London, Book 667, 1997) 73.

[23] H. Cerjak, V. Foldyna, P. Hofer, and B. Schaffernak, in: Mi-
crostructural Development and Stability in High Chromium
Ferritic Power Plant Steels, Eds. A. Strang and D. J. Gooch
(The Inst. of Materials, London, Book 667, 1997) 145.

[24] E. A. Little, D. R. Harries, F. B. Pickering, and S. R. Keown,
Metals Tech. 4 (1977) 205.

[25] E. A. Little and L. P. Stoter, in: Effects of Irradiation on Mate-
rials: Eleventh Conference, ASTM STP 782, Eds. H. R. Brager
and J. S. Perrin (American Society for Testing and Materials,
Philadelphia, PA, 1982) 207.

[26] E. Tolksdorf, K. Schneider, and H. W. Griinling, in: Ferritic Al-
loys for Use in Nuclear Energy Technologies, Eds. J. W. Davis
and D. J. Michel (Met. Soc. AIME, Warrendale, PA, 1984) 371,

[27] H. Berns and F. Krafft, in: Rupture Ductility of Creep Resistant
Steels, Ed. A. Strang (The Inst. of Metals, London, Book No.
522, 1991) 116.

[28] T. Lechtenberg, W. M. Garrison, and J. M. Hyzak, in: Ferritic Al-
loys for Use in Nuclear Energy Technologies, Eds. J. W. Davis
and D. J. Miche] (Met. Soc. AIME, Warrendale, PA, 1984) 365.

[29] R. G. Faulkner, G. J. Adetunji, W. E. Voice, E. Materna-Morris,
K. Ehrlich, and K. Anderko, in: Materials for Nuclear Reactor
Core Applications, Vol. I (British Nuclear Energy Society, Lon-
don, 1987) 253.

[30] E. Materna-Mortis, M. Schirra, and K. Ehrlich, in: Materials
for Nuclear Reactor Core Applications, Vol. I (British Nuclear
Energy Society, London, 1987) 263.

[31] A. Strang and V. Vodarek, in: Microstructural Development
and Stability in High Chromium Ferritic Power Plant Steels,
Eds. A. Strang and D. J. Gooch, (The Inst. of Materials, Lon-
don, Book 667, 1997) 31.

[32] V. S. Agueev, V. N. Bykov, A. M. Dvoryashin, V. N. Golovanov,
E. A. Medvendeva, V. V. Romaneev, V. K. Sharmardin, and A.
N. Vorobiev, in; Effects of Radiation on Materials: 14™ Inter-
national Symposium, ASTM STP 1046, Vol. I, Eds. N. H.
Packan, R. E. Stoller, and A. S. Kumar (American Society for
Testing and Materials, Philadelphia, PA, 1989) 98.

[33] M. Tamura, H. Hayakawa, M. Tanimura, A. Hishinuma, and T.
Kondo, J. Nucl. Mater. 141-143 (1986) 1067.

[34] Y. Kohno, D. S. Gelles, A. Kohyama, M. Tamura, and A. Hish-
inuma, J. Nucl. Mater. 191-194 (1992) 868.

[35] F. Abe, H. Araki, T. Noda, and M. Okada, J. Nucl. Mater. 155-
157 (1988) 656.

[36] A. Kimura, H. Kayano, T. Misawa, and H. Matsui, J. Nucl.
Mater. 212-215 (1994) 690.

[37]1 B. Nath, E. Metcalfe, and J. Hald, in: Microstructural Develop-
ment and Stability in High Chromium Ferritic Power Plant
Steels, Eds. A. Strang and D. J. Gooch (The Inst. of Materials,
London, Book 667, 1997) 123.

[38] R. W. Vanstone, H. Cerjak, V. Foldyna, J. Hald, and K. Spi-
radek, in: Microstructural Development and Stability in High
Chromium Ferritic Power Plant Steels, Eds. A. Strang and D. J.
Gooch (The Inst. of Materials, London, Book 667, 1997) 93.

[39] K. H. Mayer, H. Cerjak, P. Hofer, E. Letofsky, and F. Schuster,
in: Microstructural Development and Stability in High
Chromium Ferritic Power Plant Steels, Eds. A. Strang and D. J.
Gooch (The Inst. of Materials, London, Book 667, 1997) 105.

[40]1 T. Fujita, K. Asakura, and Y. Otoguro, Metall. Trans. 12A
(1981) 1071.

[41] Y. Hosoi, N. Wade, S. Kunimitsu, and T. Urita, J. Nucl. Mater.
141-143 (1986) 461.

[42] G. R. Jordan, S. J. Andrews, and C. A. Hippsley, Mat. Sci. and
Tech. 9 (1993) 1115.

[43] F. B. Pickering, Physical Metallurgy and the Design of Steels
(Applied Science Publishers Ltd., London, 1983).

[44] R. D. Griffin, R. A. Dodd, G. L. Kulcinski, and D. S. Gelles, Met-
all. Trans. 21A (1990) 1853.

[45] R. D. Griffin, D. S. Gelles, R. A. Dodd, and G. L. Kulcinski, J.
Nucl. Mater. 179-181 (1991) 714.

[46] H. J. Goldschmidt, Interstitial Alloys (Butterworths, London,
1967).

[47] H. J. Goldschmidt, J. Inst. Metals 97 (1969) 173.

[48] R. Lagneborg, Trans. Amer. Soc. Metals 60 (1967) 67.

[49] P. J. Grobner, Metall. Trans. 4 (1973) 251.

[50] J. Hald and Z. Kubot, in: Microstructural Development and
Stability in High Chromium Ferritic Power Plant Steels, Eds.
A. Strang and D. J. Gooch (The Inst. of Materials, London,
Book 667, 1997) 159.

[51]J. D. Robson and H. K. D. H. Bhadeshia, in: Microstructural
Development and Stability in High Chromium Ferritic Power
Plant Steels, Eds. A. Strang and D. J. Gooch (The Inst. of Ma-
terials, London, Book 667, 1997) 179.

[52] J.-C. Brachet, L. Gavard, C. Boussidan, C. Lepoittevin, S. Denis
and C. Servant, J. Nucl. Mater. 258-263 (1998) 1307.



[53] B. Sundman, B. Jansson and J.-O. Andersson, Calphad 9 (1985)
153.

[54]J. D. Robson and H. K. D. H. Bhadeshia, Mat. Sci. Tech 13
(1997) 631 and 640.

[55] J. D. Robson and H. K. D. H. Bhadeshia, in: Microstructural
Stability of Creep Resistant Alloys for High Temperature Plant
Applications, Eds. A. Strang, J. Cawley and G. W. Greenwood
(The Inst. of Materials, London, Book 682, 1998) 395.

[56] P. Polcik, S. Straub, D. Henes and W. Blum, in: Microstruc-
tural Stability of Creep Resistant Alloys for High Temperature
Plant Applications, Eds. A. Strang, J. Cawley and G. W.
Greenwood (The Inst. of Materials, London, Book 682, 1998)
405.

[57] R. G. Faulkner, Acta. Met. 35 (1987) 2905.

[58] R. G. Faulkner, L. Schifer, G. J. Adetunji, and E. A. Little, J.
Nucl. Mater. 155-157 (1988) 612.

[59] T. M. Williams, A. M. Stoneham, and D. R. Harries, Met. Sci.,
10 (1976) 14.

[60] D. R. Harries and A. D. Marwick, Phil. Trans. Roy. Soc. A295
(1980) 197.

[61] R. G. Faulkner, J. Mat. Sci. 16 (1981) 373.

[62] J. M. Hyzak and W. M. Garrison, in: Ferritic Alloys for Use in
Nuclear Energy Technologies, Eds. J. W. Davis and D. J. Michel
(Met. Soc. AIME, Warrendale, PA, 1984) 385.

[63] R. H. Jones and M. T. Thomas, in: Ferritic Alloys for Use in Nu-
clear Energy Technologies, Eds. J. W. Davis and D. J. Michel
(Met. Soc. AIME, Warrendale, PA, 1984) 395,

[64] P. Lemble, A. Pineau, J. L. Castagne, P. Dumoulin, and M.
Guttmann, Met. Sci. 13 (1979) 496.

[65] M. Wall, in: Proc. Int. School of Physics Enrico Fermi, Course
CVI, Current Trends in the Physics of Materials, Eds. G. F.
Chiarotti, F. Fumi, and M. P. Tosi (North Holland, Amsterdam,
1990) 161.

[66] R. Coppola, F. Fiori, E. A. Little and M. Magnani, J. Nucl.
Mater. 245 (1997) 131.

[67] E. Camus, N. Wanderka, S. Welzel, E. Materna-Morris and H.
Wollenberger, Mater. Sci. Eng. A250 (1998) 37.

[68] D. McLean, Grain Boundaries in Metals (Oxford University
Press, Oxford, UK., 1957).

[69] M. Guttmann, Met. Sci. 10 {(1976) 337.

[70] M. Guttmann, Phil. Trans. Roy. Soc. A295 (1980) 169.

[71] B. C. Edwards, B. L. Eyre, and J. M. Titchmarsh, in: Advances
in the Physical Metallurgy and Application of Steels (The Me-
tals Society, London, 1981) 246.

[72] H. Erhart and H. J. Grabke, Met. Sci. 15 (1981) 401.

[73]1 M. P. Seah, P. J. Spencer, and E. D. Hondros, Met. Sci. 13
(1979) 307.

[74] H. Rauh, Stress-Driven Solute Segregation Near Crack Tips:
Theoretical Modelling and Application to the Intergranular
Fracture of Heterogeneous Materials, UKAEA Report AERE
Report R 13735, January 1990.

[75] C. A. Hippsley, H. Rauh, and R. Bullough, Acta Metall. 32
(1984) 1381.

[76] C. A. Hippsley, Acta Metall. 35 (1987) 2399.

[77] H. Rauh, C. A. Hippsley, and R. Bullough, Acta Metall. 37
(1989) 269.

[78] A. M. Tlyin and V. N. Golovanov, J. Nucl. Mater. 233-237 (1996)
233,

[79] S. F. Pugh, An Introduction to Grain Boundary Fracture in
Metals (The Inst. of Metals, London, Book No. 464, 1991).

f80] C. J. McMahon, Met. Sci. Eng. 25 (1976) 233.

[81] C. L. Briant and S. K. Banjeri, Int. Met. Rev. 23 (1978) 164.

[82] B. C. Edwards, B. L. Eyre, and G. Gage, Acta Metall. 28 (1980)
335.

[83] F. B. Pickering, in: Microstructural Development and Stability
in High Chromium Ferritic Power Plant Steels, Eds. A. Strang

CHAPTER 4: THERMAL STABILITY 55

and D.J. Gooch (The Inst. of Materials, London, Book 667,
1997) 1.

[84] K. Onel and J. Nutting, Met. Sci. 13 (1979) 573.

[85] J. R. DiStefano and V. K. Sikka, Summary of Modified 9Cr-
1Mo Steel Development Program: 1975-1985, Oak Ridge Na-
tional Laboratory, ORNL-6303, October 1986.

[86] D. J. Alexander, P. J. Maziasz, and C. R. Brinkman, in: Mi-
crostructures and Mechanical Properties of Aging Material,
Eds. P. K. Liaw, R. Viswanathan, K. L. Murty, E. P. Simonen,
and D. Frear (The Minerals, Metals and Materials Soc., War-
rendale, PA, 1993) 343.

[87] B. Senior, Ductile Fracture of 9%Cr 1%Mo Steel, Ph. D. Thesis,
University of Liverpool, September 1985.

[88] E. A. Little, D. R. Harries and F. B. Pickering, in: Ferritic Steels
for Fast Reactor Steam Generators, Eds. S. F. Pugh and E. A.
Little (British Nuclear Energy Society, London, 1977) 136.

[89] B. A. Chin and R. C. Wilcox, in: Ferritic Alloys for Use in Nu-
clear Energy Technologies, Eds. J. W. Davis and D. J. Michel
(Met. Soc. AIME, Warrendale, PA, 1984) 347.

[90] E. Materna-Morris, Scanning Microscopy 4 (1990) 287.

[91] K. Anderko, L. Schifer and E. Materna-Morris, J. Nucl. Mater.
179-181 (1991) 492.

[92] E. Materna-Morris and H. Finkler, Prakt. Metallogr. 30 (1993)
441.

[93] V. K. Sikka, in: Pressure Vessels and Piping: Materials for Nu-
clear Steam Generators, (American Society of Mechanical En-
gineers, New York, 1985) .

[94] J. W. Schinkel, P. F. Rademakers, B. R. Drenth, and C. P.
Sheepens, in: Production, Fabrication and Application of Fer-
ritic Steels for High Temperature Applications, Ed. A. K. Khare
(American Society for Metals, Metals Park, OH, 1985) 131.

[95] Yu. I. Kazennov, E. A. Krylov, A. V. Minaev, R. H. Gibadullin,
and V. V. Brovko, J. Nucl. Mater. 233-237 (1996) 305.

[96] J. H. Bennewitz, in: Proc. Joint Int. Creep Conf. (Inst. Mech.
Engng., London, 1963) S-81.

[97] T. Marrison and A. Hogg, J. Metal Soc. 151 (1972).

[98] A. Strang, V. Foldyna, A. Jakobova, Z. Kubon, V. Vodarek and
J. Lenert, in: Advances in Turbine Materials, Design and Man-
ufacturing, Eds. A. Strang, W. M. Banks, R. D. Conroy and M.
J. Goulette, (The Inst. of Materials, London, Book 689, 1997)
603.

[99] A. Strang and V. Vodarek, in: Microstructural Stability of
Creep Resistant Alloys for High Temperature Plant Applica-
tions, Eds. A. Strang, J. Cawley, and G. W. Greenwood, (The
Inst. of Materials, London, Book 682, 1998) 117.

[100] M. Schirra and K. Anderko, Steel Research No. 6 (1990) 242.

[101] M. Schirra, P. Graf, S. Heger, H. Meinzer, and W. Schweiger,
MANET II, Untersuchungsergebnisse zum Umwandlungs-und
Vergiitungsverhalten und Prifung mechanischer Eigen-
schaften, Kernforschungszentrum Karlsruhe, KfK Report
5177, May 1993.

[102] K. Kimura, H. Kushima, F. Abe, K. Yagi, and H. Irie, in: Ad-
vances in Turbine Materials, Design and Manufacturing, Eds.
A. Strang, W. M. Banks, R. D. Conroy, and M. J. Goulette, (The
Inst. of Materials, London, Book 689, 1997) 257.

[103] F. Abe and K. Yagi, in: Advances in Turbine Materials, Design
and Manufacturing, Eds. A. Strang, W. M. Banks, R. D. Con-
roy, and M. J. Goulette (The Inst. of Materials, London, Book
689, 1997) 750.

[104] P. J. Ennis, A. Zielifiska-Lipiec, and A. Czyrska-Filemonowicz,
in: Microstructural Stability of Creep Resistant Alloys for High
Temperature Plant Applications, Eds. A. Strang, J. Cawley, and
G. W. Greenwood, (The Inst. of Materials, London, Book 682,
1998) 135.

[105] M. Wall, C. E. Lane and C. A. Hippsley, Acta Metall. and Mater.
42 (1994) 1295.



Oxidation, Corrosion, and

Compatibility

This chapter is primarily devoted to considerations of the oxi-
dation, corrosion, and compatibility of the high-chromium
martensitic steels in environments currently appropriate for
D-T tokamak fusion power reactors, namely water coolant,
liquid lithium and lithium-lead eutectic (Li;j7Pbgs) coolants
and/or tritium breeders, solid ceramic tritium breeding ma-
terials, and beryllium neutron multiplier.

The use of helium as a coolant is unlikely to present any oxi-
dation and corrosion problems at the maximum operating
temperatures (=550°C) currently envisaged for a steel first
wall and breeding blanket structure in a DEMO fusion reac-
tor. The experience with helium-cooled fission reactors
[high-temperature gas-cooled reactors (HTGCRs)] and in as-
sociated laboratory experiments has demonstrated that the
inert gas can be maintained sufficiently pure (total impurity
content <10 ppm) to suppress oxidation even in large and
complex circuits, although carbon transport could still be a
problem even at this low impurity level [1,2].

Extensive data on the compatibility of the high-chromium
martensitic steels with liquid sodium, including waterside
corrosion and erosion-corrosion effects (“wastage”) resulting
from sodium-water reactions in the vicinity of cracks in tube
welds, have also been obtained in programs carried out in
support of steam generator and core component materials
development for fast breeder reactors [3-7]. However,
sodium is no longer considered a potential coolant in fusion
reactor systems, and the compatibility of the steels with this
liquid metal will not therefore be addressed here.

WATER COOLANT

Aqueous Corrosion

The experience with plant components and the data obtained
in supporting laboratory studies of the waterside corrosion
and steam oxidation behavior of the Cr-Mo steels in the boil-
ers of fossil-fired power stations [8-12] and in the steam gen-
erators of CO,-cooled nuclear power stations [advanced gas
cooled reactors (AGRs)] in the U.K. [13,14] and fast breeder
reactors [4,15,16] have been described and reviewed previ-
ously. The 9 and 12% chromium martensitic steels generally
exhibit good waterside corrosion resistance in the steam gen-
erators in both conventional coal- and oil-fired and nuclear
fission power stations. The general corrosion resistance of
the high-chromium martensitic steels in aqueous solutions is
superior to that of carbon and low-alloy steels but inferior to
that of the austenitic steels [10,12,16]. However, the integrity
of the protective oxide films formed on these steels can be im-
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paired by, for example, the concentration of dissolved salt
species at the surface scales under heat flux conditions. This
problem can be prevented by the use of a zero solids water
chemistry treatment in which hydrazine is employed instead
of sodium sulfate as an oxygen scavenger and ammonia or
amines rather than phosphates and sodium hydroxide for pH
control.

The fully tempered steels with low concentrations of the
austenite-stabilizing elements Ni, Cu, and Co are also virtu-
ally immune to transgranular stress corrosion cracking
(SCC) in aggressive environments [17,18] and are thus better
than the Fe-Cr-Ni austenitic steels in this respect. However,
there are some aqueous media (high oxygen, chloride, and
caustic) that can cause rapid pitting, intergranular attack
(IGA), and even SCC in these steels at stresses equal to or in
excess of the tensile yield strength [4,19-22]. The steels are
most susceptible to pitting, IGA, and SCC when they are in
the hardened condition or not correctly heat treated after
welding and when there are chromium-rich M,3Ce precipi-
tate particles and associated localized chromium-depleted
zones at the prior austenite grain boundaries and other in-
terfaces. It has also been demonstrated that the 12Cr (Type
410) and 12Cr-1MoVW (Type 422 or HT9) martensitic steels
in several normalized-and-tempered conditions are resistant
to environmental cracking when exposed for prolonged
periods at 288°C in simulated boiling water reactor (BWR)
environments of high (6.0 to 9.5 ppm} dissolved oxygen and
hydrogen water chemistry control (6 to 14 ppb oxygen, 170 to
190 ppb dissolved hydrogen) [23].

Much of this aqueous corrosion experience is very relevant
to the conditions in the first wall and breeder structure of a
water-cooled fusion system. However, more recent studies
have been directed towards establishing the high-tempera-
ture, high-pressure water corrosion behavior of the commer-
cial and reduced-activation high-chromium martensitic
steels specifically considered for fusion reactor applications.
Thus, samples of the 12Cr-1MoVW (HT9) and 8Cr-2WVTa
(F82H) steels have been exposed for 250 h in recirculating
water containing 0.2 ppm dissolved oxygen at 250°C and 2.5
MPa pressure and the weight losses measured after descaling
[24]; the quoted corrosion (weight loss) rates for the F82H
(=17 pg m~2 s71) and HT9 (12 to 13 pg m~2 s7!) steels, as-
sumed to have been derived using linear extrapolation, are
comparable and considerably greater than that for a reduced-
activation 18% Cr-4% W steel specifically developed to resist
corrosion in high-temperature, high-pressure water.

Corrosion tests have also been conducted on the 12Cr-
1MoVND [FV448 and/or 1.4914 (plate, electron beam, and
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laser welds)] and 9 and 11Cr-WVTa reduced-activation steels
in high-temperature, high-pressure water as follows:

® In static stainless steel autoclaves at 300°C and 16 MPa
(160 bar) for times of 500 and 1000 h and with water chem-
istry conditions typical of pressurized water reactor (PWR)
primary circuit coolant [25]. .

® In an austenitic stainless steel loop in the Studsvik (Swe-
den) R2 reactor at 275 =+ 10°C and 9 MPa (90 bar) [26]. The
hydrogen and oxygen contents of the inlet water were 1.5
to 3.0 ppm and < 20 ppb, respectively, with a pH (at 25°C)
of 6.8 to 8.0. The steel specimens were located in the reac-
tor core, above-core, and out-of-core regions of the loop
and exposed for times of 300, 1460, and 4947 h at a reactor
power =230 MW. Thermal and fission neutron fluxes for the
samples at the core center region were approximately 1.2 X
10'® and 1 X 10! n.m~2 57! at an average reactor power of
46 MW, and the computed displacement doses for the
three exposure times were 0.12, 0.6, and 2.3 dpa, respec-
tively.

The weight changes measured after the exposures result
from two processes [12,27]: (a) loss of iron into the water by
corrosion and formation of an Fe-Cr spinel oxide (inner
layer), the thickness of which corresponds to the thickness of
metal consumed, and (b) deposition of magnetite on the sur-
face (outer oxide layer). The depths of the corrosion and the
corrosion rates were therefore determined from the weight
losses after removal of the outer and inner oxide layers by ul-
trasonic cleaning and/or descaling.

The high-temperature aqueous corrosion of steels gener-

consumed being proportional to time to the power 0.5. The
weight gains for the steels in the static tests and the depths of
the corrosion are shown in Fig. 5.1(a) and (b) as a function of
t®°, where t is the exposure time. These data, although lim-
ited to 1000 h, indicate that the high-chromium martensitic
steels are not unduly sensitive to aqueous corrosion.

The data for the steels exposed in the loop in the R2 reac-
tor were fitted to the relation AW = Ct®#, where AW is the
weight loss in mg/cm? and t is in hours; the values of the rate
constant C for the ultrasonically cleaned and descaled com-
mercial and reduced activation steels are listed in Table 5.1.

The corrosion rates are higher for the steels exposed in the
core region, intermediate in the above-core samples and least

TABLE 5.1—Corrosion of the 12Cr-1MoVNb and 9-11Cr-WVTa
steels in the high-temperature water loop in the Studsvik R2 reactor

[26].
Steel Loop Region C Valid for
(AW =C.t* | Exposure
Time (h) of:
12Cr-IMoVNb | Out-of-core (1)(2) 0.08* 4,947
Above core (1) 0.18-0.33" 4,947
Core (1) 0.69-0.90" 300
Core (2) 044" 300
9-11Cr-WVTa Out-of-core 0.06* 4,947
Above core 0.19 -0.49" 300
Core 0.52 - 0.84" 1,460
* Ultrasonically cleaned

" Descaled

# Experimental data fitted to this equation with AW in mg-cm”and t in h.

ally follows a parabolic rate law, the thickness of the metal (1) 1.4914 steel.  (2) FV448 steel.
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FIG. 5.1—Corrosion of 12Cr-1MoVNb (FV448) and reduced-activation martensitic
steels in high-temperature (300°C), high-pressure (16 MPa) water in static auto-
claves: (a) weight gain and (b) depth of corrosion [25].
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for the coupons tested in the out-of-core region of the loop.
The differences may be due to the different times for which
the corrosion rates are quoted. Alternatively, the differences
in behavior may be attributed to the increased radiolytic de-
composition of the water in the core compared to that in the
above-core region and the virtual negligible dissociation in
the out-of-core position. The corrosion resistance of the steel
coupons exposed in the core may also have been impaired as
a result of radiation-induced segregation (RIS) of chromium,
leading to the precipitation of chromium-rich o'-ferrite and
the associated local reduction in the chromium concentra-
tion in solution in the steel matrix (see Chapter 10). The
scatter in the data is such that a clear distinction cannot
be made between the corrosion of the commercial and
reduced-activation martensitic steels exposed in the static
autoclaves and the respective regions of the reactor loop.

The 12Cr-1MoVNb and 9Cr-WVTa samples exposed for
1460 and 4947 h in the core, above-core and out-of-core
regions of the reactor loop did not exhibit SCC or irradiation-
assisted stress corrosion cracking (IASCC) when subse-
quently stressed to 95% of the yield strength in three point
bend and autoclave tested for times of <1500 h at 250°C in
air-saturated high-purity water [28]. The SCC and IASCC
might again have arisen as a consequence of the depletion of
chromium at interfaces due to thermal sensitization or RIS.
However, these observations suffice to confirm that the
9-12% Cr martensitic steels are more resistant to SCC and
TASCC in both the unirradiated and irradiated conditions
than austenitic steels.

Steam Oxidation

The scales formed on the 9% Cr steels when oxidized in air at
temperatures of =650°C are adherent and protective and
consist of (Fe,Cr),03; and (Fe,Cr,Mn);0,4 [29]. However, the
scales produced during exposure to steam-containing atmo-
spheres are much thicker and spall more easily; they consist
of an external Fe;0O4 scale and an internal duplex scale of
Fe;0, and (Fe,Cr,Mn);0,. In addition, internal oxidation of
the chromium to form (Fe,Cr,Mn)z;0, at the martensite lath
boundaries occurs below the oxide scale [29]. These effects
can lead to significant reductions in the component thick-
nesses and, hence, in the load-bearing cross-sections.

Spalling of the oxide from the high-chromium ferri-
tic/martensitic steels results in complete removal of the
scales and the exposure of fresh metal surfaces to the envi-
ronment such that re-oxidation occurs at an initially faster
rate [10]; this can lead to an almost linear rate of metal loss
instead of the normal parabolic behavior. Furthermore, the
spallation of the oxide scale can result in blockage of the
boiler tubes and particles entering the turbine may cause ero-
sion damage, particularly to the blades.

The 9 and 12% chromium steels are generally resistant to
oxidation in steam at temperatures up to about 600°C
[15,30]. However, 12% Cr steels, such as the 12Cr-MoV
(X20CrMoV 12 1), have better oxidation resistance than the
9% Cr [9Cr-MoVNb (T91) and 9Cr-MoVNbW (T92 and
E911)] steels at higher temperatures in air (4000 h at 630°
and 680°C) and in steam [tube sections exposed in coal-fired
power plants for 11 000 h at steam and initial metal temper-
atures of 600 to 605°C and 630°C, respectively, and in static

autoclave tests for about 4000 h at 500°C and 6 bar (0.6 MPa)
pressure] [31]. The scales produced on the 12% Cr steel are
homogeneous and protective, whereas those on the 9% Cr
steels are porous. It has therefore been concluded [31] that
none of the 9% Cr steels are suitable for long-term operation
as superheater and reheater tubing in boilers at temperatures
above about 600°C. In addition to metal loss, the reduction in
heat transfer produced by the steamside scale and the conse-
quent increase in tube wall temperature imply that the in-
creased creep-rupture strengths of the newly developed 9%
Cr steels cannot be fully exploited in the more advanced
power units [10]. It is considered [10,29] that a minimum
chromium content of 11% is required to form a protective
spinel oxide and thereby provide adequate oxidation resis-
tance in steam-containing atmospheres at 600 and 650°C.
Thus, steels such as the 12Cr-MoVNbW (HCM12), 12Cr-
MoVNbWCu (HCM12A) and, possibly, 12Cr-MoVNbWCo
(NF12) that combine high strength and greater scaling resis-
tance are likely to be the main contenders for future condi-
tions of service (steam temperatures and pressures of 585 to
602°C and 305 bar (30.5 MPa) in the near-term and 620 to
640°C and 320 bar (32 MPa) in the mid-term [10]). However,
the restriction of 600°C on the 9% Cr steels does not apply
when heat transfer is not involved, and the higher creep-rup-
ture strength potentials of the newer steels can be utilized for
headers and pipework in an advanced power plant.

Several approaches for improving the air and steam oxida-
tion resistances of the 9% Cr steels have been advocated. The
addition of 3% Pd dramatically enhances the steam oxidation
resistance of a 9% Cr-3.3% W steel at 650, 700, and 750°C, de-
creasing the oxidation in tests of 500 h duration by factors of
ten or more [32,33]. The addition of other oxygen-active
elements such as Si (up to 1%) and combinations of Si (0.5%)
+ Ti (0.1%) and Si (0.5%) + Y (0.1%) are also effective in in-
creasing the oxidation resistances of the 9Cr-MoVNbW (T92)
steel in both air and steam by reducing the porosity of the
surface scales and increasing the compactness [32,34]. Other
approaches, such as chromizing, surface deformation treat-
ments and the formation of fine grains, have been successful
in increasing the oxidation resistance of austenitic steels
[10,30]. However, chromizing the bores of boiler tubes may
prove impractical, while the results of exploratory investiga-
tions have indicated that surface cold work treatments,
which promote an increase in the diffusion rate of chromium
to the surface and thereby ensure long-term protection by
rapidly replenishing the matrix below the growing scale, are
not effective in the case of the 9% Cr martensitic steels [30].

LIQUID METALS (Li AND Li,;Pbg;)

Corrosion tests on the high-chromium martensitic steels in
liquid lithium [35-44] and lithium-lead eutectic (Li 7Pbsg3)
[41,45-52] have been conducted for many thousands of
hours in the range 370 to 650°C in thermal convection and
pumped loops under semi-stagnant (low-velocity) and turbu-
lent (high-velocity) conditions. The results of these studies
have enabled the effects of material variables and system pa-
rameters to be identified. The earlier data on the corrosion of
iron-base alloys in lithium have been surveyed [53], and the
fusion-relevant corrosion behavior of the high-chromium
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martensitic steels in lithium and lithium-lead periodically
reviewed [40,54-56].

The analysis of the data and observations has shown that
the corrosion of the martensitic steels in both liquid metal
media is often determined by the uniform dissolution of iron
and chromium, followed by the precipitation of the dissolved
material in the low-temperature branches of the loops. This
contrasts with the liquid metal corrosion behavior of Fe-Cr-
Ni austenitic steels, in which the dominant processes are the
dissolution of the nickel at a rate significantly faster than that
of iron and chromium above about 500°C [57] and the for-
mation of a porous ferrite surface layer.

The corrosion rates of the high-chromium martensitic
steels in lithium in the range 350 to 600°C increase with
increasing nitrogen content of the liquid metal [36,38,
41-43,58]. The carbon concentrations in the liquid metal and
the stabilities of the carbides in the steels also influence the
compatibility with the lithium [43] and determine whether
carburization or decarburization occurs. However, the nitro-
gen and carbon appear to have little or no effect on the
compatibility of the steels with lithium-lead [35,37,55,59].

The principal factors which determine the corrosion in the
lithium-lead are the velocity, temperature, and time; the fol-
lowing expression has been derived [55] for the corrosion
rate based on published data in the range 400 to 550°C
[45-47,50]:

AW = 8 X 10° o~ 25690/1.98T {0.875 |-0.125 (5.1)
where AW is the metal loss (um y™?!), T is the temperature
(K), v is the velocity (m s™1), and d is the hydraulic diameter
(m).

Most of the available data show that the lithium-lead cor-
rosion rates are linear with time up to about 10 000 h in the
450 to 500°C temperature range [46,49,60]. However, in-
creases in the corrosion rates of the 12Cr-MoVNb (MANET)
steel have been observed after an initial period of 2500 to
3000 h at 500 to 550°C [47,51], but the subsequent corrosion
rates appear to be comparable to those reported for other
steels if corrections are made for the flow velocity.

The liquid metal corrosion is not significantly dependent
on the chromium content (9-12% Cr) of the martensitic
steels, very similar rates having been measured for modified
9Cr-1Mo (T91) and 12Cr-1MoVW (HT9) steels exposed in
flowing lithium and lithium-lead at 370 to 550°C [41] and for
the T91, 12Cr-1MoVNDb (1.4914) and HT9 steels in lithium-
lead at 450°C and a velocity of 0.1 m s~ [48]. The data for the
modified 9Cr-1Mo and HT9 steels in the lithium-lead are re-
produced in Fig. 5.2 [41]. The initial heat treatments and sur-
face condition are also reported to have little influence on the
corrosion rates [49,60].

The weight losses and steady-state dissolution rates of the
high-chromium martensitic steels are considerably greater in
the lithium-lead than in lithium [41,44,45]; the steady state
dissolution rates may be expressed by Arrhenius plots (Fig.
5.3) with activation energies of 68.2 and 92.5 kJ/mol in the
lithium and lithium-lead, respectively [41].

A 10 pm thick insulating layer of alumina (Al,Os) produced
by hot dipping the MANET steel in molten aluminum at
800°C and oxidizing at 950°C is highly stable in flowing (0.3
m s~ 1) Li;7Pbgs at 450°C for times up to 10000 h, and it re-
duces the corrosion rate of the bare steel from 0.013 mm y™*
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FIG. 5.2—Weight loss versus exposure time for 12Cr-1MoVW
(HT9) and modified 9Cr-1Mo steels in flowing lithium-lead [41].

to virtually zero [61]. The application of a magnetic field of
1.4 tesla increases the corrosion rate of the 1.4914 steel in
semi-stagnant lithium-lead at 420 to 475°C by about 30% and
also affects the corrosion product precipitation in the cold
part of the circuit, the deposition being enhanced in the di-
rection parallel to the magnetic field [62]. It has been sug-
gested, however, that the high-velocity liquid metal corrosion
rates of the high-chromium martensitic steels will be reduced
as a result of suppression of turbulent flow by a strong mag-
netic field [56].

There are no published data on the effects of irradiation
on the liquid metal corrosion of the high-chromium marten-
sitic steels. However, it has been postulated [56] that the
corrosion will not be significantly affected by high-energy
neutron bombardment, since the behavior is normally de-
termined by elemental dissolution at the steel-liquid alloy
interface; nevertheless, the activated corrosion products de-
posited in the cooler parts of the circuit may give rise to
shielding problems. Furthermore, the effects of thermal-
and irradiation-induced interfacial segregation on the liquid
metal corrosion and intergranular attack of the steels need
to be established.

Liquid metal embrittlement (LME) of metals and alloys,
manifested as reductions in ductility when tested in tension
in contact with liquid metals at temperatures just above
their melting points, can occur in some systems. The
MANET steel, water quenched from 1075°C, exhibits LME
when tensile tested in lithium-lead at 250 and 300°C, but
the ductility reduction is minimal if the steel is tempered af-
ter water quenching [63,64]. Similar behavior has been ob-
served with HT9 [65] and a series of reduced-activation
martensitic steels [66,67]. Furthermore, MANET II steel
plates, TIG welded using filler wire of the same composition
and post-weld heat treated at 750°C for 4 h, show no evi-
dence of LME in tensile tests carried out in lithium-lead
at 250 and 450°C [68]. It is conceivable that SCC of the
steels could be induced in the liquid metal as a result
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FIG. 5.3—Arrhenius plots of dissolution rate data for HT9 and modified 9Cr-1Mo
and three experimental high-chromium martensitic steels exposed to flowing lithium
and lithium lead (ANL is Argonne National Laboratory, ORNL is Oak Ridge
National Laboratory, and WARD is Westinghouse Advanced Reactor Division) [41].

of thermal sensitization and RIS at temperatures
above those at which LME occurs; however, the limited ev-
idence shows that the application of a constant load has no
significant effect on either the corrosion rate or susceptibil-
ity to SCC of the MANET steel during exposure to lithium-
lead [64].

The fatigue lives of the 12Cr-1MoVW (HT9) steel at 482°C
in flowing lithium containing =100 ppm nitrogen are supe-
rior to those in air [40]; however, the endurances are reduced
by factors of 2 to 5 as a result of intergranular attack with a
nitrogen concentration of =1000 ppm in the lithium. The
creep-rupture properties and the low-cycle fatigue endurance
of the MANET steel are not significantly affected when the
tests are performed in stagnant lithium-lead at temperatures

up to 600°C [69,70]; nevertheless, the influence of the mate-
rial loss by corrosion on the properties would have to be
taken into consideration in the formulation of design rules.
The tensile properties of the 1.4914 and HT9 steels are hardly
affected in short duration tests conducted in lithium-lead at
250 to 450°C [40,71].

It has been concluded [56] that the material losses for the
12Cr-MoVNDb (MANET-type) steel in flowing Li{;Pbs; restrict
the maximum operating temperature of a self-cooled liquid
metal blanket to about 450°C, while the temperature limit for
Type 316 austenitic steel is about 50°C lower. In general, the
high-chromium martensitic steels are more resistant to cor-
rosion in both lithium and lithium-lead than the austenitic
steels.
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SOLID CERAMIC BREEDING MATERIALS

There are relatively few published data on the compatibilities
of the high-chromium martensitic steels with solid breeder
materials.

External scale formation and internal penetration occurs
when the 9Cr-1MoVNb and 12Cr-1MoVW steels are exposed
to Li,O in flowing helium containing 1 ppm hydrogen and 1
or 93 ppm water for times up to 4000 h, the attack being more
extensive in the helium containing 93 ppm water [72]. Mea-
surements of the reaction rates of powder-compacted
lithium-based oxide ceramics Li,O, Li,SiO;, Li,SiO4, and
Li»ZrO; with the MANET-type steel in argon in the range 500
to 900°C and times of up to 1000 h have confirmed that the
magnitudes of the interactions depend on the partial pres-
sure of the water in the atmosphere (1 to 100 Pa) as well as
the temperature and time [73~75]. The compatibility of the
Li,O with the MANET-type steel is superior to that of the
other ceramics; furthermore, the martensitic steel is more
compatible with all the solid breeding materials below 800°C
than Type 316 austenitic steel.

BERYLLIUM NEUTRON MULTIPLIER

The results of capsule tests in which corrosion couples are
maintained under dynamic vacuum have shown that notice-
able interaction between beryllium with low (50 to 100 ppm)
and high (1000 to 5000 ppm) oxygen concentrations and
12Cr-1MoVND (1.4914) martensitic steel only occurs above
600°C, whereas there is greater interaction with Type 316L
austenitic steel at temperatures above 580°C [76]. The supe-
rior compatibility of the martensitic steel is tentatively
attributed to its lower nickel content, as the diffusion of
beryllium in nickel is faster than in iron [77]. The interaction
leads to the formation of discontinuous brittle intermetallic
layers that adhere to the steel and to pores in the beryllium,
the thickness of the diffusion zone being dependent on the
square root of the exposure time. However, the interaction is
not always reproducible due to the protective nature of the
oxide layer on the beryllium.

The effects of neutron irradiation [maximum neutron
fluxes: 1.1 X 10'® (thermal), 1.0 X 10'® (>1 MeV)nm2s7!]
on the compatibility of beryllium (arc cast, < 300 ppm BeO)
with the 1.4914 martensitic steel at 550°C has been investi-
gated as part of the SIBELIUS experiment in the SILOE re-
actor [78]. Only slight reaction is observed after exposure
for 1690 h. However, the beryllium surface is covered with a
5 pm thick gray oxide layer, while a discontinuous oxide
layer of the same thickness is present on the surfaces of the
steel specimens; it was concluded that the oxidation arose
from species (T-0 and/or H,0) present in the irradiation
rig atmosphere.
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Hydrogen Isotope Effects

It is well established that small amounts of internal hydrogen
produce embrittlement and cracking of ferritic and high-
strength martensitic steels. Hydrogen has a large solubility in
molten steel, and copious quantities of the gas can be ab-
sorbed in the liquid during the steel-making process and re-
tained over and above the equilibrium solubility during sub-
sequent solidification. The hydrogen exerts a high internal
pressure and, aided by transformation and thermal contrac-
tion stresses, produces defects in ingots and castings and hair-
line cracking in large forgings and heavy-section steel plates.
These deleterious effects have long been recognized, and it is
now the practice to remove the hydrogen by vacuum melting
and pouring, cooling very slowly, and/or holding of semi-fin-
ished or finished products for prolonged periods at high tem-
peratures to allow the hydrogen to diffuse out of the steel.
However, embrittlement and cracking may also be produced
as a result of hydrogen pick-up during secondary fabrication
(acid pickling, welding, cadmium and zinc plating operations,
cathodic protection procedures, etc.) and service [electrolytic
reactions, corrosion in acids and aqueous solutions, and ex-
posure to high-pressure hydrogen gas at ambient and elevated
temperatures and to sour (H,S-containing) gases and liquids].

The problems of hydrogen-induced embrittlement and fail-
ures of low- and high-alloy ferritic and martensitic steels and
the mechanisms involved have been extensively documented
and reviewed [1-7].

Physical hydrogen embrittlement is manifested as a de-
crease in ductility (elongation and reduction of area) and
notched strength in tensile tests and delayed failure by frac-
ture under high static loading (termed static fatigue or hy-
drogen-induced delayed cracking), the degree of embrittle-
ment generally increasing with increasing strength of the
steel [1]. The hydrogen introduced electrolytically and by ex-
posure to the high-pressure gas is in the uncombined state,
but recombination to form molecules may occur at sub-sur-
face discontinuities, particularly sulfide particles, resulting
in the development of high pressures and surface blistering,
principally in the lower-strength steels.

Carbon and low-alloy steels are also susceptible to chemi-
cal attack and embrittlement when exposed to high-pressure
hydrogen at temperatures above about 200°C. The hydrogen
reacts with the carbon in solution in the steels to form
methane gas, which collects at the grain boundaries and
leads to brittle intergranular (IG) cracking. However, ferritic
and martensitic steels containing =6% Cr are not susceptible
to decarburization and methane formation at temperatures
below about 600°C irrespective of the hydrogen partial pres-
sure and, hence, are resistant to this form of hydrogen attack
and embrittlement [8-10].
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SOLUBILITY, DIFFUSION, AND
PERMEATION

The hydrogen inventory and effects on the steel properties
are determined by the permeability (P), diffusivity (D), and
solubility (S), which are interrelated (P = SD). The experi-
mentally determined solubilities, diffusivities, and perme-
abilities of hydrogen in a high-chromium martensitic steel
(MANET) in the range 250 to 600°C are as follows [11,12]:

Solubility (mol m ™3 Pa™12).

(6.1)
S = 1.29 exp(—29620/RT)
Diffusivity (m? s™1):
Y (6.2)
D = 7.17 X 1078 exp(—13490/RT)
Permeability (mol m™! s~ Pa ~1?);
(6.3)

P =2.92 X 107 exp(—43100/RT)

where T is in K and R is the molar gas constant (8.314 Jmol ™!
K.

Hydrogen (atomic) has low solubility in the high-chromium
martensitic steel and diffuses much more rapidly than in
austenitic steel at ambient and elevated temperatures (Fig.
6.1). Furthermore, the apparent diffusivity (Fig. 6.2) and per-
meation of hydrogen in the 9 to 12% Cr steels appears to de-
crease with increasing alloying element (chromium) content,
primarily due to an increase in the activation energy [13,14].
The diffusivities at temperatures below 250 or 300°C have a
pronounced dependence on pressure and deviate from the
Arrhenius-type behavior [that is, D = Do exp(-En/RT)]
[11,12,15-18], due to trapping of the hydrogen at various lat-
tice sites where the misfit energy is reduced and there is strong
binding. The behavior can be described by a trapping model
in which the effective diffusion coefficient is given by [19]:

D = D/[1 + NN exp(Eu/RT)] (6.4)

where Ny is the density of normal lattice diffusion sites.

The data for the high-chromium martensitic steels can be
fitted with estimated trap densities (N,) and average binding
energies (Ey), respectively, of 1.5 X 10%° sites m > and 39.5
kJmol ! for MANET 1, 3.4 X 10%° sites m™~> and 38.4 kJmol ™}
for T91 and 6.3 x 10** sites m™ and 39.0 kJmol ! for modi-
fied F82H [20,21]. These values are consistent with the data
derived from electrochemical hydrogen permeation mea-
surements on other steels of this type [22]. The traps may be
interfaces (martensite lath and prior austenite grain bound-
aries and particle/matrix interfaces) or dislocations [23]. The

Wwww.astm.org
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FIG. 6.1—Arrhenius plots of the diffusivities of hy-
drogen in martensitic (1.4914) and austenitic (316L)
steels [11,12,15].
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FIG. 6.2—Temperature dependence of the apparent
diffusion coefficients for hydrogen in pure iron (Fe),
iron with <0.07 C, N, O, Fe-10% Cr alloy, F82H (8% Cr),
JFMS (9.6% Cr), 1.4914 (10.5% Cr), MANET | (10.6%
Cr), and MANET II (10% Cr) steels [14]. Filled circles:
MANET Il steel pre-irradiated with 12.3 MeV protons at
=80°C to 1.5 x 1072 dpa.

dislocation traps are considered to be weaker than interfacial
traps [6], and hydrogen may be channeled from dislocations
to lath and grain boundaries during plastic deformation [24],
thereby becoming enriched at these interfaces.

The data on the high-chromium martensitic steels may
also be described by a model of saturable trapping of the hy-
drogen at vacancies with N¢/N and E;, values of = 2 X 107
and 65 kJmol ™!, respectively (MANET II) [17], and 7 X 10 ~8
and ~60 kJmol !, respectively (F82H steel) [18]. These data
yield a virtually constant value of the hydrogen solubility at
temperatures below 300°C of =10 ~3> mol m ~* Pa ~'?, that is
~0.08 wppm at 1 bar [14].

There are only limited data on the effects of irradiation on
the permeation and diffusivity of hydrogen in the high-
chromium martensitic steels. Pre-irradiation with 12.3 MeV
protons to a displacement dose of 1.5 X 10 ~2 dpa at =80°C
has no significant effect on the permeability of hydrogen in
the MANET 11 steel at temperatures in the range 150 to 400°C
[17]. The pre-irradiation reduces the diffusivity slightly (Fig.
6.2), corresponding to an increase in the trap concentration
by a factor of about two and with no significant change in the
binding energy. However, the permeability is enhanced under
simultaneous proton irradiation at temperatures below about
300°C, possibly due to dissociation/ionization of the gas [17].

PHYSICAL HYDROGEN EMBRITTLEMENT

The 9-12% Cr martensitic steels are only briefly considered
in the earlier reviews of hydrogen embrittlement. However,
while the information now available on hydrogen effects in
the 12Cr (Type 410, HT9, and MANET), 9Cr-1Mo, and re-
duced activation steels is still relatively limited, it suffices to
show that these high-chromium steels, in common with «-
iron and plain carbon, low- and other high-alloy steels, are
prone to hydrogen-induced changes in mechanical proper-
ties and fracture behavior [5,25-27]. Thus, atomic hydrogen,
introduced internally by cathodic charging or exposure to the
high-pressure gas, results in physical embrittlement, the
principal characteristics and observations being as follows
[28-38]:

1. The magnitudes of the reduction in tensile ductility,
true fracture stress, and notched strength increase with in-
creasing current density, hydrogen partial pressure and con-
centration and decrease with increasing deformation rate;
the effects are reversible and are normally restricted to tem-
peratures below 200°C. The strength reductions are particu-
larly important as they can lead to failure at low operating
stresses; decreases in ductility are of lesser concern, but they
signify a reduction in fracture toughness and a lower resis-
tance to fatigue and fatigue crack growth.

2. HT9 steel—Cathodic charging to a concentration of
about 6 wppm (1 wppm = 55 appm = 11.1 mlLkg™!) hydro-
gen reduces the ambient temperature tensile ductility (re-
duction of area) of this steel (containing 0.016 to 0.018% P
and 0.003 to 0.007% S and initially austenitized at 1050°C for
0.5 h, air cooled, and tempered at 750°C for 1 h) from about
60 to 15% (Fig. 6.3) [28-30]; the effects are associated with a
change in the failure mode from ductile microvoid coales-
cence (MVC) with some secondary cracking along the prior
austenite grain boundaries to one with a high (=28%) com-
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FIG. 6.3—Tensile ductility (reduction of area) of HT9 steel
austenitized at 1050°C for 0.5 h, air cooled and heated (tem-
pered) at temperatures of 200 to 750°C before and after ca-
thodic charging of ~6 wppm hydrogen [29].

ponent of IG fracture [21-23]. Similar reductions in ductility
and a change in the type of fracture from MVC to mixed IG
and quasi-cleavage (QC) are produced following exposure to
an external pressure (=10 MPa) of the gas to induce concen-
trations of 5 to 10 wppm hydrogen [31] and when the ca-
thodic hydrogen charging and tensile testing are carried out
simultaneously [32,33].

The ductilities of the hydrogen-charged steel are improved
by cold swaging and re-tempering after the initial quenching
and tempering treatment [30], but tempering of the steel at 200
to 700°C after austenitization at 1050°C results in substantially
greater hydrogen embrittlement than in the 750°C tempered
condition, the tensile ductility (reduction of area) being re-
duced to values as low as =2% (Fig. 6.3) [29]. The hydrogen
embrittlement in the steel tempered at =550°C is associated
with an increased tendency to IG fracture. This is attributed to
the presence of a continuous network of grain boundary M,3C¢
and MC carbides, formed as a result of the transformation of
retained austenite during tempering, and significant interfa-
cial segregation of phosphorus [29,30] and sulfur [32]. How-
ever, there is no additional influence of temper embrittlement
in the hydrogen-charged steel. Thus, aging of the air-cooled
and 750°C-tempered steel for 1000 h at 550°C has little or no
effect on the tensile ductility after hydrogen charging, but it re-
duces the amount of IG fracture from =28 to 8% and encour-
ages fracture along the martensite lath boundaries [28].

The hydrogen embrittlement of this steel is also manifested
as an increase in the ambient temperature fatigue crack
growth rate and a decrease in the threshold stress [34].

3. 9Cr-1Mo steel—The extent of the hydrogen embrittle-
ment, again evidenced as reductions in tensile ductility at
ambient temperature after cathodic charging, is dependent
on the initial heat treatment and microstructure of the steel
[35] and increases with increasing hydrogen concentration
[36]. Thus, heating to 1350, 1100, or 850°C followed by rapid
cooling to produce respectively duplex martensite plus 3-fer-
rite, fully martensitic, and martensite plus 3-ferrite plus car-
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bide structures, simulating those of the HAZs of weldments,
results in severe embrittlement (reduction of area values
=5%) of the steel (containing 0.025% P and 0.012% S) after
cathodic charging of 2 to 3 wppm hydrogen [35]. However,
tempering of the martensite for 1 h at 750°C considerably im-
proves the resistance to hydrogen embrittlement, the
quenched and tempered fully martensitic steel showing the
maximum susceptibility with the reduction of area values de-
creasing from about 68 to 42% after the hydrogen charging.
This ductility reduction is associated with a partial change in
failure mode from ductile MVC to a ductile QC type fracture
produced by the linking up of cracks across individual
martensite laths after lath splitting and possessing a “chisel-
tip” appearance. IG fracture was not evident in any of the mi-
crostructural conditions examined in this study.

There is a strong synergistic effect of hydrogen charging
and temper embrittlement (induced by prior aging for 5000 h
at 500 or 550°C), which results in major losses in ductility (re-
duction of area values as low as =2%) (Fig. 6.4) [36] and is as-
sociated with the formation of progressively increasing
amounts of brittle IG and transgranular cleavage (TG) frac-
tures of the steel (Fig. 6.5) [36]. The dominant factor control-
ling this embrittlement is the interaction of the hydrogen with
precipitates of the brittle intermetallic Laves phase (Fe;Mo
type) formed at the martensite lath and prior austenite grain
boundaries during aging and containing phosphorus in solu-
tion [36,39,40]. Tests on model 9Cr-Mo alloys with variations
in silicon and phosphorus contents show that silicon en-
hances the susceptibility to hydrogen embrittlement by pro-
moting interfacial phosphorus segregation in the unaged
(non-temper embrittled) material and Laves phase formation
in the aged (temper embrittled) steel, the silicon effect being
enhanced by phosphorus segregation in each case [40].

The threshold stress for fatigue crack growth of 9Cr-1Mo
steel at ambient temperature is halved by loading to 3 wppm
hydrogen [41]; however, the threshold stress at 100°C is un-
affected by the introduction of 4 wppm hydrogen.

4. MANET and reduced-activation steels—The critical hy-
drogen concentrations required to induce cracking in the
steel matrix, with and without the application of an external
biaxial stress, have been determined using the disc pressure
test (DPT) [42] and an electrochemical method (CCR) [43],
respectively. The results for various high-chromium marten-
sitic steels, presented in Table 6.1 [15,20,44,45], demonstrate
that the critical hydrogen concentrations for cracking are re-
duced by the applied biaxial stress in the DPT test and with
increasing prior austenite grain size.

Reductions in the tensile ductility (total elongation and
reduction of area) of notched specimens of the MANET II
and F82H steels are also observed in slow strain-rate tests at
ambient temperature after electrolytic charging to <5 wppm
(MANET) and =3 wppm (F82H), the embrittlement being ev-
ident at hydrogen concentrations as low as 1 to 2 wppm [38];
however, the yield and ultimate tensile stresses are not sig-
nificantly affected. The decreases in the reduction of area val-
ues are greater in these tests with the triaxial stress system at
the base of the notch than in the corresponding biaxial DPT
tests [45] referred to above. Globular alumina inclusions are
the observed nucleation sites for the hydrogen-induced brit-
tle type (IG) fractures in the F82H steel in both the biaxial
and triaxial tests.
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FIG. 6.4—Effects of hydrogen charging and aging at 500 and 550°C on the tensile
ductility (reduction of area) of 9Cr-1Mo steel initially austenitized at 1100°C for 1 h,
air cooled and tempered at 750°C for 1 h [36].
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FIG. 6.5—Influence of electrolytic hydrogen charging (2.9 to 6.2 wppm) and aging at
500 and 550°C on the fracture mode of 9Cr-1Mo steel initially austenitized at 1100°C for 1
h, air cooled and tempered at 750°C for 1 h [36]; full vertical scale represents 100% of the
fracture surface. (a) and (b): no hydrogen; (c) and (d): hydrogen charged. MVC: microvoid
coalescence, CH: chisel fracture, IG: intergranular fracture, TG: transgranular fracture.



TABLE 6.1—Critical hydrogen concentrations for cracking
[15,20,44,451.

Critical (Threshold)
Hydrogen Concentrations

Prior Austenite for Cracking, wppm

Steel Grain Size, (pm) CCR Test DPT Test
MANET II (A) 70-100 3-4 2-3
MANET II (B) 15-20 14-15 8-9
Grade 91 (T91) 12-18 14-15 11-12
Mod. F82H 55 5-6 34

Hydrogenation to =0.5 wppm has no detectable influence
on the tensile and sub-size Charpy V-notch impact properties
of the F82H steel [46], but small concentrations of hydrogen
introduced cathodically are reported to decrease the room
temperature tensile fracture strains from 19 to 5% and pro-
mote intergranular failure of a 9Cr-2W reduced-activation
steel [47].

The crack initiation and propagation resistance are depen-
dent on the hydrogen content of the steel and the crack angle
relative to the loading direction as well as on the test temper-
ature [48,49]. Thus, mixed-mode I/III (tensile/shear) loading
reduces the mixed-mode J-integral fracture toughness (Jq -
the energy for crack initfation)* and tearing modulus (dJr/da
which reflects the resistance to stable crack growth) relative
to the mode I (tensile) values (J1q and dJy/da) for both un-
charged and hydrogen-charged (4 wppm) F82H steel in tests
at ambient temperature, as shown in Figs. 6.6(a) and (b). Hy-
drogen decreases the overall fracture toughness and resis-
tance to crack growth; however, the minimum values of Jq
and dJt/da occur between Py;/(Pyi; + P;) = 0.4 and 0.6, corre-
sponding to crack angles of 35 and 55° for both the hydro-
genated and hydrogen-free steel. The minimum mixed-mode
Jrq is about half that of J;q for the uncharged steel and ap-
proximately 35% of J,q after hydrogen charging.

SEM examinations showed a microvoid coalescence type of
fracture (MVC) in all the samples, with no evidence of inter-
granular or cleavage failures. The reduction in Jrq with in-
creasing mode III (shear) component (P;;) with no hydrogen
present is associated with an increased density of small voids
nucleated on non-metallic particles by shear and, hence, a re-
duced void spacing . However, the fracture surfaces of the hy-
drogen-charged specimens are more planar and less tortuous
as a result of enhanced void formation, growth, and coales-
cence, thereby further degrading the toughness.

The authors concluded [48,49] that mixed-mode loading is
the most severe stress condition for tough steels such as
F82H, both with and without hydrogen, and that the mini-
mum J-integral values are the most conservative for use in
the design of complex engineering structures.

Reductions in the fatigue endurance of the MANET steel
are produced in load-controlled, low-cycle fatigue tests at
room temperature in hydrogen at a pressure of 1.5 bar (Fig.
6.7) [50,51]. The deleterious. effect of the external hydrogen
increases at low frequencies, and the introduction of hold
times during the fatigue cycles results in further reductions
in the endurance; the associated metallographic evidence
confirms that the hydrogen influences both crack initiation
and propagation.

* The subscript Q denotes that the tests do not satisfy plane strain
conditions.
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FIG. 6.6—The dependence of the fracture toughness Jyq (a)
and tearing modulus dJy/da (b) on the mode il load component
for uncharged and hydrogen-charged F82H steel [49].

5. Mechanisms—1It has been concluded from discussions of
the mechanisms responsible for the hydrogen embrittlement
in the high-chromium martensitic steels {35,36,39] that hy-
drogen is transported to microstructural features and regions
of triaxiality during tensile testing by lattice diffusion and mo-
bile dislocation sweeping and is eventually trapped at inter-
faces and dislocations [6]. The embrittlement then results
from either one or a combination of the following processes:

a. Interaction of the hydrogen with dislocations such that
plastic flow is localized on specific slip planes, with cross
slip possibly being inhibited, and leading to shear modes
of failure.

b. Lowering of the cohesive strength of the interfaces on
which the hydrogen has accumulated, thereby promoting
brittle modes of fracture.

The hydrogen-induced flow localization and decohesion
are considered to be responsible for the observed changes in
failure modes and embrittlement of the HT9 and 9Cr-1Mo
steels as follows:

Ductile MVC  Decohesion of the martensite lath precipi-
tate/matrix interfaces facilitating void nu-
cleation and coalescence across the laths,

aided by flow localization.
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FIG. 6.7—Fatigue endurance of 1.4914 (MANET) steel at ambient temperature in
load-controlled tests in vacuum, air, and hydrogen at a pressure of 1.5 bar [50,51].

Decohesion of martensite lath boundaries
and subsequent shear failure of lath liga-
ments as a result of flow localization.

Reduction of the fracture strength of the
Laves Fe,Mo phase and hence the grain
boundary cohesive strength plus crack nu-
cleation at intergranular carbides due to
flow localization, aided by segregation of
phosphorus and/or sulfur.

Lowering of the cohesion of lath bound-
aries on which Laves phase has precipitated
and phosphorus has segregated to such an
extent that fully brittle inter- and trans-lath
cleavage fractures are produced.

6. Effects of irradiation—There is considerable uncertainty
regarding the combined influences of hydrogen and irradia-
tion on the embrittlement of the 9-12% Cr steels. The results
of initial studies suggest that the critical concentration of hy-
drogen for embrittlement may either be marginally reduced
or increased after low-dose irradiation [47,52]. The effect of
12.5 MeV proton irradiation at =70°C to 14 dpa per im-
planted hydrogen atom on the tensile properties of the re-
duced-activation F82H steel at 30, 200, and 350°C and strain
rates of 7 X 10 > t0 9 X 107*s ~! have recently been investi-
gated [14]. The yield and ultimate tensile strengths are in-
creased in the ambient temperature tests and reduced
slightly at 200°C for homogeneously implanted hydrogen
concentrations of =7 wppm,; the uniform and total elonga-
tions are marginally decreased at both test temperatures.
However, there is little or no effect of the implantation in the
350°C tests, probably due to the complete release of the hy-
drogen at this temperature. The tensile strengths and ductil-
ities show large variability in the tests at ambient tempera-
ture and 200°C with hydrogen levels =10 wppm, possibly as
a result of microcrack formation when a critical hydrogen

Ductile QC

Brittle IG

Brittle TG

concentration (see Table 6.1) is exceeded [18]. These obser-
vations are in general agreement with those on MANET I
steel [53], in which implantation with =500 appm hydrogen
and 0.3 dpa by proton irradiation at 80°C increases the ten-
sile strengths at ambient temperature but has little or no ef-
fect in tests above 100°C, again due to rapid loss of the hy-
drogen from the small section specimens employed.

HYDROGEN ISOTOPE EFFECTS IN FUSION
REACTOR SYSTEMS

The main sources of hydrogen and hydrogen isotopes in D-T
and breeder structural component materials are [14,18,
25,541

a. Neutral and charged tritium and deuterium atoms with en-
ergies ranging from about 0.2 eV to =10 keV injected into
the plasma facing components.

b. Hydrogen formed by (n,p) transmutation reactions in iso-
topes of the base material and alloying elements.

c. Tritium generated in the breeding blanket.

d. Hydrogen produced by corrosion at the steel-water
coolant interfaces, radiolysis of the water coolant, and hy-
drogen added to the water to inhibit radiolytic decomposi-
tion.

e. Hydrogen added to helium coolant to prevent oxidation
and aqueous corrosion.

The problem of tritium permeation and control in water-
and helium-cooled solid breeder and self- or water-cooled lig-
uid metal (Li;7Pbgs) blankets for a DEMO fusion reactor has
been discussed with respect to ensuring safe operation, min-
imizing the cost of coolant detritiation, and reducing the
overall tritium inventory in the system [55,56]. It is evident
that surface barrier layers, which can be applied to the first
wall, coolant tubes, and/or breeder structural components,



have to be developed to restrict the permeation and thereby
retain the tritium in locations where it can be easily ex-
tracted.

A thin alumina (Al,03) coating reduces the hydrogen iso-
tope permeability through steel [57], the reduction being as
much as four orders of magnitude at temperatures in the
range 250 to 600°C and a pressure of 1 bar for the MANET
steel [11,12, 58,59]. The resulis of initial investigations also
demonstrate that an effective coating can be produced by a
commercial pack aluminizing process in which the high-
chromium steel is exposed to AlCl; vapor at elevated temper-
atures [11,12]. Iron aluminides are produced on the surfaces,
and an adherent layer of the Al,O; is formed by subsequent
exposure to oxygen at a high temperature. The coating is re-
sistant to thermal cycling and is self-healing in an oxidizing
atmosphere in the event of the surface being damaged by
abrasion.

Other chemical vapor deposition (CVD) methods and addi-
tional developmental approaches, such as hot isostatic press-
ing (HIP), hot-dip aluminizing, and vacuum plasma spraying
(VPS), are being pursued as part of the European Fusion Pro-
gram to produce and qualify alumina coatings for the MANET
and reduced-activation F82H steels [60]. A characteristic fea-
ture of the coatings produced by some of these techniques,
particularly hot-dip aluminizing in which the steel samples
are immersed for 10 to 30 s in an aluminum melt at 700°C un-
der a protective inert cover gas, is the formation of a layer of
AlsFe, intermetallic phase between the aluminum coating and
the steel substrate [60,61]. This brittle phase is transformed
completely to a dense, ductile layer of AlFe and/or a-Fe(Al)
solid solution phase free of porosity and cracks by heat treat-
ment at 1075°C for 0.5 h after dipping {61].

The tritium permeation barrier developmental approaches
mentioned above are applicable for the helium-cooled, solid
breeder outside tube (BOT) and self- and water-cooled
lithium-lead (Li;7Pbgs) concepts but may not be appropriate
for the helium-cooled solid breeder inside tube (BIT) blanket
design (see Chapter 2), and other methods may have to be de-
veloped [62].

The equilibrium concentration of hydrogen isotopes pro-
duced in a high-chromium martensitic steel first wall in a D-
T tokamak fusion reactor from the potential sources listed
above [a, ¢, d, and e] have been estimated and compared with
the threshold levels judged to be required for blistering (2.5
wppm), embrittlement (1.5 wppm) and slow crack growth (2
wppm) in these types of steels [54]. This analysis assumes a
water- or helium-cooled, 10 mm thick first wall operating at
temperatures ranging from 250 to 550°C and with a neutron
wall loading of 4.15 MW m 2 corresponding to the EEF re-
actor design [63]. It is concluded that deuterium and tritium
ion implantation from the plasma is the only potentially sig-
nificant source of hydrogen isotopes in the first wall, but the
concentration is dependent on the assumed ion flux (0.04 and
40 wppm at 250°C for fluxes of 1 X 107 and 1 X 10%° ions
m~2 s71, respectively). Even so, ion implantation from the
plasma is unlikely to be a problem under normal operating
conditions with a first wall protected against particle erosion
and plasma disruptions by bonded coatings or mechanically
attached tiles; however, it could become significant in the
event of local failure of the coating or the detachment of the
tiles.
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The stationary hydrogen concentration produced by (n,p)
transmutation reactions [source b above] in a 9 to 12% Cr fer-
ritic/martensitic steel fusion reactor blanket structure rela-
tive to the critical value required for embrittlement of the
unirradiated steel has also been assessed [18]. The assump-
tions made in this analysis are: a neutron wall loading of 2
MW m 2, a blanket structure thickness of ~0.5 m, and a hy-
drogen generation rate of 6 X 10”7 wppm s™ . The results of
the computations indicate that the critical hydrogen concen-
tration for embrittlement (a value of =10 wppm, based on the
results of tensile and disc pressure tests on fine-grained steel,
was adopted in this instance [18]) is not achieved if the tem-
perature of the structure is maintained at =215°C; allowance
is made in this case for the reduction in neutron flux through
the blanket, and only one of the blanket surfaces is assumed
to be fully permeable to the hydrogen. Furthermore, the ef-
fusion time for the hydrogen concentration to decrease to
one tenth of its original value during reactor shutdown is es-
timated to be 1-2 years at 300°C [18].

Additional computations of this type need to be carried out
for realistic blanket structure designs and allowance made
for the possibility of irradiation-induced point defects and/or
helium gas bubbles acting as traps for the hydrogen, thereby
reducing the diffusivity and permeability. The use of barriers
to reduce the tritium permeation through the structure fur-
ther complicates the issues and needs to be taken into ac-
count in more detailed assessments. In addition, the radioly-
sis of the coolant water and the production of H,, O,, and
H,0; radicals may not be so effectively suppressed by an
overpressure of hydrogen in a fusion reactor as in a pressur-
ized water fission reactor {(PWR). The decomposition of the
water is enhanced as a consequence of the high-energy (14
MeV) neutron dose rate and the recombination is less favor-
able with the low vy flux in the fusion system. Finally, the
cross sections for some O (n,p) transmutation reactions are
relatively small for neutrons with energies between 1 and S
MeV but are significantly higher for 14 MeV neutrons; such
reactions may therefore provide an additional source of hy-
drogen in the water coolant under fusion conditions.

Computer codes (TIRP and TIRP2D) have recently been
developed to assess and quantify all aspects of the behavior
of the hydrogen isotopes in the high-chromium martensitic
steels being considered for first wall and breeder blanket
structural applications in fusion power reactors [20].
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Joining

The use of a high-chromium martensitic steel for first wall
and blanket structural component applications in a fusion re-
actor will require joining by welding or brazing, It is also en-
visaged that the construction and heat treatment of such
large and complex structures cannot be carried out entirely
in the fabrication shop and that some field erection will be
necessary.

FUSION WELDING

Welding Processes

The high-chromium martensitic steels are generally regarded
as being more difficult to weld than, for example, austenitic
steels, because it is often necessary to pre-heat before weld-
ing to avoid cracking, and it is essential to carry out a post-
weld heat treat treatment (PWHT) to temper the brittle

martensitic structures formed in the fusion zone (FZ) and’

heat affected zones (HAZ). However, experience has shown
that the standard steels can be satisfactorily joined by several
arc-welding processes using filler wire or in the autogenous
mode and by manual and automatic techniques [1-10]. The
more conventional processes include shielded metal arc
welding (SMAW), gas (helium or argon) tungsten arc welding
(GTAW), gas metal arc welding (GMAW), submerged arc
welding (SAW), and electroslag welding (ESW), the custom
being to use electrodes of the same or similar compositions
to those of the base steels. The GMAW process is particularly
applicable for narrow gap welding of thick (=300 mm) sec-
tion components, while SAW and ESW are favored for auto-
mated welds with high deposition rates using single, double,
or multiple passes.

Advanced, low-heat input and high-speed processes such
as electron beam [11,12] and laser [13] welding are also be-
ing developed and/or utilized on an increasing scale for join-
ing the 9 to 12% chromium steels. The heating and cooling
rates and the temperature gradients achieved in these pro-
cesses are much higher compared to arc welding, so that nar-
rower weld zones are produced and thermal damage to the
material adjacent to the welds is therefore minimized.

Plates of the quenched-and-tempered (Q & T) MANET I
steel, 8, 15, and 20 mm thick, have been electron beam
welded without filler wire, and nondestructive and metallo-
graphic (transmission and extraction replica electron mi-
croscopy) examinations and mechanical property (tensile,
creep, fatigue, notched impact, and fracture toughness) tests
were carried out on the weldments after tempering for 2 h at
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750°C [12,14-17]. The electron beam welds exhibited a fine
microstructure and comparable or only marginally inferior
mechanical properties to those of the wrought steel.

Autogenous bead-on-plate welds have been made without
preheat on 6.4 mm thick plates of HT9 steel [13] and 4-6 mm
thick plates of the quenched-and-tempered 9Cr-1Mo, 1.4914,
MANET I, and MANET II steels [18,19] using 5 or 6 kW CO;
lasers and the welding parameters optimized. Characteriza-
tion of the MANET steel welds by radiography and metallog-
raphy and hardness, tensile, and notched-impact testing
[18,20] showed that the welds were free from defects; the
hardness of the MANET II steel welds were comparable,
while the tensile strengths at room temperature and 400°C
were lower and the toughness superior to those of the base
steel after tempering at 760°C for 1 h. In addition, 4 and 6
mm thick plates of the MANET steel have been welded using
a pulsed 1.2 kW YAG laser {21]}; the FZs and HAZs were
slightly wider than those produced by the CO, laser welding,
but the hardness, tensile and impact properties of the re-
spective FZs were similar.

Weldments have also been made by the SMA, SAW, and
GTA processes in thin and thick sections of the advanced,
highly alloyed Japanese 9 and 11% Cr steels containing 1.8 to
2.0% W (NF616, HCM12A and TB12M) and the results of
weldability tests reported [22]. However, only limited studies
have been conducted on the weldability of the reduced-acti-
vation martensitic steels. Sound, autogenous bead-on-plate
welds have been made in 2% to 12Cr-2W-0.25V steels by the
GTA process [23]. The as-welded steels containing <5% Cr
showed no cracking, while the 9% Cr (fully martensitic) and
12% Cr (martensite plus 12 to 17% 3-ferrite) steels developed
cracks on subsequent three-point bend testing, but none of
the 9 and 12% Cr steel welds cracked after PWHT to restore
the toughness. In addition, mechanical property tests have
been carried out on GTA welds of the F82H steel made using
seven filler wires differing in C, Ta, and B contents [24]. It
was concluded from the results of tensile and Charpy V-notch
impact tests that the optimum filler metal contained 0.08% C,
0.02% Ta, and with B as low as possible; welds made with
such a filler wire had equivalent strengths and toughness to
the base steel containing 0.10% C, 0.04% Ta, and 0.0034% B.

Microstructural Characteristics

The microstructures of the FZ and HAZ in weldments of all
metallic alloys are usually complex, but they are further com-
plicated in air-hardenable steels of the type considered here
due to the phase transformations that occur during the heat-

Wwww.astm.org



72 HIGH-CHROMIUM FERRITIC AND MARTENSITIC STEELS FOR NUCLEAR APPLICATIONS

ing and cooling cycles of the fusion welding process [25]. The
various zones in a high-chromium martensitic steel fusion-
welded joint are shown schematically in Fig. 7.1; the mi-
crostructures of these respective zones in “as-welded”
0.1-0.2% C steels can be interpreted on the basis of the tem-
peratures {defined in Fig. 7.1) achieved during welding and
consideration of the phase fields in the equilibrium diagram
for high-chromium alloys with low and high net Cr-equiva-
lents (Fig. 7.2) [7] as follows:

FZ (T>T,,)—The first phase to form during solidification of
the molten weld is 3-ferrite; the ferrite-to-austenite transfor-
mation occurs on further cooling, and the austenite trans-
forms to martensite on cooling below the My temperature.
Some 3-ferrite is usually retained in the FZ at ambient tem-
perature, even when there is no ferrite present in the base and
filler wire materials, as complete transformation to austenite
does not occur during cooling at the fast rates typical of the
welding process [26,27]. Since the 8-ferrite can have detri-
mental effects on the mechanical properties, particularly
strength and fracture toughness, of the high-chromium
martensitic steels [28] and welds, the content should be con-
trolled at =3% by balancing the concentrations of the austen-
ite- and ferrite-forming elements in the base steels and filler
wires. As noted previously, the formation of 8-ferrite can be
inhibited in the high-chromium steels by maintaining the Cr-
equivalent, calculated using Eq 3.15 in Chapter 3, below ap-
proximately 9% [29]; however, experimental data suggest the
net Cr-equivalent concentration calculated using Egs 3.13
and 3.14 in Chapter 3 has to be reduced to =7.3 to avoid the
presence of d-ferrite in the FZ of autogenous TIG welds of the
MANET-type steel made with a heat input of 1.1 MJ m~1 [9].

HAZ—Region I (T,,>T>T,s )—This region (see Fig. 7.1) con-
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where T = temperature achieved during welding
Tm = melting point of steel

T = temperature at which y— 3 transformation is complete
on heating

Tr = original tempering temperature of steel

A¢gq = temperature at which o — y transformation starts
on heating

Acz = temperature at which a — v transformation is
complete on heating

FIG. 7.1—Schematic diagram of the heat-affected zone re-
gions in a fusion weld of high-chromium martensitic steel.
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FIG. 7.2—Phase diagram for high-chromium steels illustrat-
ing the effect of net Cr-equivalent and the relationship with the
HAZ regions observed in fusion welds of 0.1% C low Cr-equiv-
alent and 0.15% C high Cr-equivalent martensitic steels [7].

sists of martensite and d-ferrite. The ferrite is formed along
the prior austenite grain boundaries as the region is heated
into the two-phase (y+3) field during welding; some of the &-
ferrite is again retained at ambient temperature in a band
typically 0.3 to 0.5 mm wide adjacent to the fusion line as a
result of the rapid cooling after welding [27]. The &-ferrite
content and width of this region increase with increasing
weld heat input and cooling rate; low heat input welding pro-
cesses such as narrow gap, electron beam, and laser are con-
sequently advantageous in minimizing the extent of the fer-
rite formation in this part of the HAZ.

HAZ—Region 2 (Tys >T>Ac3)—The microstructure is fully
martensitic. This region is heated into the higher tempera-
ture part of the y-phase field during welding, and the original
carbide particles are dissolved, resulting in coarse prior
austenite grain and martensite lath structures.

HAZ—Region 3 (Tys>T> Acs3)—The structure of this region,
which is heated into the lower temperature part of the -
phase field, is again martensitic, but it is finer grained than
Region 2, as some of the original carbides are not dissolved
and inhibit grain growth.

HAZ—Region 4 (Ac3; >T>A¢;)—The structure consists of un-
tempered and overtempered martensite. Incomplete trans-
formation to austenite and additional tempering of the origi-
nal tempered martensite structure of the base steel occur
during heating in this intercritical zone, with the austenite
again transforming to martensite on cooling.
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FIG. 7.3—Microhardness traverse across a GTA weld before
and after PWHT at 732°C for 1 h; standard 9Cr-1Mo steel base
and filler wire [30].

HAZ—Region 5 (A¢c; >T>Tr)—The original tempered marten-
site in this narrow zone is further tempered during welding,
but the microstructure is otherwise similar to that of the base
steel.

The micro-hardness profiles across GTA welds in modified
9Cr-1Mo [30] and HT9 [25] steels are reproduced in Figs. 7.3
and 7.4, respectively. The data in Fig. 7.4 show that the vari-
ous regions of the HAZ can be differentiated by their hard-
ness. The presence of the softer 8-ferrite phase in the untem-
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pered martensite matrix is responsible for the reduction of
hardness in Region 1. Since the hardness of the martensite
increases with increasing carbon content, the dissolution of
the carbide particles in the austenite in Region 2 has resulted
in the formation of high carbon martensite with maximum
hardness. The carbon content of the martensite in Region 3
is reduced relative to Region 2 due to the incomplete dissolu-
tion of the carbides at the lower austenitizing temperature
and hence the hardness is lower. The hardness reduction in
Regions 4 and 5 result from overtempering of the original mi-
crostructure at temperatures between Acz and Ac; and below
Acy, respectively. The hardness of the FZ and HAZ are re-
duced after PWHT at 732°C for 1 h and, as shown in Fig. 7.5
for a 9Cr-1MoVND steel weld [3], the hardness of the weld
and HAZ approach that of the base steel after PWHT for
times up to 80 h at 732°C. The low hardness of the HAZ ad-
jacent to the base steel, clearly evident in Figs. 7.3, 7.4, and
7.5, is characteristic of all Cr-Mo steels, and it has a signifi-
cant effect on the mechanical properties of the weldment, as
discussed below.

A typical microstructure of a 9Cr-1MoVND steel weld is il-
lustrated in Fig. 7.6 [3]. Four regions are delineated—the
weld metal (W) corresponds to the fusion zone (FZ) of Fig.
7.1, the transformed zone (TZ) corresponds to Regions 1, 2,
3, and 4, the tempered zone (TMPZ) corresponds to Region 5,
and the base metal (BM) is the steel base which was unaf-
fected during the welding process. Thin foil transmission and
extraction replica electron microscopy of a welded and
PWHT 12Cr-1MoV steel [8] has shown larger sub-grains,
lower dislocation densities, and larger and more spherical
undissolved carbide particles in the intercritical Region 4
than in the base steel, indicating lower strength of the for-
mer. The carbide structure in the coarse-grained transformed
Region 2 was similar to that in the original base steel, the car-
bides having been dissolved during welding and reprecipi-
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FIG. 7.4—Microhardness traverse across a GTA weld in HT9 steel {25]; the numbers 1-5

correspond to the HAZ regions in Fig. 7.1.
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FIG. 7.6—Typical microstructure of a modified 9Cr-1Mo steel
weld illustrating the weld (W) and two regions of the HAZ
[transformed zone (TZ) and tempered zone (TMPZ)] [3].

tated during PWHT. There were fairly large carbide particles
on the prior austenite grain boundaries, and smaller carbides
precipitated on the sub-grain boundaries within the relatively
fine prior austenite grains in Region 3.

Weld Defects

The welding of the 9-12% chromium steels requires a high
degree of preparation and control to avoid cracking during
the welding, PWHT, or service. Cracking processes include:

Solidification cracking—The steels may become susceptible
to solidification or hot cracking as the weld pool solidifies
due to elemental segregation to the inter-dendritic regions,
producing local reductions in melting point and the liquation

of discrete second phases. Cracking is induced by the thermal
contraction and restraint stresses set up during solidification
and in underlying weld runs reheated by subsequent passes.

The elements that promote the cracking by interfacial seg-
regation include sulfur, phosphorus, and boron [7,9]; sulfur
appears to be particularly detrimental as it can form a low-
melting eutectic [(FeMn)S] [31]. A high concentration of nio-
bium is also harmful due to the formation of an NbC/y eu-
tectic [32-35] and other low melting point compounds with
phosphorus (NbgPs) and silicon (NbSi) [36]. It has also been
reported that vanadium in combination with niobium is
harmful, although the former is not particularly detrimental
by itself [33].

The results of an extensive program using the Tigamajig
test [37] on many experimental heats of the modified 9Cr-
1Mo steel have indicated little or no susceptibility to solidifi-
cation cracking. This is consistent with observations on a
large number of actual welds made in the laboratory and the
experience of commercial fabricators, where no solidifica-
tion cracking has been observed [38]. However, it has been
shown that TIG welds of the MANET II steel are more prone
to solidification cracking than martensitic steels containing
=~9% Cr [39]. The cracks were associated with regions of high
chromium and other elemental segregation, which can act as
sites for the formation of the embrittling o’ (Cr-rich ferrite)
and carbide phases during service. Nevertheless, cracking of
this type can be avoided by reducing the concentrations of
the liquation-promoting elements in the steel and consum-
ables and decreasing the thermal shrinkage stresses by low-
ering the weld heat input.

HAZ liquation cracking—The high-chromium martensitic
steels may also be prone to liquation cracking in the HAZ im-
mediately adjacent to the FZ. For example, the susceptibility
of the 9Cr-2MoVNbD (EM 12) steel to this type of cracking has
been investigated in Gleeble machine tests in which samples



are heated at high rates and fractured at various tempera-
tures during heating [35]. While complete fusion of the steel
occurred at 1450°C, grain boundary liquation, as evidenced
by the results of reduction of area measurements, was pro-
duced at 1350°C.

Hydrogen or cold cracking—Cold cracking of the brittle
martensitic phase can occur during cooling after welding of
low- and high-alloy martensitic steels, particularly in thick
sections, as a result of the stresses induced by thermal con-
traction and the volume expansion associated with the
austenite-to-martensite transformation. This type of crack-
ing is exacerbated by the introduction of hydrogen into the
weld pool, the principal source of hydrogen being moisture
in the electrode coatings and fluxes; the solubility of hydro-
gen is high at elevated temperatures but decreases at lower
temperatures, with the result that high-pressure stresses are
generated at lattice discontinuities, such as dislocations, mi-
crovoids, precipitate-matrix and other interfaces, leading to
cracking of the hard and brittle martensite phase in the FZ
and HAZ.

The incidence of this type of cracking is minimized by the
use of covered electrodes with low hydrogen contents and
protection of the wires and electrodes by storage at elevated
temperatures prior to welding. However, an effective way of
preventing cold and hydrogen-assisted cracking is by con-
trolling the preheat, interpass, and PWHT temperatures.

It is essential that a fully martensitic structure is produced
in the weld zone prior to PWHT to achieve the optimum com-
bination of strength and toughness in the tempered struc-
ture. Preheating is normally carried out at about 200°C,
which corresponds to the M¢ temperatures of the simple 9Cr
and 9Cr-1Mo steels and thereby ensures maximum transfor-
mation to martensite during welding as well as allowing hy-
drogen to diffuse out of the weld zone. However, the Mg tem-
peratures for the more highly alloyed martensitic steels
(9Cr-1MoVNBDb, 12Cr-1MoV and 12Cr-1MoVNb) can be sig-
nificantly below 200°C, so that there is a possibility of in-
complete transformation to martensite on cooling to ambient
temperature after welding. This has led to various options for
welding these steels [6,8,40], the procedure initially devel-
oped for the 12Cr-1MoV steel (X20) being illustrated in Fig.
7.7. The “austenitic welding” is carried out with an interpass
temperature above the M, temperature so that the deposited
weld metal remains austenitic until intercooled to or below
the M; temperature (80 to 120°C) to ensure full martensite
transformation before PWHT (Fig. 7.8). There is a danger
that intercooling at a temperature above 120°C would
result in significant amounts of the weld metal remaining
austenitic during PWHT and in transformation of the resid-
ual austenite to the brittle martensite after this treatment. It
may be necessary, however, to maintain the interpass tem-
perature at 200 to 300°C for very thick sections or for very
constrained welds so as to achieve partial martensitic trans-
formation of each weld bead and tempering of the martensite
by subsequent beads. A more ductile weld is produced by this
“martensitic welding” procedure and cracking thereby
avoided during intercooling.

The susceptibilities of various 9-12% Cr martensitic steels
to hydrogen cracking have been established using the Tekken
Y groove restraint [39] and Implant [41] tests in investiga-
tions carried out in support of the fast breeder and fusion re-
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actor and non-nuclear alloy development programs [29].
Cracking of the 9Cr-1MoVNb steel was observed when no
preheat was applied or preheating was carried out at 93°C,
whereas preheating to 204°C prevented cracking [3]. Fur-
thermore, it has been demonstrated that the sensitivity of the
MANET steel to HAZ hydrogen cracking was comparable to
that of other high-chromium martensitic steels and could be
minimized by preheating to about 200°C [37]. Preheating to
lower temperatures of 150 or 175°C appeared to suffice for
other types of steel [39,42].

Reheat cracking—Reheat or stress-relief cracking may occur
in the HAZ and sometimes in the weld of alloy steels during
PWHT or service at elevated temperatures. The cracking re-
sults from increased solution of alloy carbides in those parts
of the HAZ and weld metal heated to temperatures of
=1320°C (Region 2 of Fig. 7.1), followed by strain-induced
precipitation of fine particles on the dislocations and stack-
ing faults within the coarse prior austenite grains when the
residual stresses relax by creep at temperatures in the range
400 to 750°C. This leads to marked strengthening of the
grains such that the deformation is concentrated at or near
the grain boundaries and can result in low-ductility, inter-
granular failures. This type of cracking is facilitated by seg-
regation of surface-active elements such as P, S, Sn, and Sb
at the prior austenite grain boundaries, the phosphorus being
particularly detrimental in the absence of molybdenum in
the steels [43]. However, the presence of up to =~5% d-ferrite
makes the steels less sensitive to the reheat cracking
[35,43,44], probably as a consequence of the ferrite having a
higher solubility for the harmful impurity elements and be-
ing more ductile than the tempered martensite matrix.

The susceptibility of the MANET I1 steel to reheat cracking
has been investigated by subjecting parent material samples
to a coarse-grained HAZ thermal simulation treatment, fol-
lowed by three-point notched bend relaxation testing at
745°C [39]; the steel proved to have a high resistance to the
intergranular reheat cracking in these tests and is probably
immune to this type of failure during commercial fabrication
and heat treatment. The 9Cr-1MoVNb steel is also resistant to
the reheat cracking [38]. These observations are somewhat
surprising in view of the presence in these steels of niobium
and vanadium, which promote stress-relief cracking in other
alloys due to the intragranular precipitation of niobium and
vanadium carbides. However, undissolved niobium carbide
particles inhibit austenite grain growth by pinning the grain
boundaries and the fine-grained structure has superior resis-
tance to the intergranular cracking,.

Type IV cracking—This type of failure, also known as mid-
life weldment cracking, has become a major inspection and
maintenance problem in power generation plants world-
wide [45,46]. Although the phenomenon is not fully under-
stood, circumstantial evidence suggests that the cracking re-
sults from high stresses across the weldment and the
accumulation of creep cavitational damage in the intercriti-
cally transformed zone (ICZ)—Region 4 of Fig. 7.1—of the
weld HAZ, which has a low rupture ductility [46-49]. It has
occurred in low-alloy Cr-Mo steels used for steam pipework
and header systems after long periods of operation in the
temperature range 500 to 565°C. Type IV cracking has not
been detected hitherto in the higher-chromium (X20)
martensitic steels exposed for =150 000 h in fossil-fired
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FIG. 7.7—Preheat, interpass and post-weld heat treatment temperatures for austenitic
and martensitic welding of a 12Cr-1MoV steel [8].

power plants [8], but the results of laboratory investiga-
tions, in which the failure mode was simulated by acceler-
ated creep-rupture tests on cross-weld specimens at elevated
temperatures, suggest that it may also be a problem at mod-
erate to low stresses in the 9Cr-1Mo, 9Cr-1MoVNb, and
12Cr-MoV steels [7,8,46,50-52] and in the newly developed
Japanese 9 and 11% Cr steels (NF616, HCM12A, and
TB12M) [22]. It has been recommended that the modified
9Cr-1Mo steel should be partially tempered at 600 to 700°C
before welding to remove the soft zone [2], and the effec-
tiveness of this approach in preventing premature cracking

has been demonstrated [53,54]. Test results have also indi-
cated that Type IV cracking is suppressed by the presence of
d-ferrite in the steel [55].

There is a need to generate long-term creep-rupture data
on cross-welded, high-chromium reduced-activation marten-
sitic steels being developed for fusion system applications,
produced by both conventional and advanced electron-beam
and laser welding techniques, to establish whether or not
they are susceptible to Type IV cracking and, if so, there is a
minimum temperature below which this problem does not
occur [46].
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SOLID STATE WELDING

There are several solid state welding processes which have
been applied or are being developed for joining the high-
chromium martensitic steels:

High-frequency induction welding has been utilized for pro-
ducing longitudinal seams in the manufacture of 9-12% Cr
steel pipe and tubing, the edges to be joined being forged to-
gether by pressure rolls at the high temperatures induced by
high-frequency AC heating [9]. The process does not require
high heat input, but its application is generally restricted to
thin sections, and tempering of the martensite in the welded
joints is again essential.

Diffusion welding essentially involves pressing together
components with parallel faces in vacuum at high tempera-
tures so as to facilitate inter-diffusion and thereby produce
strong bonding. Earlier investigations had shown that AISI
410 (11.5 to 13.5% Cr) steel joints possessing reasonable
strengths at ambient temperature could be produced using
Ni-Be alloy interlayers and the application of 1 psi (6.895
kPa) pressure at 1150 to 1200°C for 5 min [9].

More recently, the feasibility of diffusion bonding MANET
II steel plates, with and without an intermediate electrode-
posited layer of nickel, for the highly loaded breeder blanket
structure in a fusion reactor has been evaluated [56]. The re-
sults of tests on small (80 mm diameter) disks showed that
leak tight bonds with bend strengths almost equivalent to
those of the base steel could be produced under the following
conditions:

1. Plates with finely ground surfaces (=3 pm roughness) -
980°C, initial pressurization at 30 MPa for 1 h, and then 7
MPa for 1 h.

2. Plates with 20 pm thick nickel surface layers—1050°C,
initial pressurization at 18 MPa for 1 h, and then 7 MPa
for 1 h.
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Helium leak tight joints in 320 mm diameter MANET 11
steel disks with typical fusion reactor first wall geometries
have subsequently been made under these optimized condi-
tions.

Sound diffusion-bonded F82H reduced-activation steel
joints have also been produced without an intermediate
layer, with the proviso that the initial surface roughness was
=1p Ryax, by heating in vacuum (7 X 103 Pa) for 10 or 60
min at temperatures of 950 and 1050°C with a compressive
stress of 3 to 12 MPa [57]. However, a post-bonding normal-
izing-and-tempering treatment was essential to eliminate the
martensite formed in the joint. While adequate tensile
strengths of the diffusion bonds can thus be attained, the
ductilities and toughness tend to be inferior to those of the
base steel [58].

Explosive welding is a well-established process in which
high pressures are produced and mutual deformation of the
mating surfaces obtained as a result of applying a high-ve-
locity impact between the components to be joined [59]. It
is an attractive joining technique as precise control of the
composition, prior heat treatment, and metallurgical struc-
ture of the base materials is not required. The method has
been developed commercially for producing clad plates,
tube-tube plate joints, and plugging repairs in steam gener-
ators [60-62]. Furthermore, almost 3000 leaking tube-tube
plate welds in the evaporator units in the Dounreay Proto-
type Fast Reactor (PFR) were repaired by a combination of
explosive welding and brazing [63]. The defective welds
were bridged by internal sleeves of 9Cr-1Mo steel explo-
sively welded to the top of the tube plate (2%4Cr-1Mo steel)
and brazed into the leaking tube (2%Cr-1MoNb steel) about
100 mm below the defective weld. Earlier experience of ex-
plosive welding the 9Cr-2%4Cr steel combination had been
obtained in the development and manufacturing work un-
dertaken on the replacement superheater tube bundles for
PFR [64]; helium leak, dye penetrant, ultrasonic, and peel
tests, together with metallographic examinations, have
demonstrated that sound joints can be consistently pro-
duced by this process.

DISSIMILAR METAL WELDING

The superheater sections of conventionally powered boilers
and pipe runs often contain welded transition joints or dis-
similar metal joints between low-alloy (usually 2%Cr-1Mo)
ferritic and austenitic steel components [7,45]. The joints
have to accommodate significant differences in physical,
chemical, and mechanical properties and may operate at
temperatures well within the creep range of the ferritic steel.
Experience has shown that the service lives of these transi-
tion joints can be much shorter than those of joints between
similar materials, the failures being due to low ductility
cracking in the HAZ of the ferritic steel close to the fusion
line [45].

It is probable that the use of a high-chromium marten-
sitic steel for structural component applications in a fusion
reactor will also involve welding to a different material such
as an austenitic stainless steel (e.g., Type 316). Observations
on transition joints between X20 or 9Cr-1Mo and Type 316
steels have revealed that the interstitial carbon diffuses
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from the martensitic to the austenitic steel during welding,
heat treatment, and high-temperature service, resulting in
the formation of a band of ferrite adjacent to the fusion
zone. The carbon migration and the incidence of the ther-
mal stress cracking in the transition joint can be inhibited
by incorporating a nickel-base alloy insert between the
martensitic and austenitic steels to act as a diffusion barrier
and minimize the thermal expansion differences [65]. Thus,
tube-to-tube butt welds have been produced between 9Cr-
1Mo and 316 steels using a transition piece of Alloy 600
(0.04% C, 16% Cr, 72% Ni, 0.3% Ti, 0.2% Al, Fe-balance),
the 9Cr-1Mo steel being joined to the Alloy 600 by a two-
pass TIG weld with synchronous Inconel 82 (0.025% C, 20%
Cr, 1% Mo, 0.28% Fe, Ni-balance) filler wire feed [66,67].
Failures of re-normalized-and-tempered specimens oc-
curred along the fusion line between the martensitic steel
and the Inconel 82 weld metal in uniaxial and biaxial creep
tests at temperatures in the range 525 to 640°C and testing
times of = 25 000 h.

Joints between 9Cr-1Mo and 2%Cr-1Mo and 9Cr-1Mo and
Type 316 austenitic steels have also been successfully made
by explosive welding [60]; the welds were free from porosity
and HAZs, although some isolated melted regions were evi-
dent along the weld interfaces.

In addition, transition joints between dissimilar materials
may be produced using inserts of graded compositions man-
ufactured by the powder metallurgy (PM)-hot isostatic press-
ing (HIPping) process [7,68). The chemical composition gra-
dient is effected by mixing powders of the two materials
(such as 10Cr-1Mo martensitic and Type 316 austenitic
steels) powders in various ratios along the transition piece,
thereby enabling one dissimilar weld to be replaced by two
similar ones [68].
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Brazing was initially adopted as the joining technique for the
manufacture of the 9Cr-1Mo steel replacement tube bundles
for the PFR reheaters and superheaters. The process was sub-
sequently developed further and, as mentioned above, ap-
plied successfully as part of the repair technique for defective
welds between the steam tubes (2%Cr-1MoNb steel) and tube
plate (2%Cr-1Mo steel) in the PFR evaporator units [63]. The
required cleanliness of the surfaces to be joined, which influ-
ences the wetting angle, and, hence, the flow of the braze
filler, was achieved by degreasing and grit blasting. Brazing
was then effected using a high-nickel alloy filler (BNi4—1.7%
B, 3.5% Si, 0.9% Fe, 0.06% max C, Ni-balance; liquidus tem-
perature 1060°C) with a capillary gap of =50 pm by induc-
tion heating in an argon atmosphere at 1180°C for a total cy-
cle time of 5 min, the martensite formed in the brazed zone
being finally tempered at 750°C to reduce the hardness (Fig.
7.9).

Brazing has also been considered and evaluated for joining
materials, principally austenitic steels, for fusion reactor first
wall and breeding blanket structural components [69-71].
However, preliminary brazing tests using BNi6 (0.10% C,
11% P, 0.02% S, 0.05% Al, 0.05% Ti, 0.05% Zr, Ni-balance)
and BNi7 (0.08% C, 0.10% Si, 0.2% Fe, 0.01% B, 14% Cr, 10%
P, 0.04% Mn, S, Al, Ti and Zr as for BNi6, Ni-balance) filler
materials have been carried out on modified 9Cr-1Mo steel in
vacuum at 1200°C followed by tempering at 740°C to demon-
strate the feasibility of the approach and the quality of the
brazed joints [72]. There is a significant advantage if the
brazing can be carried out with the whole component located
within an evacuated or controlled-atmosphere furnace, as
the entire structure is subjected to the same temperature-
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FIG. 7.9—Hardness profile across a brazed repair joint between the 9Cr-1Mo steel sleeve
and 2%Cr-1Mo steel steam tube in the PFR evaporator units [63].



time cycle as the brazed joint; this ensures uniformity of the
microstructure and mechanical properties and obviates the
formation of the HAZ characteristic of welding. However, the
fusion reactor components may be too large for the brazing
to be carried out in a furnace so that resort may have to be
made to local inert gas purging and induction heating of the
joint area as in the case of the PFR evaporator repair braze-
ments referred to above.

WELDING OF IRRADIATED STEELS

It is anticipated that repair by conventional welding tech-
niques and replacement of irradiated fusion reactor compo-
nents will be necessary during the plant life. In addition to
radioactivity considerations, the rewelding may pose signifi-
cant problems because the insoluble helium produced by
(n,a) reactions during service precipitates as bubbles at grain
boundaries. These bubbles grow by the absorption of vacan-
cies at high temperatures under the action of the internal ten-
sile stresses produced during welding and eventually coa-
lesce, resulting in premature intergranular fracture (see
Chapter 13).

There are only limited data on the welding of irradiated
materials, although some studies have been performed on
austenitic steels [73-75], and a preliminary investigation has
been carried out on the 12Cr-MoVW (HT9) steel [74]. Helium
concentrations of 0.3 and 1.0 appm were produced in nor-
malized-and-tempered samples of the martensitic steel by the
“tritium trick” technique [dissolution of tritium in the steel
by heating at 300°C with various gas pressures, followed by
decay of the tritium to helium (*H — 3He + °8) and removal
of residual tritium by holding in vacuum (1073 Pa) at 400°C]
and autogenous bead-on-plate welds then made by the
GTAW process.

While no weld defects were observed in control samples
and specimens with 0.3 appm helium, the welds containing
1.0 appm helium showed discontinuous micro-cracking at
the prior austenite grain boundaries in that part of the HAZ
located within several grain diameters of the fusion bound-
ary. It was concluded [74] that the cracking occurred at high
temperatures as a result of the shrinkage stresses induced in
the constrained plates during cooling after welding and orig-
inated from the growth and coalescence of the grain bound-
ary helium bubbles as observed by SEM and TEM examina-
tions. The behavior of the martensitic steel, whose structure
is austenitic in the approximate temperature range 850 to
1350°C, closely paralleled that of Type 316 austenitic steel.

It has been established that the application of a compres-
sive stress during welding suppresses helium bubble growth
parallel to the weld direction and thereby inhibits the HAZ
cracking in the 316 austenitic steel [75], but this approach has
not yet been investigated in the case of the martensitic steel.
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Irradiation Damage, Irradiation
Facilities, Irradiation Testing

Since the subject of this book concerns the use of the high-
chromium ferritic/martensitic steels in radiation environ-
ments, this chapter will provide a brief introduction to irra-
diation damage of metals and alloys, along with a discussion
of irradiation facilities and testing of irradiated materials. Ir-
radiation damage is a complicated process, and the literature
contains numerous reviews on various aspects of the subject.

IRRADIATION EFFECTS ON
FERRITIC/MARTENSITIC
STEELS—GENERAL

Irradiation damage caused by high-energy particles—elec-
trons, ions, protons, or neutrons—occurs when the particles
displace atoms from their normal lattice positions to form
Frenkel defects (vacancies and interstitials) [1]. A transfer of
only several tens of electron volts is required to displace the
atom. Since neutrons in a fission or fusion environment will
have energies in excess of 10* eV, considerable damage will
occur in the fuel cladding of a fission reactor or the first wall
of a fusion power plant.

The atom displaced by the high-energy particle (termed the
“primary recoil atom” or “knock-on atom”) transfers energy
to surrounding atoms, often displacing some of them, which,
in turn, may also cause displacements, resulting in a “dis-
placement cascade.” The cascade consists of a region around
the path of the primary recoil atom with a core consisting of
the vacant lattice sites (vacancies) surrounded by the dis-
placed atoms (interstitials). The size and shape of the cascade
depends on the energy of the knock-on atom and the atomic
number of the atoms being displaced. The range of the
knock-on atom in low atomic-number materials is large, and
the cascades are diffuse; they will be more compact in high
atomic-number materials. The extent of the displacement
damage is expressed in terms of how often an atom is dis-
placed from its normal lattice position during the irradiation
as displacements per atom, or dpa. The calculation of dpa de-
pends on the secondary displacement model assumed for the
calculation. Different models have been used. The standard
industry model used today [see ASTM Practice for Charac-
terizing Neutron Exposures in Iron and Low Alloy Steels in
Terms of Displacements per Atom (DPA), E706, ID)( E 693)]
is referred to as the NRT dpa (for Norgett, Robinson, and
Torrens, the originators of the model used in the calculation).
The NRT dpa is designated simply as dpa; most of the data
presented in this book will have that designation. Another
designation that will be used occasionally when some older
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data are presented is dpa F (for French, because it originated
in France): 1 dpa F = 0.77 dpa.

In addition to displacement damage, neutrons in both fis-
sion and fusion reactors cause transmutation reactions with
atoms of the irradiated steel that produce solid and gaseous
reaction products. The solid products, which are usually an-
other metal atom, are, with a few exceptions, not expected to
produce detrimental effects to properties [2], but since they
are generally radioactive, they can give the long-lived ra-
dioactive isotopes that provide the impetus to develop the re-
duced-activation steels (introduced in Chapter 2). The gases
produced are helium and hydrogen. Helium is produced pri-
marily by an (n,a) reaction (a reaction between a neutron and
the nucleus of a lattice atom to form the nucleus of a new
atom and an a-particle—helium ion) and hydrogen by a (n,p)
reaction [similar to the (n,a) reaction but with a proton—a
hydrogen ion— formed instead of helium]. From fission re-
actor studies, it is known that small amounts of transmuta-
tion helium produced within the lattice by (n,a) reactions can
have pronounced effects on properties.

As discussed above, the outcome of each displacement
event is the production of a vacancy (a vacant lattice site left
by the displacement) and an interstitial (a displaced atom
that came to rest in an interstitial position). It is the disposi-
tion of the vacancies and interstitials that is the primary
cause of the irradiation effects on properties. At reactor tem-
peratures, interstitials and vacancies are mobile, and most
are eliminated by a one-to-one recombination and have no ef-
fect on properties. Those that do not recombine migrate to
“sinks,” where they are absorbed. Sinks include surfaces,
grain boundaries, precipitate-matrix interfaces, dislocations,
and existing cavities. If vacancies and interstitials are ac-
cepted equally at the sinks, they also annihilate. It is when the
vacancies or interstitials are accepted preferentially at sinks
that damage accumulates and properties are affected. Me-
chanical and physical properties are affected by the defect
clusters that can form. Clusters consisting of interstitials can
evolve into dislocation loops, and vacancy clusters can de-
velop into vacancy loops, microvoids, or cavities. Solute clus-
ters and precipitates can also form under certain conditions.

The type of defect cluster that forms depends on irradia-
tion temperature [1,3,4]. Below =0.3T,,, where T, is the ab-
solute melting point of the irradiated material, interstitials
are mobile relative to vacancies, and the interstitials combine
to form dislocation loops that increase strength and decrease
ductility. Dislocation loops with two Burgers vector orienta-
tions are possible in ferritic/martensitic steels: a cube-edge
loop with a<100> Burgers vectors on {100] planes and glis-
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sile edge loops with a/2<<111> Burgers vectors on {111}
planes [5]. They can form by shear from a common a/2
<110> faulted nucleus. The interaction of such loops even-
tually leads to a complex dislocation network. Such defects
have been observed, primarily on pure iron [6] and Fe-Cr bi-
nary alloys [7-10], but also in commercial steels [11].

Vacancies become increasingly mobile for irradiation
above =~0.3Ty, and a dislocation and cavity structure results
[1,3]. In the absence of dissolved gases in the irradiated steel,
vacancies can collapse into loops. Cavities form in the pres-
ence of dissolved gases and cause an increase in volume
(swelling), which occurs because certain sinks have a bias
and do not accept vacancies and interstitials equally [1]. Two
types of cavities can form: bubbles and voids. Bubbles con-
tain gas atoms at a pressure in equilibrium with the surface
tension. Voids can contain gas atoms, but the pressure is less
than the equilibrium pressure. Swelling is explained by as-
suming dislocations act as biased sinks for the interstitials,
meaning that excess vacancies must be absorbed by neutral
sinks. The latter sinks are envisioned as gas-atom clusters
that act as void nuclei, which above a critical size allow bias-
driven void growth [1,4]. For void swelling to occur, the tem-
perature must be high enough for the vacancies to be mobile
and low enough for vacancy supersaturation (above the ther-
mal equilibrium value) to occur.

Finally, at high irradiation temperatures (greater than -

about 0.35 to 0.4 Ty,), defect clusters are unstable. That is, the
high equilibrium vacancy concentration and rapid diffusion
lead to vacancy-interstitial annihilation, and displacement
damage has little effect on properties [3]. However, as dis-
cussed in later chapters, any transmutation helium produced
at elevated temperatures can lead to problems in embrittle-
ment and a loss in tensile ductility.

IRRADIATION DAMAGE IN A FUSION
NEUTRON ENVIRONMENT

In the extensive testing programs that preceded the develop-
ment of thermal and fast fission power reactors, prototypic
test reactors were available well in advance of the construc-
tion of the first demonstration power reactors. No such pro-
totype fusion reactor is available for the development of ma-
terials for fusion, and none will be available in the near future.
International discussions are in progress to build a 14 MeV
neutron source to test materials for fusion, but if such a facil-
ity is built, it will not be available for at least ten years [12].
It is the exposure of the first wall and blanket structures of
a fusion power plant to unique irradiation conditions that
has caused materials specialists the most concern. The chal-
lenge in developing materials for operation under these con-
ditions is to use existing irradiation facilities to qualify mate-
rials for a fusion demonstration (DEMO) reactor and the first
reactors built to produce power. To do this, irradiation ef-
fects expected to be produced by the intense high-energy neu-
tron flux generated in an operating fusion reactor must be
“simulated.” Simulations must be performed by irradiating
with neutrons in existing fission facilities or by the use of ion
irradiation that generates irradiation damage processes sim-
ilar to those expected in a fusion reactor. Because all avail-
able irradiation facilities but an actual fusion reactor have

significant shortcomings, it is necessary to have an under-
standing of radiation-damage mechanisms that occur during
high-energy neutron irradiation so that the effects developed
during simulation can be correlated with those that are ex-
pected to occur in a fusion environment.

Energy in a fusion reactor will be derived from the deu-
terium-tritium (D-T) fuel cycle through the reaction

(8.1)

Approximately 17.6 MeV of energy results, 3.5 MeV as kinetic
energy of the a-particle (a helium ion) and 14.1 MeV as kinetic
energy of the neutron (n). Most of the energy of the a-particle
is deposited in the plasma and transferred by electromagnetic
and charged-particle radiation to surfaces facing the plasma.
Although materials problems arise from this energy transfer,
it will probably have little effect on a ferritic steel first wall, be-
cause the first wall material will be protected from the plasma
by graphite (or some other material) tiles or some other type
of protective shield. It is the 80% of the energy carried by the
14.1 MeV neutrons that will have the major effect on the fer-
ritic steel first wall and blanket structure.

The primary difference between the fusion reactor irradia-
tion environment and that in the core of a fission reactor is
the high-energy component of the neutron spectrum. Neu-
trons at energies of up to the 14.1 MeV are present in the neu-
tron spectrum of a fusion plant compared with the average
creation energy of neutrons in a fast reactor of about 2 MeV
(Fig. 8.1). The high-energy (14.1 MeV) neutrons from the fu-
sion reaction have a high cross section for (n,a) reactions
with some typical elements (e.g., Fe, Cr etc.) present in the
steels of interest (Fig. 8.2), which means considerably more
helium will form in steels exposed to a fusion environment
than a fission reactor environment (Fig. 8.1). More hydrogen
will also form in the fusion neutron environment, and the
solid transmutant elements will also differ to some extent
from those formed in a fission plant.

D+ T— a+ n+ energy

NEUTRON IRRADIATION

Fission reactors are the only facilities available currently that
provide the large volume of test space required to develop im-
proved radiation-resistant materials or to qualify materials
for fusion reactor service. Figure 8.1 compares the neutron
spectra of a fusion system with two types of fission reactors
that have been used to study irradiation damage of fusion
materials: a fast fission reactor (EBR-II) and a mixed-spec-
trum reactor (HFIR and ORR). Before existing fission reac-
tors can be used to simulate the radiation damage, however,
the equivalence of the lattice damage caused by 14 MeV neu-
trons and neutrons of lower energy generated in a fission re-
actor needed to be established [1,2]. Such studies were con-
ducted in accelerator-based high-energy neutron sources,
such as the Rotating Target Neutron Source (RTNS-II)
[13,14] and deuteron-beryllium (d-Be) sources [15-17]; these
facilities are no longer in existence.

The RTNS-II produced 14 MeV neutrons by accelerating
deuterons to 400 kV, and a 150-ma beam of these deuterons
then struck a rotating, water-cooled copper target that was
coated with titanium tritide. The neutron spectrum produced
was due to the D-T fusion reaction. The d-Be source generated
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FIG. 8-1—Neutron-energy spectra for various fission reactors and the spectrum at the first wall of a
lithium-cooled fusion reactor. The primary difference between the spectra of the fission and fusion reactors
occurs above 107 eV.
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FIG. 8.2—Cross section for (n,a) reactions for iron,
chromium, and nickel as a function of neutron energy. Note the
high cross section in the vicinity of the 14 MeV energy of neu-
trons from the fusion reaction.

neutrons by directing a beam of 15 to 40 MeV deuterons onto
a beryllium target. A neutron spectrum with energies from
thermal to 30 MeV is produced from the deuteron breakup re-
action—Be(d,n). Because of the small irradiation volumes
and the low flux of these facilities, only a limited number of
small specimens could be irradiated. Further, the low flux of
the accelerator-based high-energy neutron sources precluded
high doses and the formation of significant amounts of he-
lium. The experiments in those facilities sought to establish
equivalence in fission and high-energy neutron irradiation,
and they demonstrated excellent correlation between the type
of displacement damage produced by 14 MeV neutrons and
from other sources, thus providing confidence that at low dpa
levels the data derived from fission reactor studies are mean-
ingful for fusion systems. This work has been reviewed [2],
and some of it will be discussed in later chapters.

IRRADIATION STUDIES AND SIMULATION
TECHNIQUES

Once the damage equivalence for fission and fusion systems
was established, the larger test specimens needed to carry out
various mechanical properties studies could be irradiated in
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fission reactors to simulate fusion displacement damage. In
the past, fast-spectrum reactors were used to study the effects
of the displacement damage expected in a fusion reactor dur-
ing its lifetime, and the irradiation effects produced in these
reactors will be the subject of much of the discussion in later
chapters.

In a fast reactor where the average neutron energy is less
than 1 MeV, displacement damage occurs with little helium
formation (Fig. 8.1). Therefore, other techniques must be
used to simulate the simultaneous formation of displacement
damage and helium formation. One technique is to irradiate
nickel-containing materials in a mixed-spectrum reactor,
such as the High Flux Isotope Reactor (HFIR) (Fig. 8.1). Both
fast and thermal neutrons are present in a mixed-spectrum
reactor. Displacement damage is produced by the fast neu-
trons, and transmutation helium is produced from an (n,a)
reaction when the 38Ni (68% of natural nickel is *®Ni) in the
material undergoes the following two-step reaction with
thermal neutrons to produce an a-particle—a helium atom:

For austenitic stainless steels with high-nickel contents,
“spectral tailoring” techniques were required to produce the
proper He (in appm) per atom displacement (He/dpa ratio)
similar to that expected in a Tokamak fusion plant. However,
by simply adding 2% Ni to a ferritic steel, it is possible to ir-
radiate in the HFIR and simulate the appropriate He/dpa
production (Fig. 8.3). For this method there is a dpa produc-
tion due to the recoil of the *¢ Fe when the (n,a) reaction oc-
curs; this is a small contribution that can be taken into ac-
count [18]. This simulation technique has been used to study
the effects of helium on martensitic steels [20], and results
from such studies will be discussed in later chapters. It
should be noted that helium production from **Ni is not
strictly simultaneous with the formation of displacement
damage. Damage begins to form immediately when neutron
irradiation begins. Helium does not begin to form until suffi-
cient *°Ni has been transmuted from *Ni. Therefore, some
time is required before the proper He/dpa production rate is
reached, as indicated in Fig. 8.3.

Because the nickel doping of the steel could possibly affect

58Ni + n — %°Ni +vy (8.2) the microstructure and/or properties of the steel being stud-
ied, an alternative isotopic tailoring technique has been pro-
Ni + n — 5¢Fe + “He (8.3)  posed, in which various isotopes of nickel are used [20]. The
1000
I ! I ) 1)
TYPE 318 S8
N HFIR
800 |—
AUSTENITIC AND FERRITIC \
- .

HELIUM (at. ppm)}

N

FIG. 8.3—Relationship between helium concentration and displacements per atom for
austenitic and ferritic steels irradiated in HFIR, EBR-ii, and the first wall of a fusion reactor.
Curves for 12Cr-1MoVW steel containing various nickel concentrations are aiso shown.



CHAPTER 8: IRRADIATION DAMAGE, IRRADIATION FACILITIES, IRRADIATION TESTING 85

*Ni isotope could be added to the steel directly, thus elimi-
nating the need for Eq 8.2, and helium forms directly.

The effect of nickel in the absence of helium can be deter-
mined by comparing the results of the >°Ni alloy with one
that contains an equal amount of *°Ni isotope, from which no
helium is produced, or with natural nickel, from which he-
lium is produced by Eqs 8.2 and 8.3. Also, it has been pro-
posed that by mixing **Ni and *°Ni while keeping the nickel
concentration constant, a single variable experiment in the
He/dpa ratio is possible [20]. The major problems with the
isotopic tailoring technique are the expense of the nickel iso-
topes and the radioactivity of the >°Ni.

Another (n,a) reaction used to produce helium during irra-
diation involves the use of °B (natural boron contains about
20% 1°B) [21],

108 4 n7Li + *He (8.4)

Because the cross section for this reaction is greatest for low-
energy neutrons, irradiation in a relatively high thermal flux,
such as that in the mixed-spectrum of HFIR, will result in all
of the '°B being reacted within 1 to 2 dpa. Complete burn up
of the '°B in a fast reactor will take much longer, depending
on the neutron spectrum (e.g., in FFTF, burn up would be
completed after about 1 year, =30 dpa).

The energies of the lithium ion and the a-particle (He) pro-
duced by the transmutation of the '°B are about 0.87 and 1.53
MeV, respectively. These energetic particles create atomic
displacements as they slow down to thermal energies. Esti-
mates have been made that as many as 680 and 85 displaced
atoms are produced by the lithium and the a-particle,
respectively. The additional displacements could cause an in-
crease in the local defect concentration, as evidenced by de-
fect haloes often observed around boron-containing precipi-
tate particles after irradiation. Another problem is the high
reactivity of the boron, so that it segregates to interfaces and
may be present in precipitate particles such as B4C and
M,3(CB)g [20,21].

The effect of helium can also be determined by injecting -
particles directly into a specimen with an accelerator. Be-
cause of the light weight of the a-particle, only small amounts
of displacement damage will accompany the injection. Alter-
natively, the pre-injected specimen can be inserted in a fis-

sion reactor and irradiated with neutrons to produce further
displacement damage [22]. Dual-beam accelerator irradia-
tions are also possible, where the specimen is simultaneously
irradiated with a-particles to inject the helium and a heavier
ion to produce the displacement damage [22,23]. Triple-
beam accelerator irradiations are also carried out with a pro-
ton beam added to determine the effect of the hydrogen and
helium in conjunction with the displacement damage from
the heavy-ion bombardment. Displacement damage studies
at high displacement rates are also possible with high-energy
electrons. Both accelerator and electron irradiations present
problems for correlating the resulting structures and proper-
ties with those produced in a fusion reactor (Table 8.1). More
importantly, it is difficult and expensive to irradiate mechan-
ical property specimens because of their relatively large size,
and most of the irradiations are used for electron microscopy
studies.

IRRADIATION FACILITIES

Since the fusion materials programs in the various countries
of the world began in the 1970s, a large number of reactors
have been used to irradiate candidate materials, many of
them having previously been used in the development of ma-
terials for fast reactor applications. Tables 8.2, 8.3, and 8.4
list nuclear fission reactors, accelerators, etc., that have been
used in Europe, the United States, and Japan, respectively,
for studying fusion materials. Irradiation studies for fusion
and fast reactors are also being carried out in the Russian
Federation, but details on their facilities are not readily avail-
able. Several of the reactors in the table have now been shut
down, including the Fast Flux Test Facility (FFTF) and the
Experimental Breeder Reactor (EBR-II) in the United States,
and the Prototype Fast Reactor (PFR) in the UK, all three of
which were fast reactors, and the Oak Ridge Research Reac-
tor (ORR), a mixed-spectrum reactor in the United States.
Today, neutron irradiations for fusion are still being carried
out in the High Flux Isotopes Reactor (HFIR) in the United
States, the High Flux Reactor (HFR) in The Netherlands, and
the Phénix Fast Reactor in France. Irradiations are also car-
ried out in the Japan Materials Test Reactor (JMTR) and the

TABLE 8.1—Some characteristic features of different simulation techniques for fusion materials research.

Main Field

Disadvantages

of Application

Very small ranges (<1 wm). No mechan-

ical tests. Surface effects, injected
inhomogenous dam-
age. Unknown distribution of high

Limited to a few dpa. Recoil spectrum
different from neutron damage.
Limited specimen thickness. Studies
of weld and fracture mechanics
samples hardly possible.

Very small irradiated thicknesses and
areas. Surface effects.

Unknown distribution of high stresses,
temperature gradients.

Particles
Energy Range
Source Advantages
Heavy ions Extremely high displacement rates
(self ions) (100 dpa in a few hours). Many
2-5 MeV accelerators available almost interstitials,
Van de everywhere. Variable He/dpa ratio in
Graaffs dual-beam facilities. stresses.
Light ions Somewhat higher displacement rates
(P, d, o) than reactors.
5-50 MeV  Homogeneous damage in 50-200 pm
Cyclotrons thick specimens.
In situ mechanical tests.
Low to very high He/dpa ratios.
Electrons Very high displacement rates.
0.2-3 MeV  Simultaneous production and obser-
HVEM, vation of defect structure.
Van de Variable He/dpa ratios in dual beam
Graaffs facilities.

Recoil spectrum very different.

TEM investigation of: microstructural
and microchemical changes and
swelling by void formation. Screen-
ing of candidate materials.

Basic studies of “in pile” mechanical
property changes such as irradiation
creep, embrittlement under static
(creep) and cyclic stresses (fatigue).

In situ observation of the evolution of
microstructure (dislocations, voids,
clusters, precipitates, segregation).
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TABLE 8.3—Japanese irradiation facilities used for fusion materials.

Type Site Facility Particle Damage Rate Gas Generation Rate
dpa, s dpa, y' Appm He, s appm H, 5!
Fuel position
Mixed JAERI, JMTR Neutron 3x107 2.7 1 x 10"
Spectrum Oarai
Fission Reflector position
Reactor 8 x 10? 0.7 1 x 109
JAERI,
Tokai JRR-3 Neutron 2x 107 14 7 x 1050
Mark II Core 1st Grid
Fast Fission PNC,
Reactor Qarai JOYO Neutron 3 x10° 21 5x 107
Typical
11 MeV Fe**
Accelerator JAERI, TIARA 1 MeV He' 3x 10 3 x 10? 5.6 x10?
Cyclotron Takasaki (triple beam) | 400 KeV proton
JAER], Cylotron Typical
Takasaki 50 MeV He* 4x10*

(1) At linearly increasing region (~20 dpa).

TABLE 8.4—U.S. irradiation facilities used for fusion materials.

Type Site Facility" Particle Displacement Dose Gas Generation Rate
dpa, s dpa, vy’ He appm, 5™ H appm, 5™
Mixed Oak Ridge, ORR® Neutron 3.5x 107 1t 1.1 x 107 5.6 x 107
Spectrum Tennessee
Fission
Reactor
Oak Ridge, , B
Tennessee HFIR® Neutron 1.1 x 107 35 3.7x 10 6.8 x 10
Fast Fission Idaho Falils, , .
Reactor Idaho EBR-II? Neutron 1.2 x 10°¢ 37 1.8x 10 28 x 10
Hanford, , .
Washington FFTF® Neutron 1.3x 10 41 22x10

(1) A high-flux position has been chosen for each reactor.
(2) Reactor is no longer operating.

(3) Values for HFIR are for 100 MW operation; reactor is now operated at 85 MW.

Japan Research Reactor (JRR-2) in Japan, the Studsvik Re-
actor R2 in Sweden, and the SM-2 and BOR-60 reactors in
Russia. Irradiations also continue in a limited number of ion
sources, although most of these irradiations are restricted to
irradiating small transmission electron microscopy speci-
mens. In general, the pace of irradiation studies on candidate
fusion materials has decreased considerably from the effort
in the 1970s to 1980s period.

IRRADIATION EXPERIMENTS

Conducting irradiation experiments involves many difficul-
ties, for example, temperature measurement and control (i.e.,

heating and/or cooling specimens in the reactor) to obtain
the desired conditions. Different capsules have been designed
for different reactors to obtain the experimental objectives.
These will not be discussed. One of the prime challenges in
this work is caused by the space limitations in test reactors.
To increase the amount of data that can be generated given
the limited irradiation space, miniature specimens have been
developed to measure the properties of irradiated specimens.

Miniature specimens that are reductions of typical full-
size specimens are in general use for irradiation-damage
studies [24]. Various rod and sheet tension specimens have
been used by various test programs over the years. Typical
for sheet specimens is an overall length of 25 to 30 mm with
thicknesses ranging from 0.25 to 0.8 mm with a gage length
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of 7 to 8 mm. One of the smallest tension specimens being
used is 16 mm long, 0.25 mm thick, with a 5 mm gage
length.

Rod or round-bar tensile-type specimens are also used, but
primarily for fatigue tests. Longer specimens are generally
used in this case: length 50 to 80 mm, gage length 7 to 30 mm,
with diameters in the gage section of 2 to 6 mm [24]. A still
smaller size specimen is being investigated: the specimen is a
25.4 mm long hour-glass specimen that has a 1.25 mm diam-
eter at the minimum cross section [25].

Various types of miniature Charpy specimens have been
used. Instead of irradiating full-size (10 by 10 by 55 mm)
specimens, half-size (5 by 5 by 25.4 mm) and one-third-size
specimens (3.3 by 3.3 by 25.4 mm) are used in the United
States, while in Europe and Japan, a subsize specimen (3 by
4 by 27 mm) specified under the term of KLST is most often
used. The Japanese have used a still smaller specimen with
dimensions 1.5 by 1.5 by 20 mm. Since a Charpy test mea-
sures the fracture energy, the results will depend on the size
of the specimen. Therefore, for the miniature Charpy speci-
mens, much smaller energies are measured and reported for
these specimens than for full-size specimens.

Irradiation creep is now generally determined with small
pressurized tubes [26], typically about 24 mm long with a 4.6
mm diameter. Toughness measurements are conducted on
miniature compact tension specimens: a 15.625 by 15 by 6.25
mm specimen has been used in Europe; in the U.S. and
Japan, a 12.5 mm diameter cylindrical specimen 4.6 mm
thick is in use.

Several conferences have been held on specimen miniatur-
ization, testing, and correlation of data from these small
specimens, and the proceedings of these conferences can be
consulted for more detail on the subject [27-30].
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Dimensional Stability—Swelling

SWELLING BEHAVIOR

Irradiations at temperatures in the approximate range 0.3 to
0.5T to intermediate and high neutron doses, typical of
those encountered in the cores of fast breeder reactors and
projected for the first wall and breeder structural compo-
nents in a DEMO D-T tokamak fusion system, produce sig-
nificant density decreases and volume swelling of some
austenitic steels [1] and other non-fissile metals and alloys.
The swelling is associated with the formation of intragranu-
lar voids and dislocation loops.

There is general agreement as to why the voids nucleate
and grow within a fairly narrow temperature range in the un-
stressed materials. The void swelling results from the pro-
duction of equal numbers of vacancies and interstitial atoms;
the dislocations in the structure have a slightly higher prefer-
ence for the interstitials, and the excess vacancies migrate
and form clusters, which are stabilized as three-dimensional
voids by the innate gases in the material and/or transmuted
gas, such as helium produced by (n,a) reactions. Voids are
not formed below about 0.3T,, because of dominant mutual
recombination of the interstitials and slow diffusing vacan-
cies and above about 0.5T,, because the thermal vacancy con-
centration exceeds that induced by irradiation.

Extensive data on void swelling have been obtained by:

® Dimensional and immersion density measurements
and/or TEM of specimens obtained from the irradiated
cladding and wrappers of fast reactor fuel element sub-as-
semblies and small specimens exposed in un-instru-
mented or instrumented rigs in fast and mixed-spectrum
fission reactors.

® Simulation experiments in accelerators/cyclotrons and
high-voltage microscopes in which the void formation and
swelling are rapidly simulated (approximately one thou-
sand times faster) by charged particle and 1 MeV electron
bombardments, respectively, with and without prior or si-
multaneous helium implantation.

The void swelling-fluence relation has been represented in
terms of an incubation dose, below which the swelling is neg-
ligible (<0.1%), followed by a linear swelling rate regime thus:

S=0.1%forD <D, (9-1)
S = A(D - Do) for D > Do (9-2)

where S is the total swelling, A is the swelling rate, and D and
Dy are the total and incubation doses, respectively.

The extensive experimental data for the austenitic stainless
steels have shown that the magnitude of the swelling depends

Copyright® 2001 by ASTM International
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on the major and minor elemental composition and initial
thermomechanical treatment. However, it has been shown
[2] that these factors only affect the incubation or transient
dose before the swelling in the austenitic steels accelerates to
a constant rate of about 1% per dpa, independent of the irra-
diation temperature (Fig. 9.1) for temperatures in the peak
swelling range. The length of the transient can vary over a
wide range, from <1 dpa to tens of dpa.

Extensive data are also available on pure iron and iron al-
loys, low, intermediate, and high chromium ferritic, bainitic,
and martensitic steels that have demonstrated that these
body-centered-cubic (bcc) materials have considerably
greater resistance to irradiation-induced void swelling than
the face-centered-cubic (fcc) austenitic steels (Fig. 9.1). The
void swelling observations and data on these irradiated bcc
steels have been reviewed periodically [3-7] and the mi-
crostructural evolution and origins of the void swelling resis-
tance discussed [6,7].

SWELLING OF FERRITIC AND
MARTENSITIC STEELS

The collected swelling data on the electron- and ion-irradi-
ated high chromium commercial ferritic and martensitic
steels are plotted in Fig. 9.2 [8-19], while the data for neu-
tron-irradiated commercial and reduced activation steels are
reproduced in Figs. 9.3 and 9.4 [20-47], respectively. The
swelling rates are typically 0.1% per dpa (compared to the
typically 1%/dpa for austenitic stainless steels) and decrease
to less than linear at high displacement doses. It is also noted
that the 3-ferrite regions in the duplex steels such as EM12
generally exhibit greater void formation and swelling than
the adjacent tempered martensite structure [22].

In an effort to understand the swelling resistance of fer-
ritic/martensitic steels, research has been carried out on the
swelling of pure iron [5,20,21,48-52], dilute iron binary al-
loys [48], Fe-Cr binary alloys with up to 18% Cr
[20,21,25,53], and Fe-Cr ternary alloys containing Si, Mn, V,
W, Ta, and Zr [53] after neutron [20,21,25,53] and ion
[48-52] irradiation. Although these results are only periph-
erally relevant to the swelling of the more complicated
steels, the results established the low-swelling nature of fer-
ritic alloys relative to austenitic alloys and demonstrate the
effect of solutes and the overall microstructure on sup-
pressing void swelling by interacting with irradiation-pro-
duced vacancies or the dislocation structure (theories devel-
oped to explain swelling resistance will be discussed below).

Wwww.astm.org
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FIG. 9.1—Swelling behavior of six commercial
heats of ferritic/martensitic steels compared to type
316 stainless steel after irradiation in EBR-Il at 420°C
to ~80 dpa {from D. S. Gelles, unpublished research).

These are also important processes for the high-chromium
ferritic and martensitic steels, the swelling behavior of
which will now be presented in some detail.

SWELLING DURING NEUTRON
IRRADIATION

Little and Stowe [20,21] irradiated the three 12% Cr marten-
sitic steels FI, CRM-12, and FV448, the bainitic steel 2%Cr-
1Mo, and the fully ferritic Fe-14Cr-4Al (Fecralloy) at 380 to
615°C to 30 dpa in DFR. At all irradiation temperatures,
swelling was below the detection limit of 0.1% for immersion
density measurements. The only changes noted were at
595°C for Fecralloy and at 615°C for FI and FV448, where
densification near the detection limit was observed. TEM ob-
servations verified the lack of swelling, finding only small iso-
lated regions that contained a low density of cavities in the FI
and FV448 steels irradiated at 380°C [21].

Gelles and co-workers [25-29,53,54] studied several com-
mercial steels after irradiation in EBR-II. For 2%Cr-1Mo,
H-11 (5Cr-1.0Mo0-0.9Si-0.5V-0.4C), modified 9Cr-1Mo (9Cr-
1MoVNb), Sandvik HT9 (12Cr-1MoVW), AISI 416 (13Cr-
0.25M0-0.4Mn-0.3Ni-0.5Si-0.1C), AISI 430F (18Cr-0.4Mn-
0.58i-0.04C), and EM12 (9Cr-2MoVND) irradiated to 70 dpa
at 400 to 650°C, cavities were observed only in the 2%Cr-1Mo
and the duplex EM12 at 400 to 450°C (a few helium bubbles
were observed in the EM12 at 650°C). The EM12 was the only
steel that showed significant swelling by densitometry, but its
swelling rate was one-twentieth that of austenitic steels [53].
Figure 9.1 summarizes the work of Gelles and co-workers
and shows the marked contrast in the swelling behavior of
AISI type 316 stainless steel and several commercial ferritic
steels irradiated to =70 dpa in EBR-II [54].

Gelles also irradiated the above-mentioned commercial
steels (2'%Cr-1Mo, H-11, 9Cr-1MoVNb, Sandvik HT9, AISI

416, AISI 430F, and EM12) plus FeCrAlY (22.5Cr-5A1-0.68Y-
0.009C) and Carpenter Custom 455 (12Cr-8.4Ni-0.24Nb-
1.2Ti-2.1Cu-0.008C) to 125 dpa at 400 to 650°C [25]. Peak
swelling occurred for most steels at 400 to 420°C with <0.2%
swelling, except for the EM12 (0.6% at 400 to 420°C) and Car-
penter Custom 455 (1.78% at 540°C). The latter steel contains
10% Ni, which was concluded to promote austenite forma-
tion, and the higher swelling at the higher temperature was
attributed to austenite that formed during irradiation as a re-
sult of radiation-induced segregation [25].

Although no voids were observed in the Sandvik HT9 irra-
diated to 70 dpa in EBR-II [28], a few scattered voids formed
in another heat irradiated in the Fast Flux Test Facility
(FFTF) at 420°C [27,34] in two different heat treatment con-
ditions. After irradiation to 114 dpa at 420°C, voids were non-
uniformly distributed, and swelling varied from 0.24 to 0.7%
for one heat-treatment condition and from 0.78 to 0.9% for
the other condition. Heat treatment was considered a possi-
ble cause for the variation, although the precipitate distribu-
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FIG. 9.3—Void swelling of neutron-irradiated commercial fer-

ritic/martensitic steels.

tion and dislocation structures appeared similar for the two
conditions. A swelling rate of 0.015%/dpa was estimated be-
tween 50 and 114 dpa for the 0.9% change, a much lower rate
than the =1%/dpa typically found in austenitic stainless

steels [34].

Gelles extended the irradiations to 200 dpa in FFTF at
420°C for the 9Cr-1MoVNb and 12Cr-1MoVW steels [29] and
found the continued low swelling. The 9Cr-1MoVNb showed
a larger swelling (1.76%) than the 12Cr-1MoVW (0.09 and
1.02% for steel tempered at 700 and 750°C, respectively), in
agreement with a maximum in swelling around 9% Cr ob-
served for Fe-Cr binary alloys [21,53].

In addition to irradiating the 9Cr-1MoVNb and 12Cr-
1MoVW steels, Gelles also irradiated two ODS (oxide disper-
sion-strengthened) alloys to 200 dpa in FFTF: a commercial
heat of MA 956 (Fe-19.1Cr-0.02C-0.2Ni-0.26Y,05-0.9Ti) and
two batches of an experimental steel designated MA957 (Fe-
13.5Cr-0.25Mo0-0.26Y,05-0.95Ti) [29]. Immersion density
measurements showed swelling of 1.17% for the MA 956 and
1.75 and 0.25% for the two batches of MA 957. Swelling in the
MA956 was described as uniform, while a non-uniform dis-
tribution of voids was observed in the MA 957. Voids in the
MA 957 were found in regions that recrystallized before irra-
diation. The difference in the swelling amounts of the two
MA 957 batches was attributed to differences in the amount
of recrystallization that occurred during processing [29].

Dubuisson et al. [22] examined the microstructure of the
17% Cr non-transformable ferritic steel F17, the duplex steel
EM12, and the martensitic steels FV448, HT9, DIN 1.4914,
and EM10 after irradiation in the Phénix reactor from 400 to
550°C up to 110 dpa. Few voids were observed in any of the
steels. The most swelling was observed in the 3-ferrite regions
of the duplex EM12 and in the ferrite of the F17 steel. No cav-
ities were observed in the lath martensite microstructure of
the HT9, and although cavities were observed in the FV448,
1.4914, and EM10, the voids were widely scattered, giving es-
sentially zero swelling [22].

DIN 1.4914 steel was found to be low swelling in other
studies [12,23,24,42]. A fuel wrapper of DIN 1.4914 irradi-
ated to 105 dpa in the range 400 to 480°C in Phénix showed a
maximum swelling of only 0.05% [23]. TEM indicated the
presence of o' particles at a number density of 2 X 10'° cm ™3
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FIG. 9.4—Void swelling of neutron-irradiated re-
duced activation ferritic/martensitic steels.
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that also formed during irradiation in this temperature
range. The swelling behavior of the DIN 1.4914 and EM12
was compared to the swelling of several oxide dispersion-
strengthened (ODS) alloys after 55 dpa in the Rapsodie fast
reactor in France [12,42]. The ODS steels tested were Fe-
13Cr-1.5Mo-3.5Ti with <0.08% C that contained either tita-
nium oxide (TiO,) or yttrium oxide (Y;03) for dispersion
strengthening. The DIN 1.4914 and EM12 had greater irradi-
ation resistance than the ODS alloys. Over the range 410 to
490°C and 30 to 55 dpaF, the TiO,-strengthened steel showed
the greatest amount of swelling (=1.2% max), followed by the
Y.0;-strengthened steel (=0.8% max), and the EM12 and
DIN 1.4914 with swelling of =0.4% max [12,24,42].

Russian investigators [37,55] have compared ferritic/mar-
tensitic steel wrapper materials for fast reactors with
austenitic stainless steel wrapper materials irradiated to a
maximum of 144 dpa. The chosen Russian ferritic/marten-
sitic steels were EP-450 (Fe-12Cr-1.5Mo0-0.2V-0.4Nb-0.5Si-
0.8Mn-0.004B-0.12C) [37,55], 05X12H2M (Fe-13.5Cr-0.3Ni-
0.55Nb-0.5Si-0.02P-0.15C) [36], and EP823 (12Cr-0.8Ni-0.4
Nb-1.3Si-0.06B-0.18C) [55] . Dose dependence of the swelling
of EP-450 was described in a summary report as just
0.0049%/dpa [37]. It was stated that swelling for the three fer-
ritic/martensitic steels would not limit the attainment of
damage doses of 140 dpa, compared with a limit of 50 to 70
dpa for the austenitic steels [55].

Gelles examined the swelling of Cr-V, Cr-W, and Cr-W-V-
Mn reduced-activation steels with =2.5, 9, and 12% Cr irra-
diated in FFTF to 9.8, 43.3, and 114.2 dpa at 420°C, 14.4 dpa
at 520°C, and 33.8 dpa at 600°C [29,43-45]. Void formation
occurred at 420°C, but not at 520 and 600°C [44]. Specimens
of these steels were also irradiated to 200 dpa at 420°C [45] in
the experiment discussed above where the 9Cr-1MoVNDb and
12Cr-1MoVW steels were irradiated (Table 9.1) [43]. Qualita-
tively, the swelling of the reduced-activation steels was simi-
lar to that for the two Cr-Mo steels, with the 9Cr steels again
showing the most swelling. The peak in swelling at 9% Cr
agrees with results obtained by Gelles from irradiation stud-
ies on Fe-Cr binary alloys with chromium concentrations be-
tween 2 and 18% [53]. The 9Cr-0.5V-0.1C, 9Cr-1.2V-1.1Mn-
0.2C, 9Cr-0.5V-2.7Mn-0.1C, and 9Cr-1W-0.25V-2.5Mn-0.1C
reduced-activation steels had swelling values of 0.54, 2.20,
4.66, and 5.04%), respectively. This variation in swelling and
the observation that all but one of the reduced-activation

TABLE 9.1—Swelling of a Series of Reduced-activation
Ferritic/Martensitic Steels and Conventional 9Cr-1MoVNb
and 12Cr-1MoVW Steels.

Alloy Fluence, dpa Sweiling
2Cr-0.5V 203.2 1.11
2Cr-1V 203.5 1.3
2Cr-1.5V 204 1.52
9Cr-0.5V 204.8 0.54
9Cr-1V-1Mn 205.7 2.2
9Cr-0.5V-3Mn 206 4.66
12Cr-1V-6.5Mn 208.8 1.43
9Cr-1W-2Mn 204.4 5.04
12Cr-1W-6.5Mn 2069 -0.77
9Cr-1MoVNb 204.5 1.76
12Cr-1MoVW*# 204.5 0.09
12Cr-1MoVW? 204.5 1.02

“Tempered at 700°C.
*Tempered at 750°C.

steels showed larger swelling than the commercial 9Cr-
1MoVNDb and 12Cr-1MoVW steels indicates that swelling de-
pends on more than just the chromium composition. The 2.5
and 12% Cr steels showed swelling values similar to the 9Cr-
1MoVNDb and 12Cr-1MoVW (Table 9.1) [45]. The 12Cr-1W-
6.5Mn-0.1C steel showed a negative swelling, indicating that
the change in density due to precipitation more than offset
any void swelling. Figure 9.5 shows the void microstructures
of the reduced-activation steels [45].

The observation that some reduced-activation steels
showed higher swelling than the commercial steels does not
necessarily mean that reduced-activation steels in general
swell more than the conventional steels. It is probably a re-
flection that these are experimental steels and not optimized
compositions. After irradiation in FFTF to 35 dpa at 420°C,
swelling of the reduced-activation 9Cr-2WV and 9Cr-2WVTa
steels and the conventional 9Cr-1MoVNDb and 12Cr-1MoVW
steels was estimated by TEM to be 0.2, 0.33, 0.85, and
0.007%, respectively [30]. The results again verify the supe-
rior swelling resistance of the 12 Cr steel, but they also
show the relatively good resistance of the more optimized
9Cr reduced-activation compositions, even relative to the
conventional 9Cr-1MoVNDb steel. As stated above, the 9Cr-
1MoVND steel, which was the highest swelling steel in this
experiment, showed less than 2% swelling at 200 dpa in
FFTF at 420°C [29)].

Garner et al. [56] recently reexamined results from the Fe-
Cr binary, ternary, and quaternary alloys irradiated in EBR-
II that were earlier studied by Gelles and Thomas [26] and
concluded that there had been an error in “dose assign-
ment” for the bee alloys, and the steady-state swelling rate
was not as different from the austenitic stainless steels as
usually stated. For the Fe-Cr alloys investigated, a steady-
state swelling rate of =0.2%/dpa was obtained, which is
closer to the ~1%/dpa typically found for austenitic stain-
less steels than previous calculations. The reason for the low
swelling rates usually observed for ferritic/martensitic steels
was attributed to the longer transient stage for the bcc
structure relative to the fcc structure of austenitic stainless
steels [56]. The transient stage is dominated by void nucle-
ation (formation of critical size cavities), which was taken
to indicate that nucleation is more difficult in the bee struc-
ture. These results also indicated that swelling occurred at
temperatures as high as 650°C, which is well above the peak
swelling temperature [56].

Of course, the compositions of the ferritic/martensitic
steels used for fission and fusion applications, as opposed to
the Fe-Cr alloys in the work of Garner et al. [56], extend the
transient beyond those observed for these simple alloys, thus
giving rise to the observations that the ferritic steels show less
swelling than austenitic stainless steels. According to this in-
terpretation, the low swelling rates for ferritic steels observed
in some experiments (e.g., 0.004%/dpa [37]) are for swelling
in the transient stage. Further, by this interpretation, it must
be concluded that a quite long incubation period must be
possible for these steels, given the observations in some high
dpa irradiations, such as: a swelling rate of 0.015%/dpa be-
tween 50 and 114 dpa at 420°C for HT9 [34], a maximum
swelling of 0.09 and 1.02% in HT9 with different heat treat-
ments after irradiation at 420°C to 200 dpa, and a maximum
swelling in DIN 1.4914 of only 0.05% after irradiation at 400
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FIG. 9.5—Microstructures of experimental reduced-activation ferritic/martensitic
steels following irradiation at 420°C in FFTF to 200 dpa: top row, left to right, 2Cr-
0.5V, 2Cr-1V, and 2Cr-1.5V; middle row, left to right, 9Cr-0.5V, 9Cr-1V, and 9Cr-0.5V-
3Mn; bottom row, left to right, 12Cr-1V-6.5Mn, 9Cr-1W-2Mn, and 12Cr-1W-6.5Mn [29].

to 480°C to 105 dpa [23]. However, Garner et al. warn that in
a fusion reactor where large amounts of helium will form in
the first wall, the low-swelling character of the ferritic/
martensitic steels might be compromised by the effect of the
helium on the nucleation of voids [56].

Basically, the swelling results for commercial Cr-Mo steels
and experimental reduced-activation steels irradiated in fast
reactors can be summarized as indicating that these steels
show relatively low swelling (much less than the austenitic
stainless steels), even when irradiated to 200 dpa near the
peak swelling temperature. This is true whether the steel is in
the martensitic, bainitic, or ferritic condition and whether
the steel is transformable or non-transformable. Helium is
expected to be important in a fusion reactor, and that will be
discussed next.

Helium Effects

Because of the large amount of helium produced in a fusion
reactor first wall, the effect of helium on swelling was in-
vestigated by irradiating 9Cr-1MoVNb and 12Cr-1MoVW
steels and these steels with 2% Ni (9Cr-1MoVNDb-2Ni and
12Cr-1MoVW-2Ni) in the HFIR [31-33,57]. The thermal
neutrons in this mixed-spectrum reactor react with >®Ni ac-
cording to Egs 8.2 and 8.3 to produce transmutation he-
lium. By comparing microstructures (Fig. 9.6) of the un-
doped and nickel-doped steels irradiated at 400°C in HFIR
(=37 dpa with 30 and 400 appm He in the undoped and
doped steels, respectively) with those irradiated at 407°C in
FFTF (47 dpa and =5 dpa in both the undoped and doped
steels), it was concluded that increases in the He/dpa ratio
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enhanced the formation of large, bias-driven voids [33].
Furthermore, after irradiation in HFIR, the extent of void
formation depended on nickel concentration, an indication
that helium affected void formation, since nickel appeared
to produce no significant differences in the general mi-
crostructure for the steel irradiated in HFIR and FFTF
[31-33,57]. The nickel-containing steel irradiated in both re-
actors contained a high density of fine M¢C precipitates
(Fig. 9.6) [33].

This conclusion on helium effects was questioned by Gelles
and Kohyama [34], based on the observation that no voids
formed in HT9 after 70 dpa in EBR-1I, but a few did form in
a different heat of the steel after 34 dpa [27] and many
formed after 114 dpa [34] in FFTF. They concluded that sig-
nificant helium was not required for void formation, and they
argued that the behavior appeared to be different even in dif-
ferent fast reactors (EBR-II versus FFTF). Since different
heats of HT9 were irradiated in EBR-II [27] and FFTF
[27,34], an alternate explanation might be differences in dis-
solved gas concentrations (e.g., O or N) in the two heats. Such
gases can play a pivotal role similar to transmutation helium
in nucleating voids [58,59].

Gelles and Kohyama [34] compared FFTF results for HT9
steel irradiated to 114 dpa with dual ion-beam irradiations to
100 dpa and 15 appm He by Asano et al. [18]. The latter stud-
ies showed a density change of only 0.14%, compared to the
high of 0.9% in FFTF. With 100 dpa and 5 appm He, only
small cavities formed in the high-damage-rate ion-beam ex-
periments [18]. However, no cavities formed without helium,

and Asano et al. concluded that helium was required for cav-
ity formation [18]. Despite these observations, Gelles and Ko-
hyama implied that helium might still not be a factor in FFTF
by stating [34], “. . . in those materials where precipitation
that formed during irradiation plays a role in microstructural
development, care must be taken in interpreting the results of
high-damage-rate irradiation.” As stated above, other gases
besides helium (or in addition to helium) can play a role in
void formation [58,59].

Kimura et al. [46] examined the microstructure of a 9Cr-
2W-0.25V-0.05Ta-0.1C reduced-activation steel with and
without 0.003% B irradiated in FFTF. The steels with boron
showed as much as 0.2% swelling after irradiation to 40 dpa
(=30 appm He) at 420°C, compared with negligible swelling
for the steels without boron. The authors attributed the
higher swelling rate in the boron-containing steel [46] “to be
due to the helium transmuted from '°B included in the natu-
ral boron.”

Shibayama et al. [47] irradiated two 9Cr-2WVTa steels sim-
ilar to the ones irradiated by Kimura et al. [46] but with
0.02% Ti, one steel with a 0.003% B addition and one with-
out. After irradiation to 60 dpa at 420°C in FFTF, microvoids
formed in both steels. The mean size of the voids in the
boron-containing steel with ~30 appm He was much smaller
than for the voids in the steel without boron, but the void
number density in the steel with boron was about twice that
of the steel without boron. Less swelling occurred in the steel
with boron (0.45% versus 0.77%) because the high density of
smaller bubbles in this steel acted as neutral sinks (no bias

FIG. 9.6—Microstructures of 9Cr-1MoVNDb (left) and 9Cr-1MoVNb-2Ni (right) steels irradiated in
FFTF at 420°C to 47 dpa (top) and in HFIR at 400°C to 37 dpa (bottom) showing increased void
formation after HFIR irradiation; the micrographs on the right indicate little difference in the pre-
cipitate microstructures formed in the 9Cr-1MoVNb-2Ni steel during irradiation in FFTF (top) and
HFIR (bottom) [33].
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for either vacancies or interstitials), which is how helium of-
ten affects swelling [58,59].

Gelles used the nickel doping technique in Fe-12Cr-1.5Ni
ternary alloys to study the effect of the nickel by irradiating
alloys containing 1.5% of natural nickel, >**Ni, and %°Ni to ~7
dpa in HFIR at 300 and 400°C [60]. About 45 appm He was
produced from the natural nickel, 80 appm He from °Ni, and
no helium from ®°Ni. An Fe-12Cr alloy was also irradiated. A
high density of helium bubbles formed in the alloys with nat-
ural nickel and >°Ni irradiated at 300°C. Lower densities were
observed in the alloys with °°Ni additions and no added
nickel. At 400°C, precipitate formation in the nickel-contain-
ing alloys hindered the observations of bubbles, while the al-
loy without nickel contained some cavities. In addition to the
o’ that is usually found in such 12% Cr alloys, it was con-
cluded that the nickel promoted additional precipitate for-
mation. The new precipitates were not identified. It was con-
cluded that because of the precipitates, caution must be
exercised when using nickel doping to study helium effects
[60]. It should be pointed out, however, that these alloys are
quite different from typical 12 Cr steels. For example, in ad-
dition to iron and chromium, HT9 also contains Mo, V, Nb,
W, Si, Mn, and C.

The question of the effect of nickel additions on the mi-
crostructure of the steels was also addressed in the work on
9Cr-1MoVNb and 12Cr-1MoVW steels with up to 2% Ni
[31-33,57]. No difference in the precipitate microstructure of
the steels with and without the 2% Ni was observed before ir-
radiation [31-33]. However, irradiation of the nickel-doped
steels in both HFIR and FFTF at 400 and 500°C resulted in
the production of a fine distribution of MC (Fig. 9.6), which
was rich in Cr, Ni, and Si [33]. Since the precipitate mi-
crostructures in HFIR and FFTF at =400°C were similar, the
precipitate was not thought to invalidate the conclusion that
helium enhanced the formation of voids (bias-driven cavi-
ties) and bubble formation at 300 to 600°C [33].

Ion and Electron Irradiation

Ion and electron irradiations are carried out to simulate neu-
tron irradiation. However, peak swelling temperatures for
electron and heavy-ion irradiations occur at 100 to 150°C
higher than for neutron irradiation due to the higher dis-
placement rate (dpa s~ !) for ion and electron irradiation. For
a higher defect production rate during ion or electron irradi-
ation, a higher temperature must be reached before the ther-
mal vacancy emission rate exceeds the net influx of irradia-
tion-produced vacancies, the net result being a shift in the
peak swelling temperature. Electron irradiation has been
used primarily to study microstructural changes, often with
tests conducted in situ. Much ion-irradiation work on fer-
ritic/martensitic steels has involved the study of helium ef-
fects, either by dual-beam (heavy ion/helium) irradiations
[14-18,52,61-63] or by pre-injecting helium before the heavy-
ion bombardment [62,64]. Triple-beam irradiations with hy-
drogen ions as the third beam have also been used [17].
Dual-beam experiments by Mazey et al. [15] demonstrated
the low-swelling character of ferritic/martensitic steels by ir-
radiating several austenitic stainless steels and nickel-base al-
loys along with the FV448, FV607, CRM 12, and FI fer-
ritic/martensitic steels. The authors concluded that the

ferritic/martensitic steels are low swelling relative to the
other materials, and that “gas concentrations appropriate to
fusion-reactor conditions do not induce an enhancement in
swelling relative to fission neutron irradiation.” Similar re-
sults were obtained in an ion-bombardment experiment of an
Fe-10Cr binary alloy following helium injection. A high den-
sity of voids developed during ion irradiation, and Mazey et
al. used this observation to explain the low swelling in terms
of the ultra-high dislocation densities generated in the
martensite transformation, which are then stabilized by car-
bide precipitates and helium gas bubbles [15].

Gilbon and Rivera [10] compared ion, electron, and neu-
tron irradiation. They used TEM to examine the five com-
mercial ferritic steels, EM10, HT9, DIN 1.4914, EM12, and
F17 after dual-beam (He*/Fe™) frradiation at 450, 500, and
550°C, EM10 and EM12 after 1 MeV electron irradiation at
400, 450, and 500°C, and EM12 and F17 after irradiation in
the Phénix fast reactor at 400 to 500°C. The dual-beam irra-
diations to 100 dpa and 20 appm He/dpa produced mi-
crostructures with small helium bubbles after irradiation to
500°C, with the size (2.2 to 3.1 nm) and number density (=1
X 10'7 cm3) of the bubbles only weakly sensitive to the type
of steel, even though the chromium concentration ranged
from 9 to 17% and the microstructures ranged from =~100%
tempered martensite (HT9, EM10, and DIN 1.4914) to the
duplex structure of tempered martensite and &-ferrite
(EM10) to 100% ferrite (F17). Bubble size increased slightly
and number density decreased slightly with temperature, but
the bubble volume fraction was relatively independent of
temperature. Voids were only observed at ~500°C. The high-
est swelling resistance of the three tempered martensitic
steels was observed for EM10, with the HT9 showing the
highest swelling, although it was still very low at 0.06%. The
F17 showed no indication of cavity formation [10].

Results for the electron irradiation of the EM10 and EM12
were similar to the dual-beam tests in that the swelling rate
was <0.1%/dpa, with the EM10 having the best swelling re-
sistance [10]. One difference between ion and electron irra-
diations of the EM10 was that voids appeared after electron
irradiation to 5 dpa with a saturation value of 10'%cm?, com-
pared to no voids in the ion irradiations even after 100 dpa.
Swelling resistance in the 3-ferrite and tempered martensite
constituents of the EM12 were similar [10].

Irradiations of the F17 in Phénix at 407°C to 80 dpa re-
sulted in a homogeneous distribution of voids (2.5 x 104
cm 2, 35 nm) to give a swelling of ~0.5% along with the pro-
duction of a high density of o’ precipitate [10]. Swelling be-
came negligible at 493°C. Void swelling in the EM 12 after 100
dpa at 413°C was =~0.55%, with little difference in the voids
in the ferrite or the tempered martensite. No voids were ob-
served after irradiation at 459°C, but chi-phase was observed
[10].

The authors [10] concluded that their dual-beam results
were in agreement with previous dual- and triple-beam irra-
diations {16,17,63]1 and mixed-spectrum reactor irradiations
[31-33] in that they observed “a high density of small bubbles
over a wide range of temperatures (300 to 600°C) and their
preferential distribution at dislocations and lath boundaries
for temperatures above 500°C.” In the dual-beam experi-
ments, the authors also compared tempered and untempered
DIN 1.4914 and found precipitate formation in the untem-
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pered steel but no void formation [10]. This was the only pre-
cipitation that was found for the ion irradiations, and the au-
thors observed that whereas dual-beam irradiations allow for
the simulation of helium effects, the reactor irradiations are
irreplaceable to determine possible degradation effects
caused by precipitation during irradiation [10].

Differences were observed between neutron irradiation
and electron irradiation by Little, who irradiated FV448 with
1 MeV electrons at 300 to 500°C to 2, 10, and 40 dpa [9].
Whereas a<100> loops formed during fast reactor irradia-
tion, a uniform dislocation network formed after electron ir-
radiation to 40 dpa. Rapid void nucleation was found in the
electron-irradiated steel; this high density of voids consti-
tuted a distribution of neutral sinks that affected the subse-
quent swelling behavior [9].

Ion irradiation was also used to examine the effect of steel
purity on swelling. Reduced-activation steels will need to be
produced from pure components to eliminate the small con-
centrations of deleterious elements such as Nb, Mo, Ag, etc.
Nagaszki et al. [65] investigated the effect of purity on helium
bubble formation in Fe-9Cr-0.1C steel produced with iron pu-
rified by floating zone (FZ) refining and commercial high-pu-
rity chromium. They compared the results with commercial-
grade (C-grade) Fe-9Cr-0.06C and Fe-9Cr-0.15C steels.
Results after 1000 appm He implantation at 0.2 dpa showed
that a higher density of smaller bubbles formed in the FZ-Fe-
9Cr-0.1C steel than the C-Fe-9Cr-0.06C and C-Fe-9Cr-0.15C,
with much larger denuded zones at prior austenite grain
boundaries for the latter two steels. The C-Fe-9Cr-0.15C had
a more uniform distribution of somewhat smaller cavities
than the C-Fe-9Cr-0.06C steel.

Based on previous work in which sulfur was added to high-
purity Fe-Cr alloys [66], the authors attributed the differ-
ences in the three steels to vacancy segregation to strain
fields of sulfide clusters or complexes (FeS, CrS, and MnS)
that then act as cavity nucleation sites. They cite carbon or ni-
trogen interstitials as nucleation sites in the high-purity steel
and for the lesser amount of large cavities in the C-grade Fe-
9Cr-0.15C steel. The larger denuded zones are related to the
sulfur-containing clusters that may be present in the C-grade
steels [65,66].

Swelling Mechanisms

Several explanations have been put forward for the superior
swelling resistance of ferritic steels relative to the austenitic
steels [6,7,14,21,26,33,62,67-72]. They include mechanisms
that depend on solute trapping [21,26,63], the character of
the dislocation loop structure [67,68], the lower relaxation
volumes of the body-centered cubic structure [69], and the
tempered martensite microstructure [33,62,72]. The model
based on the assumption of a lower dislocation bias for in-
terstitials in bece alloys than fec alloys because of a lower re-
laxation volume [69] has been questioned based on observed
growth rates [70] and computer simulation studies [73].
Little and Stow [20] studied the swelling of Fe-Cr (0, 1, 5,
10, and 15% Cr) binary alloys and observed a decrease in
swelling for chromium up to 5% followed by a gradual in-
crease from 5% to 15%. They explained their results by solute
trapping; they envisioned the suppression of the void nucle-
ation rate by the enhanced recombination of vacancies and

interstitials due to the trapping effects caused by the weak in-
teractions between chromium atoms and vacancies. The
swelling increase above 5% was attributed to depletion of
chromium caused by o' precipitation [20]. A similar explana-
tion was used for commercial steels [20]. Solute-atom trap-
ping involves both interstitial and substitutional elements
that bind preferentially to irradiation-produced point defects
(see Chapter 10 on radiation-induced segregation); it retards
the migration of the defects to sinks, thus enhancing va-
cancy-interstitial recombination. Solute-trapping effects
were also cited in other work on commercial steels [26].

Observations on ferritic/martensitic steels irradiated in a
fast reactor indicate that a<<100> dislocation loops form
within a network that consists predominantly of a/2<111>
loops [67]. It has been suggested that the a<<100>> loops have
a strong interstitial bias that results in the a/2<111> loops
becoming sinks for the vacancies [67,68]. Electron irradia-
tion studies verified that the a<100> loops have a strong bias
for interstitials, while the a/2<111> loops are essentially
neutral sinks [68]. These latter loops therefore become sinks
for the vacancies as well [74,75], thereby reducing the vacan-
cies available to cause cavity growth. Solute segregation was
also found to be stronger to the a<<100> loops in an Fe-10Cr-
1Ni alloy [74].

For Fe-Cr binary alloys with 3, 6, 9, 12, 15, and 18% Cr ir-
radiated in fast reactors up to 19 dpa at 400 to 540°C, Gelles
and Thomas found that the maximum swelling occurred for
the 9% Cr alloy, and the minimum occurred for the 3% Cr al-
loy [26,52]. Peak swelling corresponded with a network dis-
location structure of equivalent parts of a<100> and
a/2-2111> Burgers vectors, compared with predominantly
a<100> dislocation loops and some large a/2<<111> loops
and dislocations present in the alloys with 6, 12, 15, and 18%
Cr, which showed less swelling. Twelve ternary alloys with
Fe-10Cr to which respectively 0.1 and 1% Si, Mn, V, W, Ta,
and Zr were individually added to the binary composition
were irradiated to 30.5 dpa at 430°C [53]. With the exception
of the zirconium, the results indicated that swelling varied
linearly with solute atom size misfit between the solute and
the iron lattice for the 1% alloys. Dislocation loop evolution
for these alloys generally favored equal components of
a<100> and a/2<<111> Burgers vectors, but the 1% V alloy
promoted a<<100> and Zr promoted a/2<111> vectors. The
general conclusion was that radiation-induced solute segre-
gation controls the microstructural development, and it was
suggested that the solutes that segregated to dislocations and
cavities affected the dislocation bias and/or surface energies
[53].

For the 9Cr-1MoVNb and 12Cr-1MoVW martensitic steels
and the MA 956 and MA957 irradiated to 200 dpa in FFTF,
Gelles found regions in the steels with comparable void de-
velopment but with different dislocation structures [29]. The
general dislocation structure consisted of a<<100> loops and
a network of a/2<111> dislocation segments. However, in
some areas, the structure was primarily a/2<111>, which
may have been caused by nearby subgrain boundaries. From
the observation of similar void structures in both regions, it
was concluded that the void swelling was [29] “unaffected by
whether the dislocation structure contains a significant
a<100> component,” and the results were taken to [29] “in-
dicate that either the Burgers vector distribution has little ef-
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fect on swelling, or the magnitude of swelling is independent
of differences in dislocation response in isolated regions.”

The normalized-and-tempered microstructure of the steels
or the microstructure that evolves during irradiation has also
been cited for the swelling resistance [13,33,71]. The extensive
subgrain and lath boundary surfaces in martensitic steels can
act as neutral point defect sinks to reduce point-defect super-
saturation. Likewise, in the 12Cr steels, small irradiation-in-
duced o' precipitates that form during irradiation could act as
recombination sites for vacancies and interstitials [20]. That
is, '’ is thought to form as a coherent particle, so that vacan-
cies and/or interstitials could be trapped there and become
annihilated by recombination. An incoherent particle is re-
quired for the precipitate to act as a sink. The size and num-
ber density of precipitates and the dislocation structure
formed during tempering was used to explain the observation
that indicated 0.09 and 1.02% swelling for HT9 steel tempered
at 700 and 750°C, respectively [29]. A higher density of finer
precipitates and a higher dislocation density will be present
after tempering at 700°C than after tempering at 750°C. Fur-
ther, if precipitation is incomplete after the 700°C temper, fur-
ther precipitation during irradiation can lead to densification
that can offset swelling due to void growth [29].

Lee and Mansur [72] described bias-driven swelling behav-
ior in terms of the critical radius or the critical number of gas
atoms required to stabilize a cavity and allow it to continue
to grow by vacancy accumulation and a parameter Q that
measures the relative importance of the dislocation structure
and cavities as sinks for the irradiation-produced defects.

L

Q= 775N

(9.3)

where L is the dislocation density, T.. is the average cavity ra-
dius, and N_ is the cavity density.

Swelling resistance is greatest for microstructures with an
imbalance in Q (i.e., O << 1 or Q >> 1) and for any Q with
a very large N.. A Q << 1 occurs for a high density of cavities
and a low dislocation density and vice versa for Q >> 1.

According to Lee and Mansur [72], the more open struc-
ture of the bec lattice allows for a higher helium mobility,
which results in low rates of formation of helium-stabilized
cavities. Lower helium generation rates in both fast and
mixed-spectrum reactors is also important. With the result-
ing low N, (large Q), recombination is favored within the lat-
tice or at dislocations. The authors cited experimental evi-
dence that indicates cavity growth rates for ferritic/mar-
tensitic steels are similar to those of austenitic steels, indi-
cating that swelling of the ferritic/martensitic steels might be
expected to increase under conditions where more cavities
form to give Q =~ 1.

Equation 9.3 shows that if one type of sink dominates the
microstructure—either dislocations or cavities—then that
sink can act as a recombination center to inhibit swelling. A
high density of cavities generated early in the electron irradi-
ation process was used to explain a lower swelling rate for
FVv448 [9]. A high concentration of helium can lead to the nu-
cleation of a high number density of bubbles that act as neu-
tral sinks. This occurred in dual-beam irradiations of DIN
1.4914 that contained 1 and 10 appm He; the steel containing
the 1 appm He showed the most swelling [52]. Likewise, a high
density of helium bubbles acting as neutral sinks was used to

explain the reduced swelling in boron-doped 9Cr-2WVTaTi
steels [47]irradiated in FFTF. A cavity-dominated structure in
the ion-bombarded, helium-injected Fe-10Cr alloy was used
to explain the low swelling of this alloy [14]. Another demon-
stration of this effect was observed in an ODS Fe-13Cr steel
containing a high density of yttria particles simultaneously ir-
radiated to 50 dpa by 52 MeV Cr®* ions and 4 MeV a-particles
to 600 appm He [73]. Swelling in the ODS steel was less than
half (0.24 versus 0.49%) the swelling that occurred in a steel
without the yttria particles. The cavities were consistently as-
sociated with the yttria particles, which probably trapped the
helium that then acted as nuclei for the cavities [73].

Kim et al. [76] demonstrated the effect of microstructure
on swelling during dual-beam (3.2 MeV Fe* , 330 keV He™*)
irradiations to 50 dpa and 260 appm He at 650°C. They irra-
diated solution-annealed type 316LN stainless steel (SS), nor-
malized-and-tempered 9Cr-2WVTa steel, and three ferritic
ODS steels; the ODS steels were: Fe-17Cr-0.25Y,03 (17Y3),
Fe-12Cr-0.25Y,0;3 (12Y1), and Fe-12Cr-3W-0.4Ti-0.25Y,0;
(12YWT). The microstructures of these steels were quite var-
ied. The 316LN SS had clean grains with a dislocation den-
sity estimated at p << 10'>m/m?, compared to p < 10'> m/m?
for the 9Cr-2WVTa, which contained the typical large M,3C¢
precipitates. The dislocation densities of 17Y3, 12Y1, and
12YWT ODS steels were estimated at 10'%, 10'3, and 10'° to
10'® m/m 3, respectively. Average diameters of the oxide par-
ticles in the 12Y1 were estimated to be 10 to 40 nm at a num-
ber density of 10?° to 102! m™3, The particles in 17Y3 were
said to be larger and fewer than in 12Y1. Finally, in 12YWT,
the particles were small and numerous: 3 to 5 nm at a num-
ber density 1-2 X 10%* m~> [76].

Irradiation produced cavities (Figs. 9.7 and 9.8) and a mod-
ification of the dislocation microstructures. The 316LN SS
contained a bimodal distribution of bubbles (r < 0.5 nm) and
voids (0.5 nm = r < 100 nm), where bubble denotes gas-filled
cavities at or below the critical size, and void (cavity with a
helium pressure below equilibrium) denotes a cavity above
critical size that is growing by bias-driven vacancy absorp-
tion [Figs. 9.7(a) and (c)]. Bubbles (r < 0.5 nm) and voids (0.5
< r < 10 nm) were also detected in the 9Cr-2WVTa, but they
were mainly in recovered areas and smaller than in the
316LN SS [Figs. 9.7(b) and (d)]. Still smaller voids (r < 5 nm)
were observed in the 17Y3 [Figs. 9.8(a) and (d)] and 12Y1
[Figs. 9.8(b) and (e)] ODS steels, along with small bubbles. It
was concluded that the bimodal distribution developed (in
time) in the order of 316LN SS, 9Cr-2WVTa, 17Y3, and 12Y1.
Finally, bubbles with r < 1 nm (no bimodal distribution) “too
fine to count precisely” were detected in the 12YWT [Fig.
9.8(c) and (f)]; they were associated with the fine distribution
of particles and high density of dislocations at a number den-
sity of ~10%% to 10** m~3 [76].

These results indicated that the more complicated mi-
crostructures showed the least swelling. Most swelling oc-
curred in the relatively clean 316LN SS, followed by the 9Cr-
2WVTa on through the 12YWT with its high number density
of dislocations and particles. Furthermore, most of the void
or cavity growth (swelling) in the 9Cr-2WVTa occurred in the
highly recovered areas.

Therefore, it follows that the difference in void formation
between the austenitic and ferritic steels did not originate
from differences in crystal structure, point defect diffusivity,
migration energy, etc., but rather, it was caused by the dif-
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FIG. 9.7—Microstructure of (a) and (c) 316LN austenitic stainless steel and (b) and
(d) 9Cr-2WVTa martensitic steel at two magnifications after irradiation with 3.2
MeVFe*and 330 keV He* ions to 50 dpa and 260 appm He at 650°C [77].

ferent microstructures [76]. Based on the rate-theory model
(Eq. 9.3), it was suggested that the sink density (dislocations,
bubbles, precipitates, etc.) of the steel determines point de-
fect recombination and void formation and that the change
in bias due to change in microstructure could also be impor-
tant. Therefore, microstructure affects the length of the tran-
sient stage, and once sufficient bias-driven voids are nucle-
ated, the ferritic steels will swell [76]1.

This agrees with Garner et al. that the ferritic/martensitic
steels will swell at steady-state rates closer to those of
austenitic steels than previously thought, although the typi-
cal steady-state rates found by Garner et al. for the austenitic
steels (1%/dpa) was still four to five times greater than that of
ferritic steels (=0.2%/dpa) [56]. Garner et al. observed that
the steady-state rates of =0.2%/dpa and ~1%/dpa for ferritic

and austenitic steels, respectively, are in good agreement
with those predicted by the assumption of a lower dislocation
bias for interstitials in bee alloys than fec alloys because of a
lower relaxation volume [69].

It is generally agreed that none of the proposed mecha-
nisms completely explains the low-swelling observations
[6,7,77]. Odette [6] used a critical bubble-rate theory of
swelling to assess the possible mechanisms for the fer-
ritic/martensitic steels and concluded that “low bias, high
self-diffusion, and low helium generation rates, possibly cou-
pled with high subgrain boundary sink strengths, explain
most swelling trends observed to date.” He pointed out that
incubation periods could be reduced and swelling rates in-
creased under fusion conditions where the He/dpa ratios pro-
duced are much higher than in a fast reactor [6].
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FIG. 9.8—Microstructure of the ODS steels (a) and (d) Fe-17Cr-0.25Y,0; (17Y3), (b) and (e)
Fe-12Cr-0.25Y,0; (12Y1), and (c) and (f) Fe-12Cr-3W-0.4Ti-0.25Y,0s. (12YWT) at two magnifi-
cations after irradiation with 3.2 MeV Fe* and 330 keV He* ions to 50 dpa and 260 appm He at
650EC [77].
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Interfacial Segregation and
Precipitation During Irradiation

RADIATION-INDUCED SEGREGATION

The microstructural evolution in alloy systems during irradi-
ation at elevated temperatures is determined by, among other
factors, a non-equilibrium segregation process termed radia-
tion-induced segregation (RIS), which can occur as a conse-
quence of:

1. The strong interaction between solutes and the point de-
fects (vacancies and interstitial atoms) generated during
irradiation, resulting in coupled transport of the solute
atoms by the point-defect fluxes to and away from sinks,
such as grain boundaries, free surfaces, dislocations loops,
void surfaces, etc. The magnitude of the solute-point de-
fect binding energy determines whether the solute flow is
towards or away from the sinks. In general, undersize so-
lutes such as silicon and phosphorus in a-iron bind
strongly to the interstitials in a mixed dumbbell configura-
tion, resulting in a marked enrichment at sinks. Con-
versely, the oversize solutes (Cr and Mo in a-iron) are
weakly bound to vacancies and are depleted at sinks. These
processes have been modeled [1-3] using a simplified ana-
lytical method similar to that for thermally induced non-
equilibrium segregation [4,5]; however, these approaches
apply essentially to dilute alloys containing <1 at% solute,
and their accuracy is limited in many cases by the lack of
precise knowledge of the binding and migration energies
of the solute-point defect complexes.

2. The Inverse Kirkendall Effect, whereby the faster-diffusing
species exchange more often with the irradiation-induced
vacancies migrating to sinks than slow-diffusing species.
The fast-diffusing solutes are therefore depleted at sinks
while the concentrations of the slow-diffusing species in-
crease. This Inverse Kirkendall Effect due to vacancies has
been modeled with some success for both dilute and con-
centrated alloys using rate theory in which the elemental
distribution is obtained by the simultaneous solution of a
series of partial differential equations defining the fluxes
of all atomic species [6-12]. An Inverse Kirkendall Effect
due to interstitials, analogous to the effect of vacancies,
may also be expected [13]; the atom fluxes are in the same
direction as the defect fluxes in this case, but the contribu-
tion of this effect to the RIS process is uncertain at present.

The theoretical modeling and experimental observations
on RIS have been reviewed in several publications
[8,12,14-16]. The early work on RIS was carried out almost
exclusively on face-centered-cubic (fcc) alloy systems, such
as the Fe-Cr-Ni austenitic stainless steels [17-20]. It was es-
tablished, using analytical electron microscope techniques,
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that extensive local changes in chemical composition could
occur, leading to microstructural instability and precipita-
tion; thus, the sensitization and intergranular corrosion dur-
ing post-irradiation storage of the 20Cr-25Ni-Nb austenitic
steel used for fuel element cladding in the U.K. civil advanced
gas cooled reactors (CAGRs) have been attributed to RIS and,
in particular, the observed chromium depletion near grain
boundaries [21]. Increasing attention has subsequently been
devoted to the investigations of RIS in the body-centered-cu-
bic (bec) iron and steels. For example, intergranular segrega-
tion of phosphorus following irradiation has been observed
in Fe-P and Fe-Cu-P alloys [22], resulting in grain boundary
fracture, as well as in a nuclear reactor pressure vessel steel
weld metal [23] and in a 9Cr-1Mo martensitic steel [17].

The predicted RIS of silicon in a ferritic steel matrix is il-
lustrated in Figs. 10.1 and 10.2 [3] in terms of C/C,, where C
is the interfacial (grain boundary) solute concentration and Cg
is the concentration within the grains. The data demonstrate
that the magnitude and temperature dependence of the RIS of
silicon are dependent on the initial dislocation density (Fig.
10.1) and grain size (Fig. 10.2) as well as the displacement
dose and dose rate [3]. The model also predicts significant RIS
of phosphorus and nickel in ferritic steels [1,2], but the pre-
dictions in terms of the temperature dependence are not
strictly in accord with the experimental observations, possi-
bly as a result of concurrent thermally induced segregation.

Experimental observations and quantitative analyses of the
RIS at ferrite and prior austenite grain boundaries, marten-
site lath boundaries, precipitate/matrix interfaces, disloca-
tion loops and void surfaces in pure iron alloys and commer-
cial high-chromium martensitic steels have been made using
Auger Electron Spectroscopy (AES), Scanning Transmission
Electron Microscopy (STEM), and high spatial resolution
Field Emission Gun Scanning Transmission Electron Mi-
croscopy (FEGSTEM) coupled with Energy Dispersive X-Ray
Analysis (EDX) and Electron Energy Loss Spectroscopy
(EELS). The irradiation sources employed and the alloys and
steels studied include: high energy electron [24-27] and
heavy ion irradiation of pure Fe-X [24,26,28,29], Fe-12Cr-Y
[25-27] and multicomponent Fe alloys [25], electron irradia-
tion of JFMS steel [27], heavy ion irradiation of 1.4914 steel
[30], heavy ion [28,29] and neutron [31] irradiation of HT9
steel, neutron irradiation of FV448 steel [1,32-34], heavy ion
and neutron irradiation of 9Cr-2Mo and 12Cr-2MoVNbB
steels [35], and neutron irradiation of 9Cr-1W-2Mn and 12Cr-
1W-6Mn reduced-activation steels [36,37]. The RIS, as evi-
denced by the results of FEGSTEM examinations, is exem-
plified in Fig. 10.3, which shows the concentration gradients

Wwww.astm.org
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FIG. 10.1—Effect of initial dislocation density on the RIS of Si at the grain boundaries in
ferritic steel irradiated to 1 dpa at a dose rate of 1 x 1075 dpa s ™" [3].
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FIG. 10.2—Effect of grain size on the RIS of Si at the grain boundaries in ferritic
steel irradia*ed to 1 dpa at a dose rate of 1 x 10~% dpa s ". Initial dislocation density

was 1 X 10 lines m 2 [3].

for Cr, Ni, Si and Fe at the martensite lath boundaries in neu-
tron-irradiated FV448 steel [32].

Although some of the observations of RIS in the ferritic
and high-chromium martensitic steels are ambiguous, it has
been concluded [16] that the segregation is markedly depen-
dent on the displacement dose and the irradiation tempera-
ture in the approximate range 300 to 625°C and that (a)
chromium is generally depleted at the interfaces, (b) nickel,
silicon, and phosphorus are enriched at sinks, and (c) molyb-
denum and manganese may either be enriched or depleted at
the sinks. It is believed that silicon segregates according to
the first of the two mechanisms referred to above, while

nickel is enriched and chromium and iron are depleted at in-
terfaces as a result of the Inverse Kirkendall Effect.

PRECIPITATE PHASES

The fundamental processes which affect phase formation

and stability in alloys during irradiation include:

1. Displacement cascade-induced dissolution, disordering
and mixing, leading to phase decomposition and transfor-
mation.

2. Trradiation-enhanced diffusion.
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3. Radiation-induced segregation (RIS) of trace impurities
and alloying elements, as discussed in the preceding
section.

These processes have been considered and are briefly re-
viewed elsewhere [38,39].

The evolution of the precipitates in the high-chromium fer-
ritic and martensitic steels during irradiation is determined

by:

(a) The irradiation stability of the thermal phases produced
during the initial normalizing (or quenching) and tem-
pering treatments.

(b) Irradiation-induced modification of the phases which are
normally precipitated during thermal aging after the ini-
tia] heat treatment.

(c) Irradiation-induced formation of new, non-equilibrium
precipitate phases.

The effects of energetic neutron and charged particle irra-
diations on the precipitate phase evolution in pure iron-
based alloys and the high-chromium ferritic/martensitic
steels have been documented in the many publications refer-
enced later in this section. In addition, the experimental ob-
servations and their interpretations have been periodically
reviewed [16,40].

The phases formed in the high-chromium martensitic
steels during initial heat treatment have been listed previ-
ously in Chapter 4 and include M,3C4, MX [(CrV)C, NbC,
etc.], M;X (usually Cr;N), and, in some steels, m-carbide
(MsC); Laves [Fe;(Mo,W)] and chi (X) phases may also be
precipitated during prolonged thermal aging at elevated tem-
peratures. The changes produced in these phases by irradia-
tion have been investigated by AEM examinations of 12Cr
(FI), 12Cr-1MoV (CRM12) and 12Cr-1MoVNb (FV448)
martensitic steels following exposure to 26 dpa at tempera-
tures in the range 380 to 615°C in DFR [41] and 9Cr-1MoVNb

(T91) and 12Cr-1MoVW (HT9) steels with and without addi-
tions of 1 and 2% Ni, after irradiation to 36 to 47 dpa in the
range 300 to 600°C in HFIR and FFTF [42-44]. The irradia-
tion produces coarsening and/or partial dissolution and mod-
ification of the composition of the M;;C, particles in the FI
and T91 steels at 420 to 460°C and at 300 and 400°C, respec-
tively, and at 600°C in the 12% Cr steels. Partial or complete
dissolution of the M,X and MX phases also occurs in the lat-
ter steels during the irradiation at 420 to 460°C. However, the
size and distribution of the MC precipitates appear to be un-
affected by the irradiation but, as described later, the Laves
phase is not always formed during irradiation. The nature
and magnitude of these irradiation-induced changes depend
on the steel composition and structure (fully martensitic or
duplex martensite plus 3-ferrite) and the irradiation temper-
ature and displacement dose.

The phases formed in the various high-chromium ferrous
alloys and ferritic and martensitic steels during irradiation
are listed in Table 10.1 [33,41-43,45-69]. It has been con-
cluded, based on comparisons of the microstructural obser-
vations on the 9 and 12% Cr steels doped with =2% Ni and ir-
radiated in the mixed-spectrum (HFIR) and fast (FFTF)
reactors, that the He to dpa ratio has little influence on the ra-
diation-induced precipitation in these steels [40,42,43). The
principal observations on the precipitate phases are summa-
rized as follows:

Chromium-rich ferrite (o' )—High densities of fine (2 to 30
nm diameter) particles of this bee phase are usually produced
in tempered martensite (Fig. 10.4) [52] and duplex tempered
martensite plus §-ferrite steels containing =11 or 12% Cr dur-
ing neutron irradiation [41,47, 52-61]. This phase also forms
profusely in the ferritic 17% Cr steels [47,62,63] and binary
Fe-Cr alloys containing =10% Cr [41,45,46] or =6% Cr
[46,47] during neutron irradiation. In addition, o' is precipi-
tated in binary Fe-Cr alloys with much lower chromium con-
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FIG. 10.3—Typical concentration gradients for Cr, Ni, Si, and Fe adjacent to a martensite
lath boundary in a 12Cr-MoVNb (FV448) steel irradiated to 46 dpa at 465°C [32].
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TABLE 10.1—Irradiation-induced phases in Fe-Cr Alloys and high-chromium ferritic/martensitic steels.

Irradiation
Precipitate | Alloy/Steel (Alloying element Reactor/ Temperature Dose
Phase in wt.%) Facility (°C) (dpa) Ref.
Fe-10 and 15Cr DFR 420 30 45
Fe-10 and 13Cr DFR 380-420 30 41
Fe-(6-18)Cr EBRII 400-450 25-60 46, 47
Fe-12, 15 and 18Cr FFTF 430 15 48
Fe-10Cr-(0.1-1.0) X .
(where X is Si, Mn, V, W, Ta FFTF 426 33.5 48
and Zr)
Fe-12Cr-1V FFTF ~420 10-115 49
Fe-12Cr-1VW
Fe->7.4Cr 16 MeV Protons 25 0.2-0.4 50
Fe-2.8(at)Cr HVEM (2MVe) | 500 and 600 | 12.5x 10*° em™ 51
12Cr-1MoV (CRM-12) ]
Ceich 12Cr-1MoVNb (FV448) DFR 380-615 30 4
A R I L I
12Cr-1MoVW (HT-9) J4MEV Niions | 300-600 200 53
PHENIX 400-530 30-116 54
13Cr-2MoVNbB BOR 60 450 4.5 x 10%* nm™ 55
330 (>0.1 MeV) 56
12Cr-2.0-6.6Mn-1MoVNb FFTF 420-600 9.8-48.2 57
12Cr-6.5MnV 49, 58
12Cr-6.5MnVW FFTF =420 15-209 59
12Cr-2WVTaN (JLF-5) 425 36 60
FFTF 390-600 35 61
12Cr-2WVTaTiN (JLF-6) 425 36 60
17.6Cr (430F) EBRII 425 and 510 25-60 47, 62
17Cr (F-17) PHENIX 400-540 78-100 54,63
12Cr-1MoV (CRM-12)
12Cr-1MoVNb (FV448) DFR 380-460 30 41
12Cr-1MoVNb (FV448) PFR 465 28-46 33
9Cr-1MoVNb+2Ni HFIR 400 37 4243
12Cr-1MoVW (HT9) FFTF 407 47 64
X 12Cr-1MoVW+2Ni HFIR 400 37 42,43
MeX (n) 7Cr-2WVTaN (JLF-3)
9Cr-2WVTaN (JLF-1) FFTF 425 36 60
9Cr-2WVTaTiN (JLF-2)
12Cr-1MoVNb (FV448) 419 79
12Cr-1MoVW (HT9) PHENIX 419 79 54
11Cr-0.8MoNiVNb (1.4914) 429, 459 68, 50

tents and at low temperatures during irradiation at high
damage displacement rates with high-energy electrons [51]
and protons [50]. The o’ is enriched mainly in chromium and
molybdenum, but with smaller levels of silicon and iron, the
composition (wt%) for the phase in irradiated 12Cr-1MoVW
(HT9) steel being reported as Cr, 13Mo, 8Fe, 3Si [47].

As noted previously in Chapter 4, the precipitation of co-
herent particles of a’ during thermal aging at temperatures of
=~475°C induces severe embrittlement of steels containing
=14% Cr [70,71].

MsX (nj—This diamond cubic phase is found in some unir-
radiated thermally aged high-chromium steels and is often
detected in the form of fine and coarse precipitates in irradi-

ated martensitic steels containing =0.3% Ni (Fig. 10.5)
[40,43]. It appears that the n precipitates replace some of the
coarse “as-tempered” M;3C¢ or M,X particles, which are par-
tially dissolved during irradiation [41]. The phase is reported
to be enriched in Si, Cr, Ni, and P [16,42], the analyzed com-
positions (wt%) in the irradiated steels being 17Si, 32-39Cr,
15Fe, 16-27.5Ni, 6Mo, 5V, 2.5Mn [12Cr-1MoV (CRM12) and
12Cr-1MoVNb (FV448)] [41] and (at%) 18.4-25Si, 48-64.2Cr,
7.0-7.3Fe, 1.0-2.1Ni, 2.4-2.9Mo, 0.7-6.2V, 0.8-1.1Ti, 0.7-1.2
W, 0.2-4.6Nb [12Cr-1MoVW (HT9)] [42,43,64].

The 7 phase has not been observed in the 9Cr-1Mo (EM10)
and 9Cr-2MoVNb (EM12) steels after irradiation in PHENIX
to 47 dpa [63]; however, it has been detected as a fine (=10
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TABLE 10.1—Continued.

Irradiation
Precipitate Alloy/Steel (Alloying Reactor/ Temperature Dose Ref.
Phase element in wt.%) Facility (°C) (dpa)
12Cr-1MoV (CRM-12) - al
12Cr-1MoVNb (FV448) DFR 420-460 30
9Cr-2Mo (EM12) 425 and 510 _
12Cr-1MoVW (HT9) EBRII 450-540 25-60 47,62
9Cr-IMoVNbD (T91) _ - ©
12Cr-IMoVW (HT9) FFTF =420 =35
9Cr-IMoVNb+2Ni
o PO IMOVWANG HFIR 400 and 500 36-39 42
G0 9Cr-2Mo (EM12) PHENIX 430460 50-100 54,63
9.76Cr-2.4MoNiVNb HFIR 500 34-57 65, 66
12Cr-4.7Mn-1MoVNb
12056 6V IMOVNE FFTF <420 14.4-48.2 57
12Cr-6.6MnV ,
12Ce 6 MW FFTF <420 203-209 59
12Cr-1MoVW (HT9) | 14 MeV Ni ions 500 200 53
12Cr-1MoVW (HT9) EBR II 400 and 425 25-60
; HFIR 300 and 400 10-12 47
13.4Cr-0.26Mo (416) EBR II 425 25-60
G 12Cr-IMoVW (HT9) HFIR 500 38 42, 64
12Cr-1MoVND (FV448) ]
Plate and Weld HAZ PFR 463 28-46 33
VEC
12Cr-IMoVNb (FV448) | 55 o o 425-625 100 67
9Cr-2Mo (EM12) EBR II 650 25-60 62
8Cr-2WVTa (FS2H) FFTF 750 37 68
9Cr-2WVTaTiN (JLF-2) FFTF 600 33 69
Laves 7Cr-2WVTaN (JLF-3)
9Cr-2WVTaN (JLF-1) FFTF 425 36 60
9Cr-2WVTaTiN (JLF-2)
12Cr-2WVTaN (JLF-5) FFTF 520 35 61
Sigma (o) llzzg_'lll\l;[’[:‘v,] ﬂ(cg:l\f/ﬁg) DFR 420 and 460 30 41
Fe-13 Cr
M;P 12Ce- 1MoV (FV448) DFR 420 and 460 30 41
MP 12Cr-IMoVNb (FV448) DFR 460-615 30 41

nm) Ta- and W-rich matrix precipitate in 7Cr-2WVTaN (JLF-
3), 9Cr-2WVTaN (JLF-1) and 9Cr-2WVTaTiN (JLF-3) steels
irradiated in FFTF at 425°C to 36 dpa [60].

Chi (X)—Fine and coarse dispersions of this bcc inter-
metallic phase are formed heterogeneously in many high-
chromium martensitic steels during irradiation in mixed-
spectrum or fast reactors (Fig. 10.4) [41,42,47,52,57,59,
62,63,65,66]. However, the phase has not been detected in the
9Cr-1Mo (EM10) steel irradiated in PHENIX at 460°C to 83
dpa [63] and the F82H and other reduced-activation 9 and
12Cr-2WVTa steels irradiated in FFTF at temperatures in the
range 365 to 750°C to doses up to 40 dpa [52,60,61,68,69].
Furthermore, while this phase was not found in earlier in-
vestigations on 9Cr-1MoVNDb (T91) and 12Cr-1MoVW (HT9)
steels exposed in HFIR [42], more recent work using
STEM/EDX techniques has shown that very high number

densities of fine (13 nm) coherent particles of the chi phase
are produced in these steels during FFTF irradiation at 420°C
to =35 dpa [52].

The absence of the chi phase formation in the irradiated re-
duced-activation steels has been tentatively ascribed to the
lower diffusivity of tungsten compared to molybdenum in
ferritic steels and/or the greater stability of the M3Cs (possi-
ble source of molybdenum in the chi-phase) in the tungsten-
containing steels [52]; these observations are in agreement
with experimental evidence and the results of thermody-
namic calculations on the Fe-Cr-Mo [72] and Fe-Cr-W [73]
ternary alloy systems.

The possible effect of molybdenum can also be seen in the
comparative amounts of chi phase found in the tempered
martensite of the 9Cr-1MoVNDb (T91) and in the duplex (tem-
pered martensite and 3-ferrite) structure of 9Cr-2MoVNb
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(EM12). Small (13 nm) particles were seen in the 9Cr-
1MoVNDb, compared with more massive amounts in the
EM12, where it was observed in both martensite and 8-ferrite
(Fig. 10.6) [63].

The chi phase is enriched in iron, silicon, and nickel and
contains significant amounts of molybdenum and phospho-
rus [Fig. 10.7(a)]. The following compositions (wt.%) of the
chi phase in irradiated steels have been reported: 16Si, 24Cr,

-

FI1G. 10.4—Photomicrograph showing the o’ and chi phase
in 12Cr-1MoVW steel irradiated in FFTF at 420°C to =35 dpa
[52].

43Fe, 7Ni, 4Mn, 3Mo, 3P [12Cr-1MoV (CRM12) and 12Cr-
1MoVNDb (FV448)] [41], 6Si, 26Cr, 7Ni, 5Mo, 3.15Nb, bal Fe
(HT9) [47] and 16Si, 24Cr, 51Fe, 1.35Ni, 13Mo, 0.8 V (EM12)
[63].

G phase—Earlier investigations showed extensive precipi-
tation of this complex fcc silicide phase in the 12Cr-1MoVW
(HT9) steel irradiated to 25 to 60 dpa at 400 to 425°C in EBR
II and 10 dpa at 300 and 400°C in HFIR [47]. However, par-
ticles of this phase were only found infrequently or not at all
in AEM studies on the HT9 steel irradiated at 400 and 500°C
to 36 to 38 dpa in HFIR [42,43], 9Cr-1MoVNb (T91) steel ir-
radiated in the range 300 to 600°C to =39 dpa in HFIR [44]
and at ~400°C to 47 dpa in FFTF [43], and in 12Cr-MoVNb
(FV448) steel plate samples exposed in DFR [41].

In more recent observations on FV448 steel plate and weld-
ment specimens irradiated in DFR to 28 to 46 dpa at 465°C,
the precipitation of G phase has subsequently been detected
in the parent plate and nucleated on dislocation networks in
the large 8-ferrite grains in the HAZ of FV448 steel weldments
irradiated to 28 to 46 dpa at 465°C in DFR [33]. The G phase
was reported to have an almost ideal Mn;Ni;¢Si;; composi-
tion [42,64], somewhat different from that found in the ear-
lier work (Ni, 24.1Fe, 12.7Si, 8.7Mn, 3.8Mo, 1.9Cr) [47].

Laves phase—The Laves (Fe;Mo type) phase is not always
found in the high-chromium martensitic steels after irradia-
tion although, as described in Chapter 4, it forms extensively
during thermal aging. Thus, the formation of this phase is
suppressed in the 9 and 12Cr-1MoVNDb (T91 and FV448) and
12Cr-1MoVW (HT9) steels during irradiation at tempera-
tures in the range 300 to 615°C [41,43,44]. Nevertheless, it
has been observed in the 12Cr-1MoV (CRM12) [41] and 9Cr-
2MoVNDb (EM12) [63] steels following irradiation at 615 and
650°C, respectively, but the composition (wt%), 6Si, 4P,
20Cr, 46Fe, 17Mo, 2.5Mn, 1.5V, 1Ni, is modified relative to
that produced thermally [41]. There is only one recorded in-

150 nm

FIG. 10.5—Transmission electron microscope photomicrographs showing fine
MsC (77) formed in 9Cr-1MoVNDb-2Ni steel irradiated in FFTF at 407°C to ~47 dpa, (a)
in-foil and (b) on a carbon film extraction replica [43].
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FIG. 10.6—Transmission electron microscope photomicrographs showing massive
amounts of chi phase formed in the &-ferrite (left) and tempered martensite (right) of 9Cr-
2MoVNb (EM12) steel cladding irradiated to ~40 dpa at 459°C in PHENIX [63].
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FIG. 10.7—Micrographs of replicas and XEDS spectra of chi and Laves phases from 10Cr-2MoVNb steel irradiated in HFIR
to 34 dpa at 500°C: (a) chi phase and (b) and (c) Laves phase [45].

stance of Laves (Fe,Mo) phase precipitation at temperatures
below 600°C, namely in 10Cr-2MoVNb (JFMS) steel irradi-
ated in HFIR at 500°C to 34 and 57 dpa [65]; the composition
of the phase is again significantly different from that of the
thermally induced phase as seen in the comparison of the
spectra in Fig. 10.7(b) and (c¢) for the irradiated steel with Fig.
10.8 for the aged steel [65].

However, grain boundary and matrix precipitation of the
Laves phase (Fe;W type) occurs in the reduced-activation
7Cr-2WVTaN (JLF-3), 9Cr-2WVTaN (JLF-1), 9Cr-2WVTaTiN
(JLF-2), and 12Cr-2WVTaN (JLF-5) steels during FFTF irra-
diations to 33 to 36 dpa at 425 to 600°C [60,61,69] and in the
8Cr-2WVTaB (F82H) steel to 37 dpa at 750°C [68]. It has been
suggested that the TTP curve for the Laves phase precipita-
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FIG. 10.8—Micrographs of XEDS spectra of (a) smaller and (b) larger particles of Laves phase on extraction
replica from 10Cr-2MoVNb steel thermally aged for 5000 h at 500°C [65].

tion in the F82H steel (Fig. 10.9) is shifted to higher temper-
atures by the irradiation [68].

Minor phases—Sigma (o) phase (Fe-Cr enriched in Si, Ni
and P) has been observed to form as large sheets and thin rib-
bons surrounding M,3C¢ particles in 9-13% Cr martensitic
steels after irradiation at 420 to 460°C in DFR [41]. In addi-
tion, Cr3P needles and MP (where M is Fe, Cr and Mo) parti-
cles have been detected in the 13Cr (FI) and 12Cr-1MoVNb
(FV448) steels after the DFR irradiations at 420 to 460°C and
460 to 615°C, respectively [41].

While trace amounts of M,X produced in the steels during
tempering may persist after irradiation [42], there is evidence
that this phase forms within the 3-ferrite grains, on disloca-
tions in the tempered martensite laths and at the prior
austenite grain boundaries of the duplex 13Cr-2MoVNbB
steel during irradiation at 330 to 550°C [55,56].

The formation of these phases during irradiation may be
rationalized in terms of the strong RIS of alloying and impu-
rity elements to point defect sinks in the steels [16,40]. The
MgX (), chi (X), G, and sigma (o) phases are all enriched in
silicon and nickel, elements which are known to segregate to
interfaces during irradiation. With the possible exception of
G-phase, these irradiation-induced phases, as well as the
chromium-rich ferrite (a’), are also chromium rich. Since
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FIG. 10.9—TTP diagram for Laves phase formation in unirra-
diated thermally aged and FFTF-irradiated 8Cr-2WVTaB (F82H)
reduced-activation steel [68]. ¢ M,3C¢ and * Laves phase identi-
fied after irradiation.
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chromium is invariably depleted near voids and at other in-
terfaces which act as point-defect sinks [74], it follows that in
steels containing =11 or 12% Cr, the chromium enrichment
within the matrix may lead to local concentrations exceeding
those (=14%) at which o’ forms thermally. Furthermore, en-
richment of the chromium may also result from the partial
dissolution of chromium-rich precipitates such as M,3C¢ dur-
ing irradiation, leading to an increase in the local chromium
supersaturation and thus, for example, the observed nuclea-
tion of MgC on the M,3C4 particles [41]. In addition, it is
evident that RIS of phosphorus leads to the formation
of phosphides in some of the irradiated steels. The irradia-
tion-induced point defect clusters and dislocation loops may
also facilitate and enhance the nucleation of these new
phases.
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Irradiation Creep

Creep is defined as the time-dependent plastic deformation
that occurs under the influence of a constant applied stress
(although most tests are conducted with a constant load). At
elevated temperatures, it is referred to as thermal creep. De-
formation processes that operate during thermal creep in-
clude (1) dislocation climb in combination with dislocation
glide that leads to slip, (2) dislocation climb that leads to sub-
grain formation, (3) grain boundary sliding, and (4) grain
shape change by diffusional processes. The first two pro-
cesses are the most important for the thermal creep of the
high-chromium ferritic/martensitic steels at normal operat-
ing temperatures (<600°C).

Time-dependent plastic deformation can also occur under
the influence of the simultaneous application of stress and ir-
radiation. Thermal creep becomes significant for irradiation
at temperatures =0.5 T, (T, is the absolute melting temper-
ature), but irradiation creep can be significant at much lower
temperatures. However, as noted by Harries [1], “the strain
rate measured during irradiation, relative to that determined
in an unirradiated specimen in a laboratory test, is a function
of the true (flux dependent) irradiation creep and the (fluence
dependent) hardening (reduced creep rate) or softening (in-
creased creep rate) resulting from accumulated irradiation-
induced defect damage and/or microstructural changes.” As
is the case for thermal creep, dislocation climb and glide play
a prominent role in the deformation processes that occur
during irradiation creep.

THEORY

Irradiation creep involves stress-induced processes that en-
hance the annihilation of irradiation-produced point defects
[1-6]. In general, the deformation processes involve the
stress-induced absorption of irradiation-produced point de-
fects on dislocations that cause the dislocations to climb,
which can subsequently lead to glide of the dislocations. For
irradiation creep to occur, the absorption of point defects at
dislocations must be asymmetric, for if vacancies and inter-
stitials were partitioned equally, annihilation would occur
without climb, and there would be no creep. Proposed
mechanisms for irradiation creep include swelling-driven
creep (I-creep) [2], Stress Induced Preferential Absorption
(SIPA) creep [3-5], and Preferred Absorption Glide (PAG)
creep [6].

I-creep involves climb-enabled glide that occurs because
dislocations have a slight bias for interstitials, and these in-
terstitials induce dislocation climb; the excess vacancies are
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incorporated in voids [2]. Under the influence of a stress,
pinned dislocations can bow out to give an increment of
elastic strain. The bias-driven interstitials at dislocations
can cause them to climb around the pinning obstacles and
glide until they encounter another obstacle and are again
pinned. Each time this process is repeated, an increment of
creep strain occurs, with the creep rate depending on the
climb velocity. The creep rate for I-creep, &1, can be written

as [7]
172
é[ = b (%) &$

where b is the Burgers vector, L is the dislocation line den-
sity, $ is the swelling rate, and ¢ is the creep strain. Since ¢
=a/E, where ¢ is stress and E is Young’s modulus, it follows
that there is a linear relationship between strain rate and
stress [2].

In SIPA creep, dislocations are assumed to be sinks for
both vacancies and interstitials, but there is a slight bias for
interstitials to be absorbed by dislocations with their Burgers
vectors aligned with the stress axis. This preferential absorp-
tion due to the stress-induced higher capture efficiency of the
dislocations with properly aligned Burgers vectors causes
dislocation climb and deformation in the stressed direction.
The creep rate for SIPA creep, ggipa , can be written as [7]

EsiPA = %QLDiCiAZJd

(11.1)

(11.2)

where ) is the atomic volume, D; is the diffusion coefficient
for interstitials, C; is the concentration of interstitials, and
A7¢ is the difference in capture efficiencies for interstitials
with aligned and nonaligned dislocations; AZ{ is propor-
tional to stress, making sgppa linear in stress [7].

PAG creep is due to climb-enabled glide; that is, first, the
dislocations climb around obstacles by the SIPA process, af-
ter which the dislocations can glide under the influence of the
applied stress until they are again stopped by an obstacle. For
this mechanism, the creep rate, gpag, is given by [7]

épAG :g_f) (’H'L)Uz QD]CIAZ? (1 13)
where again ¢ =o/E and AZ{ is proportional to o, thus pro-
ducing a quadratic dependence on stress for PAG creep. Be-
cause of this higher-order dependence on stress, PAG creep
becomes more important as the stress increases [6]. For de-
tails on these mechanisms, the reader is referred to the orig-
inal literature [2-6] and a recent review [8].

Wwww.astm.org
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MEASUREMENT TECHNIQUES

Several techniques have been used to measure irradiation
creep in a neutron-irradiation environment, including uniax-
ial tension, pressurized tubes, helical springs, and stress-re-
laxation techniques [1,9,10]. Creep strains can also be esti-
mated on reactor components {e.g., reactor pressure tubes
and sub-assembly wrappers) [1].

Instrumented uniaxial tension test machines have been
used, similar to those used for thermal creep. However, these
present difficulties (i.e., instrumentation within the reactor,
space required to accommodate the test rig in the reactor,
etc.) and have generally given way to more compact systems.

Helical tension springs are dead-weight loaded, and the ex-
tensions are periodically measured after removal from the re-
actor. In experiments in DFR, the coiled wire springs were
measured by x-radiography after irradiation [1,11].

Stress relaxation tests involve springs that are elastically
loaded and measured during periodic reactor shutdowns.
The change in stress is determined, and from this the creep
rate is calculated [1,10].

The most popular measurement technique is the use
of small, thin-wall pressurized tubes {20 to 40 mm long and
4 to 6 mm outer diameter) that are internally pressurized
with an inert gas to various hoop stresses [1,9,10]. Creep
strain is determined by removing the specimens from the re-
actor at intervals and measuring the tube diameter. An un-
stressed tube is irradiated to determine the amount of
swelling that occurs, and the diameter of the unstressed tube
is subtracted from that of the stressed tubes to determine the
creep strain. This ignores any stress-induced swelling or
swelling-induced creep that may have occurred, a good as-
sumption in most cases for ferritic/martensitic steels, since
they are low swelling.

Because of the different techniques used to apply a stress
to determine irradiation creep, a formalism is required to re-
late the data thus acquired. The following relationship is used
to relate an effective strain, e, to an effective stress, o.g, to
the stresses and strains measured in a test using the uniaxial,
helical spring, or pressurized tube techniques [1,121:

Eeff -—L—l_— 4ey,
ger 60 31 330y (114

where ¢ is the tensile strain and o the tensile stress in a uni-
axial test, v the surface shear strain and 7 the surface shear
stress in a helical-spring test, and &y, the hoop strain and oy,
the hoop stress in a pressurized-tube test.

IRRADIATION CREEP OF
FERRITIC/MARTENSITIC STEELS

In-reactor creep has been investigated for FV448, modified
9Cr-1Mo, Sandvik HT9, EM10, EM12, DIN 1.4914, and sev-
eral experimental reduced-activation ferritic steels over the
range 60 to 600°C, with some data on the HT9 obtained forra-
diation doses >200 dpa. Most of the experiments have been
carried out in fast reactors at temperatures from 400 to 650°C,
although, as discussed below, irradiation in HFIR has demon-
strated that creep can occur at temperatures as low as 60°C.
The initial irradiation creep tests on the ferritic/marten-
sitic steels were begun in various fast reactor materials pro-
grams in the late 1970s. An early study was on FV448 using
helical springs irradiated in DFR at 280°C (5.3 X 1077 dpal/s,
36.6 MPa) and 330 to 360°C (0.34 X 1077 dpa/s, 22.6 MPa)
[11]. Thermal creep was negligible, and at 280°C, the irradia-
tion creep rate exceeded that for thermal creep at 410°C. This
is seen in Fig. 11.1, which shows the normalized creep strain
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FIG. 11.1—Normalized creep strain (creep/unit stress) for FV448 and PE-16 [11].



(y/7) as a function of dose and indicates that the creep rate at
280°C reached a steady state that was linear with dose. The
steady-state rate (0.4 X 1072 Pa~! dpa™!) for the FV448 was
nearly an order of magnitude less than for cold-worked (2.2
to 4.3 X 1072 Pa~! dpa™!) or annealed (2.8-4.0 X 10" 12 Pa !
dpa~!) austenitic stainless steels. The creep rate was also less
than that for Nimonic PE16 at 280°C, which up until then
had the best creep resistance of any alloys that had been
tested [11].

In-reactor creep data are usually analyzed according to a
semi-empirical relationship between stress, ¢, and strain, &,
as [13]

& = Bo ot (11.5)

where the temperature effects are contained in B, the creep
coefficient or creep compliance with

B = Ae QRT (11.6)

where n and A are constants, ¢ is the irradiation flux, t is
time, Q is the activation energy, R the gas constant, and T the
absolute temperature. Alternatively, a relationship between
the steady-state creep rate and stress is often used:

&€ = B'o™¢ 11.7)
where B’ contains the temperature effect. A linear relation-
ship (n = 1) is often found, as was the case in Fig. 11.1.

Sandvik HT9 (12Cr-1MoVW) was the first ferritic steel con-
sidered in the U.S. fast reactor program [9,14~17]. Early
studies at nominal temperatures of 540 and 595°C compared
the creep resistance of normalized-and-tempered HT9 with
various austenitic stainless steels and various precipitation-
hardened alloys after different thermomechanical treatments
[9]. Irradiation was in EBR-II to nominal fluences of 2 and 4
X 10%2 n/em? (=10 and 20 dpa). The precipitation-hardened
alloys (A-286, M-813, Nimonic PE16, Inconel 706, and In-
conel 718) were the most creep resistant, followed by HT9,
and then the solid-solution alloys (AISI 310, AISI 330, AISI
316, and Ti-modified 316 stainless steel). A linear relation-
ship was found between creep rate and stress for the precip-
itation-hardened steels, but the HT9 and the solid solution al-
loys displayed some nonlinearity [9]. As discussed below, this
nonlinearity was probably caused by thermal creep, which
will occur at 540°C and above.

Chin [17] extended the studies on Sandvik HT9 irradia-
tions in EBR-II by irradiating pressurized tubes over the
range 400 to 650°C to 1 X 10?3 n/em? (=50 dpa). Figure 11.2
from Chin’s paper shows the equivalence of creep curves (¢ ¢
versus t and ot) for a control test and an irradiated test at
540°C and 50 MPa. Steady-state creep rates for the two spec-
imens were similar, with the only difference being a typical
primary stage for the uniaxial specimen and no primary
(transient) stage for the irradiated specimen [17]. To explain
the lack of a transient stage for the in-reactor creep, it was
suggested that “the appearance of an ultra-fine precipitate
within the martensitic laths” may be responsible [17].

All of Chin’s in-reactor tests displayed the linear behavior
without a transient creep stage as shown in Fig. 11.2 [17].
However, Wassilew et al. [18] found a transient stage in uni-
axial irradiation-creep tests on DIN 1.4914 steel, in which de-
formation was measured continuously during irradiation.
The latter tests did not measure a steady state. However, as
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pointed out by Chin, the tests of Wassilew et al. were made in
a fluence range that is below that of the first measurements
by Chin. Most pressurized-tube studies, such a Chin’s, do not
find a transient, probably because the first measurements are
made after the transient stage is complete.

Under conditions at low temperatures where there is little
effect of thermal creep, irradiation creep is relatively insensi-
tive to temperature. This is demonstrated in Fig. 11.3 for the
creep coefficient B [Eq 5] [17]: B is little changed below
=~500°C, after which it increases rapidly with increasing tem-
perature as thermal creep begins to dominate. The large in-
crease at elevated temperatures occurs because thermal
creep dominates in this regime.

A similar effect of temperature was observed by Puigh and
Wire, who irradiated pressurized tubes of Sandvik HT9, EM10
(9Cr-2Mo), and 2-1/4Cr-1Mo steel in EBR-II at 443, 505, and
572°C to =20 dpa [19]. At the two lowest temperatures, creep
deformation of the three steels was similar, and the steels de-
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formed less than type 316 stainless steel. However, at the high-
est temperature (572°C) where thermal creep dominated, the
less creep-resistant 2%Cr-1Mo steel showed much more defor-
mation than the two higher-chromium steels, which were
more creep resistant than the 316 stainless steel.

Irradiation creep behavior of EM10 and EM12 was deter-
mined after irradiation in Phénix [20,21]. A creep coefficient
of 6.1 X 1077 MPa~! dpa ! was obtained on EM12 tubes with
a hoop stress of 70 MPa and irradiated to =50 and 100 dpaF
(1 dpaF = 0.77 dpa) [20]. A similar coefficient (4.4 x 1077
MPa ™! dpa™') was obtained in further experiments at 400 to
490°C in Phénix for both EM10 and EM12 [21]. This com-
pares with a value 3-6 X 1076 MPa ! dpa™! for a cold-worked
15-15Ti austenitic stainless steel irradiated in the same ex-
periment (the 15-15Ti is more swelling resistant than type
316 stainless steel) [21].

Puigh and Garner irradiated HT9 and modified 9Cr-1Mo
steels to =50 dpa in FFTF at 400 to 540°C [22]. They found
no evidence of swelling, and the steels exhibited superior
creep resistance to that of 316 SS. Garner and Puigh [23]
later extended the FFTF studies on the HT9 and modified
9Cr-1Mo steels by irradiating in FFTF to =155 dpa at 403 to
426°C and to about half that value at 520 and 590°C. Figure
11.4 shows the diametral strains at 403 to 426°C as a function
of fluence [Fig. 11.4(a)] and hoop stress [Fig. 11.4(b)]. In Fig.
11.4(a), the stress-free curve indicates that swelling begins af-
ter a relatively long incubation period, with the 9Cr-1MoVNb
steel showing a little more swelling than the HT9. After the
highest fluence, however, the HT9 shows a little more creep
than the 9Cr-1MoVNDb. The authors stated that [22], “both al-
loys exhibit a linear stress dependence for hoop stress levels
=50 MPa and exposures =50 dpa, but there is a nonlinearity
at <50 MPa, suggesting that some stress-initiated process is
involved.” A linear dependence with stress was also observed
for creep at 520°C, but at 590 to 605°C, a stress exponent
greater than unity was observed. The latter tests are in the
temperature regime where thermal creep would be expected
to dominate for these steels.

Toloczko et al. [24] irradiated Sandvik HT9 and modified
9Cr-1Mo steels to =208 dpa at 400°C in FFTF (Fig. 11.5). For
a given stress, the HT9 displayed a higher deformation than
the 9Cr-1MoVND steel. Although the 9Cr-1MoVNb showed
the highest swelling after 208 dpa (=2.4% compared to 1.1%
for the HT9), stress affected the swelling of the HT9 more
than the 9Cr-1MoVND [22]. The authors calculated a creep
coefficient for 9Cr-1MoVND steel as 6 X 1077 MPa ™! dpa™*
[24], which agrees quite well with the value obtained for
EM10 and EM12 [20,21]. Toloczko and Garner [25] exam-
ined the creep behavior of two heats of Sandvik HT9 irradi-
ated to 60 to 174 dpa and found some heat-to-heat variation.
In this case they found values for the creep coefficient of ~1
X 107 MPa~! dpa~"!, which they concluded was similar to
that of a variety of austenitic stainless steels irradiated in dif-
ferent reactors [25].

Herschbach and co-workers used a uniaxial creep test rig
in the BR2 reactor to study DIN 1.4914 at 450 to 600°C

[19,26,27]. The steady-state creep rate in units of dpa™! was
expressed according to
& =2.0x 10° g5 exp( ‘k3'°) (11.8)

where k is the Boltzman constant. The high stress exponent
was taken to mean that neither SIPA nor I-creep was oper-
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ating. Creep rates were one to two orders of magnitude
higher than for thermal creep, which had a stress exponent
of six. The high activation energy was unexpected, because it
was as high as for thermal creep. That result and the high
stress exponent was taken to mean that the irradiation creep
was just thermal creep accelerated by irradiation [26,27].
Jung and Afify [28] conducted in-beam uniaxial tensile
creep tests on 50 wm foil specimens of two heats of DIN
1.4914 at 400 to 537°C under the irradiation of 6.2 MeV pro-
tons. The primary creep stage in these tests extended beyond
the 0.56 to 0.76 dpa used in the tests. By continuing the tests
during beam-off periods, it was concluded that there was no
significant difference between the creep rate with and with-
out irradiation, which is different from Herschbach’s obser-
vations [26,27], but similar to Chin’s on HT9 [17]. However,
the authors [28] state that Chin’s observations were made at
strain rates not observable in their experiments. By compar-
ison with other tests [27], the stress dependence for these
variable-stress tests was concluded to be lower than for con-
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stant-stress tests. The results for the two heats of DIN 1.4914
used in these tests and heats used in other experiments [27]
indicated that a slight change in composition can affect the
results. Nitrogen, which ranged from 0.003 to 0.048, was sug-
gested as a possibility for this observation. Finally, in agree-
ment with Herschbach [27] and the high-stress data of Chin
[17], the activation energy dependence of the creep rate was
found to be 3.0 eV [28], which was below the value for ther-
mal creep of 4.6 eV [29].

In Table 11.1, irradiation creep coefficients are presented
for Cr-Mo steels irradiated with neutrons under conditions
where irradiation creep appears to be the dominant defor-
mation process. Where values in the original references were
presented in graphical form, coefficients were estimated for
the temperature range where irradiation creep was clearly
dominant (a constant coefficient). Given the different steels,
the different reactors, and different investigators, the varia-
tion in coefficients of 1.25 to 10 X 1077 MPa™! dpa~! would
appear to indicate that there is not much difference in the
creep behavior of the different steels. An average value near
5 X 1077 MPa ! dpa ! is probably a good estimate for such
ferritic/martensitic steels, which include both tempered
martensite and duplex tempered martensite and 8-ferrite mi-
crostructures. The data for the ferritic/bainitic steel (2%Cr-
1Mo) also fell in this range of coefficients.

Kohyama et al. [30] determined the irradiation creep of a
series of experimental reduced-activation Fe-Cr-2W-0.2V-
0.07Ta steels with 2.25-12% Cr irradiated in FFTF at =410,
520, and 600°C to =36 and 60 dpa. F82H (8Cr-2WVTa) was
also irradiated. The 2.25Cr steel exhibited the best creep re-
sistance, with the resistance decreasing up to about 7% Cr,
after which it again increased as the chromium increased to
12%. This is shown in Fig. 11.6(a) for a comparison of the
2.25Cr (JLF-4), 7Cr (JLF-3), 9Cr (JLF-1), 12Cr (JLF-5), and
F82H steels irradiated at 520°C. Figure 11.6(b) compares the
F82H (8Cr-2WVTaB) and the JLF-1 (9Cr-2WVTaN) after ir-
radiation at 460°C and indicates that F82H has less creep re-
sistance than JLF-1, although the JLF-1 was not irradiated at
120 MPa, the highest stress used for F82H.

Despite having limited data, an attempt was made to de-
termine an average creep coefficient for JLF-1 and F82H as a

TABLE 11.1—Irradiation creep coefficient for neutron-irradiated

steels.
Temperature
Maximum Coefficient
Steel Reactor Dose MPa 'dpa”!  Reference
HT9S* EBR-II  425-500°C 2x1077 [17]
50 dpa
HT9%* EBR-II 440, 500°C 5%1077 [19]
9Cr-2Mo*” 14 dpa 1.3x 1077
2%Cr-1Mo* 2.5 %X 1077
EM-12 Phénix  400-440°C 6.1 X 1077 [20]
100 dpaF
EM-10 Phénix  400-490°C 4.4 x 1077 [21]
EM-12 100 dpaF
HT9 FFTF 390-500°C 3.6%x1077 [22]
Mod 9Cr-1Mo 50 dpa 2.4 X 1077
Mod 9Cr-1Mo  FFTF 400°C, 5%x1077 [23]
208 dpa
HT9 (2 heats) FFTF 400°C, 1x10°° [24]
165 dpa
JLF-1¢ FFTF 390, 410, 1.5 x 1077 [30]
F82H“ 460°C

“Data were estimated from graphical data presented in the respective refer-
ences.
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and F82H is a 8Cr-2WVTaB steel [30].

function of irradiation temperature (Fig. 11.7) [30]. For the
analysis, it was assumed that n = 1.5 [Eq 5]. The peak near
700 K (430°C) in Fig. 11.7 reflects the swelling in this tem-
perature range [30]. The difference between F82H and JLF-1
at 520°C was concluded to be due to the lower tantalum and
nitrogen in F82H compared to JLF-1. The higher coefficient
for F82H at 600°C is due to the dominance of thermal creep
under these conditions, and a similar large increase would be
expected for JLF-1 under the same conditions. The creep co-
efficients for the 8 to 9% Cr steels were compared to that for
the 2.25 Cr steel and the coefficient for 2.25% Cr steel was an
order of magnitude lower, a result that was attributed to the
effect of tungsten on the stability of the carbides developed in
the low-chromium steel [30]. If the peak near 430°C is disre-
garded (high value was attributed to higher swelling at this

temperature), then the average creep coefficient estimated
from Fig. 11.7 is =1.5 X 1077 MPa~! dpa™!. This is at the
lower end of the range of values obtained from the Cr-Mo
steels (Table 11.1).

In these studies on the reduced-activation steels [30], a TIG
weld of an F82H tube pressurized to a hoop stress of 240 MPa
was irradiated to 25 dpa at 390°C. A 34% greater deformation
was observed for the weld than for the base metal (0.63%
strain for the weld versus 0.47% for the base metal).

Irradiation creep of steels irradiated in fast reactors
shows no large temperature effect (Fig. 11.3) in a tempera-
ture regime where the creep is primarily irradiation creep
(=370 to 500°C) [17]. Grossbeck and Mansur, on the other
hand, found a temperature effect for the creep of Sandvik
HT9 and an Fe-15Cr binary alloy irradiated to 8 dpa at 60,
330, and 400°C in the ORR (a mixed-spectrum reactor
where it is possible to irradiate at lower temperatures than
are possible in a fast reactor) [31]. In agreement with previ-
ous work, they found little difference in the creep coeffi-
cient of the specimens irradiated at 330 and 400°C. How-
ever, for specimens irradiated at 60°C, the creep rates were
6 to 18 times higher than at the two higher temperatures
(Fig. 11.8). Although contrary to the behavior expected from
thermal creep, such an inverse temperature relationship
caused by low-temperature irradiation has also been ob-
served in uranium at 220°C [32,33] and nickel and Zircaloy
at —195°C [34].

Since the low-temperature observations of Grossbeck and
Mansur [31] were not consistent with the SIPA and PAG
mechanisms, a mechanism was proposed [31,35] based on
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FIG. 11.7—Temperature dependence of the average
creep coefficient for JLF-1 and F82H steels [30].
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the difference in diffusion rates of vacancies and interstitials.
SIPA and PAG are based on steady-state concentrations of
point defects and predict a decrease in creep with increasing
temperature. At low temperatures, however, the time for va-
cancies to diffuse to sinks and reach steady state is longer
than the time of the experiment. The interstitials diffuse
more rapidly and can reach their sinks (dislocations). There-
fore, steady state is never reached. In contrast to elevated
temperatures where both vacancies and interstitials are ab-
sorbed at dislocations and cancel each other out except for
the small bias for interstitials at favorably oriented disloca-
tions, at low temperatures only the faster-diffusing intersti-
tials reach dislocations. The interstitials reaching disloca-
tions cause climb and thus cause an increased creep rate over
that at higher temperatures [31].

When Grossbeck et al. [36] irradiated HT9 in HFIR at 200,
330, and 400°C, they found that the enhanced creep found in
the 60°C experiments did not occur (Fig. 11.9), indicating
that the low-temperature phenomenon occurs somewhere
below 200°C. A linear dependence on stress was apparent at
330°C, but difficult to discern at 200°C because of limited
data and small strains [36]. At 400°C, the strain as a function
of stress shows an abrupt increase at the highest stress. The
authors state that the stress is higher than any used in previ-
ous investigations at this temperature, so the results could
not be compared to previous studies. It was concluded that
the observation is in agreement with a quadratic dependence
of irradiation creep deformation with stress predicted by the
PAG mechanism. It is envisioned that the SIPA mechanism is
dominant at low stresses, and PAG becomes dominant at
high stresses [36].

The above discussion involved conventional ferritic/mar-
tensitic steels. In some early studies in Europe, Vander-
meulen et al. [37] irradiated pressurized tubes of two devel-
opmental ODS ferritic steels that were of interest for fuel
cladding for fast reactors. One steel was strengthened by
TiO, (designated DT) and one by Y,05 (designated DY), and
they were irradiated with the commercial steels EM12 and
DIN 1.4914 in the Rapsodie Reactor at 400 to 500°C to a
maximum dose of 3.7 X 10?2 n/cm? These experiments
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were later extended to 80 dpaF [38,39]. Since ODS alloys
are designed for creep strength, differences between them
and conventional ferritic/martensitic steels might be ex-
pected. Parallel out-of-pile tests were conducted to deter-
mine thermal creep strains that could then be subtracted
from the in-pile strains to eliminate the thermal creep
component.

Although swelling in the ODS steels (<0.67%) was greater
than in the two commercial steels [38], the creep resistance
of the ODS steels was superior, being a factor of 2 to 5 lower
for a given stress and temperature. The creep of type 316 SS
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irradiated in the same experiment was three-to-four times
greater. Creep resistance for the ferritic steels decreased in
the order DY, DT, EM12, and 1.4914 [38]. As seen in Fig.
11.10, where the average creep coefficients (labeled K in the
figure) for the in-pile results are plotted against 1/T, the coef-
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FIG. 11.10—A comparison of the average creep coefficient
for in-pile creep as a function of 1/T for ODS alloys with TiO,
(DT) and Y03 (DY) with EM12 and DIN 1.4914 after irradiation in
the Rapsodie reactor [37].

ficients for the conventional steels increased with increasing
temperature, as observed by other investigators, while those
for DT and DY decreased.

After the out-of-pile creep component was subtracted from
the in-pile component, a coefficient for irradiation creep was
determined. This value turned out 1o be negative under vari-
ous conditions and increased slightly with dose (Fig. 11.11).
For the conventional steels, the irradiation-creep coefficient
increased slightly, but for the ODS steels, it increased up to
~450°C, above which it decreased, and above 475°C, it be-
came negative [38].

According to the authors [38], the increase in creep coeffi-
cient with temperature in the low-temperature regime is in
accordance with the literature. Above 450°C, thermal creep
dominates for the conventional steels, and the total creep in-
creases continuously with increasing temperature. For the
ODS steels, however, irradiation creep rate decreases above
450°C, and since the thermal creep in these dispersion-
strengthened steels remains low in this temperature regime,
the total in-pile creep rate actually decreases with increasing
temperature above 450°C. The authors summarized the be-
havior between 400 and 500°C as follows: “. . . the irradiation
creep of the DT, DY and even EM 12 steels is always quite low:
their coefficient is comprised between —25 and +20 x 10~%
MPa ! dpaF~! whatever the dose, the temperature, and the
internal pressure.”

The qualitative behavior of the ODS steels—decreasing ir-
radiation creep with increasing temperature—appears analo-
gous to the observations of Grossbeck and co-workers
[31,36], who noted a decrease in the irradiation creep of HT9
above 200°C. The explanation for the HT9 results involved
the movement of the interstitials relative to the vacancies, an
explanation that does not apply for the ODS materials. One
difference with the ODS steels is the high number density of
fine Y,0; and TiO; particles. The particle interfaces must act
as sinks and alter the portion of defects going to the disloca-
tions to cause irradiation creep.
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Irradiation Effects on Tensile

Behavior

The effect of neutron irradiation on the strength of fer-
ritic/martensitic steels depends on the irradiation tempera-
ture. Below 400 to 500°C (depending on the steel), irradia-
tion-induced microstructural changes lead to lattice harden-
ing, which causes an increase in the yield stress and ultimate
tensile strength and a decrease in the uniform and total elon-
gation (Fig. 12.1). The magnitude of the hardening (increase
in strength) decreases with increasing temperature until it
disappears between 400 to 500°C.

Limited data exist on the radiation-damage microstruc-
tures that develop during neutron irradiation below =400°C
[1,2]. Below =~0.35T,, , where Ty, is the absolute melting tem-
perature of the steel (T,, =1800 K), hardening is caused by
small interstitial and vacancy loops produced by irradiation.
Between =0.35 to 0.4T,,, hardening is due to the loops and
the dislocation structure that develops from the loops as the
temperature is raised, along with any irradiation-induced or
irradiation-accelerated precipitation that occurs. At temper-
atures above =0.4T., , diffusion is such that the irradiation-
induced defects anneal out and precipitates that form can
coarsen rapidly (i.e., normal thermal processes are enhanced
by irradiation). The temperatures at which these various pro-
cesses occur vary somewhat depending on the composition
of the steel (e.g., as discussed below, F17 steel continues to
show hardening up to 500°C, whereas steels like modified
9Cr-1Mo and HT9 show no hardening at 450°C).

Most of the work carried out to determine irradiation ef-
fects on strength have been on steels irradiated in fast and
mixed-spectrum reactors, with some other studies in test re-
actors where only low-fluence irradiations are possible. A few
tests have been made on steels irradiated in a 14 MeV neu-
tron source in an attempt to determine if there are differ-
ences in the damage caused by fusion and fission neutrons.

IRRADIATION HARDENING BY FISSION
NEUTRONS

Conventional Cr-Mo and Reduced-Activation
Steels

Irradiation hardening of the high-chromium steels can occur
for even low irradiation doses, as demonstrated on normal-
ized-and-tempered MANET II and normalized CETA steels
irradiated in the Saphir test reactor in Switzerland to 0.042
dpa at 250°C [3]. Tests at room temperature, 250, and 400°C
indicated increases in the yield stress and ultimate tensile
strength. For the room temperature tests, the yield stress in-
creased 14 and 23% for the MANET II and CETA, respec-
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tively (Ao, = 243 MPa for CETA and 93 MPa for MANET I,
where Aoy is the change in yield stress). The steels were also
irradiated to 0.13 dpa at 405°C. The tempered martensite mi-
crostructure of the normalized-and-tempered MANET II
steel again showed hardening. In the case of the quenched
CETA, however, softening occurred, because exposure was
for 1700 h, which provided time at the higher temperature for
irradiation-enhanced diffusion to accelerate the tempering
processes in the untempered martensite [3].

As an example of the effect of fast reactor irradiation for
doses more typical for irradiation studies for nuclear appli-
cations, the tensile properties for 9Cr-1MoVND steel are
shown in Figs. 12.2 and 12.3 for irradiation in EBR-II at 390,
450, 500, and 550°C to =9 dpa with tension testing at the ir-
radiation temperature (the specimens irradiated at 390°C
were tested at 400°C) [4]. Also shown are data for the unirra-
diated (normalized-and-tempered) steel and for steel ther-
mally aged at the irradiation temperature for 5000 h—the ap-
proximate time in the reactor.

At 390°C, irradiation caused an increase in both the 0.2%
yield stress and the ultimate tensile strength (Fig. 12.2). At
450, 500, and 550°C, there was little difference in strength
among the different specimens, indicating little effect of irra-
diation or thermal aging. The effect of irradiation on ductil-
ity reflected the effect on strength (Fig. 12.3). Uniform and
total elongations of specimens irradiated at 390°C were
slightly less than those of the unaged and aged controls. At
the three highest temperatures, no effect of irradiation was
observed [4].

Specimens of 12Cr-1MoVW (Sandvik HT9) steel were irra-
diated to 13 dpa in EBR-II in the same experiment as the 9Cr-
1MoVND steel [5]. Similar irradiation effects were observed:
hardening occurred at 390°C, and essentially no change oc-
curred at 450, 500, and 550°C.

Both the 9Cr-1MoVNb and 12Cr-1MoVW steels were fur-
ther irradiated in EBR-II to 23 to 25 dpa at the same temper-
atures [6]. At 390°C there was little change relative io the
steels irradiated to 9 to 13 dpa, an indication that the hard-
ening saturated by around 10 dpa or less. After irradiation at
450, 500, and 550°C, there was also little difference in the ten-
sile properties of the steels irradiated to the two different
doses [6], although there was an indication of irradiation-en-
hanced thermal aging occurring at 550°C.

The effect of irradiation temperature and fluence is further
demonstrated in Fig. 12.4 for MANET I steel irradiated to 5
and 10 dpa at 300, 400, and 475°C in HFR [7,8]. Hardening,
as measured by an increase in yield stress and ultimate ten-
sile strength, is greatest for the steel irradiated at 300°C, is
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FIG. 12.1—Schematic diagram of stress-strain
curves for ferritic steel in an unirradiated condition
and after irradiation in the temperature regime where
irradiation hardening occurs.

| T I
800 - ° 9Cr-1MoVNb STEEL ]
UNIRRADIATED  AGED  IRRADIATED
YIELD a -g. —O—
700 ULTIMATE & -m. - |
S TEST TEMPERATURE = IRRADIATION
s TEMPERATURE
— = AGING TEMPERATURE
2 600 :
L
[
o
500 - —
a
oe*"" b
400 |- -
1 | ]
400 500 600
TEST TEMPERATURE (°C)

FiG. 12.2-—Yield stress and uitimate tensile strength of nor-
malized-and-tempered, thermally aged, and irradiated 9Cr-
1MoVND steel. irradiation was in EBR-II to 0.9 dpa [4].

somewhat less for irradiation at 400°C, and shows no change
occurred for irradiation at 475°C. Note also that there was lit-
tle difference in the strength after irradiation to 5 and 10 dpa,
indicating the saturation of hardening with fluence. Tension
tests on the MANET steel irradiated in HFR at 250 and 350°C
to about 0.5 to 10 dpa indicated that rapid hardening oc-
curred up to =~1.5 dpa, after which it leveled off; saturation
was concluded to occur by <5 dpa [7,9]. Uniform and total
elongation were reduced after 10 dpa at 350°C, but some
work hardening capability was still maintained. Exposure to
5 dpa at 250°C had relatively little effect on ductility [9].
Gelles and Thomas [10] used transmission electron mi-
croscopy (TEM) to examine specimens of the same 9Cr-

1MoVNDb and 12Cr-1MoVW steels that were tested by Klueh
and Vitek after irradiation to 9 to 13 and 23 to 25 dpa (Figs.
12.2 and 12.3) [4-6]. In the normalized-and-tempered (unir-
radiated) condition, the 9Cr-1MoVND steel had a tempered
martensite structure that contained large blocky M;3C¢ pre-
cipitate particles along with a higher density of small, mainly
MC precipitates. After irradiation at 390°C, a high density of
dislocation loops and tangles formed [10]. Small, rod-shaped
precipitates identified as Cr,C and a small number density of
faceted voids were also found. For specimens irradiated at
500 and 550°C (none were examined after irradiation at
450°C), there was very little change in microstructure com-
pared to the unirradiated condition [10].

The TEM observations fit quite well with the observations on
tensile properties. Hardening is caused by irradiation-induced
dislocation loops and precipitation. Irradiation-produced
dislocation loops have their greatest effect for low-tempera-
ture irradiation, and the irradiation-induced precipitation
has its largest effect at irradiation temperatures of 350 to
400°C. The lack of a significant change in microstructure at
500 and 550°C is in conformity with the unchanged tensile
properties after irradiation or thermal aging at these temper-
atures. The strength decreases that occurred at the elevated
temperatures at higher doses [6] occurred by the same
thermal aging processes that occur in the absence of irradia-
tion, although irradiation-accelerated diffusion accelerates
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FIG. 12.3—Uniform and total elongation of normalized-and-
tempered, thermally aged, and irradiated 9Cr-1MoVND steel. ir-
radiation was in EBR-lI to 0.9 dpa [4].
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FIG. 12.4—Effect of fluence on the yield stress and ultimate
tensile strength of MANET 1 steel irradiated at 300, 400, and
475°C [7].

the processes (i.e., dislocation recovery, precipitate coarsen-
ing, etc.). Irradiation accelerates thermal aging because the
irradiation-produced vacancies enhance diffusion.

Yukitoshi et al. [11] irradiated a duplex (martensite and 3-
ferrite) low-carbon (0.06% C) 9Cr-2Mo steel in EBR-II to 3 X
10%® n/m? (=15 dpa) at 400, 450, 550, and 650°C and observed
a similar behavior to that of HT9 and modified 9Cr-1Mo
steel. Irradiation hardening occurred at 400 and 450°C, with
a slight decrease in strength at 550 and 650°C. Even when the
steel hardened, the failures were ductile, and the elongation
at the lowest irradiation temperature remained above 3% and
the reduction of area above 58%. Before irradiation, there
was only a minor amount of precipitation (unidentified) pres-
ent. Microstructural changes included some recovery at the
lowest temperatures, with more recovery, precipitation of
Laves phase, and growth of the Laves phase at the highest
temperatures. Significant Laves precipitation occurred in the
3-ferrite. No voids were observed [11].

Similar observations on hardening have been made on
these and other conventional Cr-Mo steels [12-18]. Little and
Stoter [12) measured the Vickers hardness of FV448, CRM-
12, and FI steels before and after irradiation at 380, 420, 460,
and 615°C and found hardening after irradiation at 380 and
420°C and softening at the two highest temperatures. They
attributed the softening to reduction of the dislocation den-
sity and the increase in subgrain size (recovery processes).
Hu and Gelles [13] found a similar effect for hardness mea-

surements on 9Cr-1MoVNb and 12Cr-1MoVW steels irradi-
ated to 13 and 26 dpa at 390, 450, 500, and 550°C in EBR-II.
Hardening occurred at 390°C, no change at 450°C, and some
softening at 500 and 550°C. These results were in agreement
with the tensile results for the same steels irradiated in EBR-
IT under similar conditions (Fig. 12.2) [4-6].

Wassilew et al. [14] irradiated DIN 1.4923 at room temper-
ature in BR2 to 1.9 X 10%® n/m? (up to 1 dpa). Specimens
were tested at room temperature, 400, 500, 600, 750, 820,
860, and 900°C. Considerable hardening occurred for the
room temperature tests and then decreased as the test tem-
perature increased. No hardening occurred for tests at 600°C
and above. Total elongation was slightly lower for the room
temperature test, but there was little difference at 